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This dissertation describes the recent advancements in micromechanical testing that inform how 

deformation mechanisms in austenitic stainless steels (SS) are affected by the presence of 

irradiation-induced defects. Austenitic SS is one of the most widely utilized structural alloys in 

nuclear energy systems, but the role of irradiation on its underlying mechanisms of mechanical 

deformation remains poorly understood. Now, recent advancement of microscale mechanical 

testing in a scanning electron microscope (SEM), coupled with site-specific transmission electron 

microscopy (TEM), enables us to precisely determine deformation mechanisms as a function of 

plastic strain and grain orientation. 

 

We focus on AISI 304L SSs irradiated in EBR-II to ~1-28 displacements per atom (dpa) at ~415 °C 

and contains ~0.2-8 atomic parts per million (appm) He amounting to ~0.2-2.8% swelling. A 

portion of the specimen is laser welded in a hot cell; the laser weld heat affected zone (HAZ) is 

studied and considered to have undergone post-irradiation annealing (PIA). An archival, virgin 

specimen is also studied as a control. We conduct nanoindentation, then prepare TEM lamellae 

from the indent plastic zone. In the 3 appm He condition, TEM investigation reveals nucleation of 

deformation-induced α’ martensite in the irradiated specimen, and metastable ε martensite in the 

PIA specimen. Meanwhile, the unirradiated control specimen exhibits evidence only of dislocation 

slip and twinning; this is unsurprising given that alternative deformation mechanisms such as 

twinning and martensitic transformation are typically observed only near cryogenic temperatures 

in austenitic SS. Surface area of irradiation-produced cavities contribute enough free energy to 

accommodate the martensitic transformation. The lower population of cavities in the PIA material 

enables metastable ε martensite formation, while the higher cavity number density in the irradiated 

material causes direct α’ martensite formation. In the 0.2 appm He condition, SEM-based 
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micropillar compression tests confirm nanoindentation results. A deformation transition map with 

corresponding criteria has been proposed for tailoring the plasticity of irradiated steels. Irradiation 

damage could enable fundamental, mechanistic studies of deformation mechanisms that are 

typically only accessible at extremely low temperatures.  
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1. INTRODUCTION 

To extend the life of commercial Light Water Reactors (LWRs) in the U.S. fleet, it is necessary to 

repair the cracking in both in-core and near-core structural components. Conventional welding 

methods, such as the gas tungsten arc (GTA) method, have attempted to fix these cracks [1,2]. The 

helium generated from nuclear transmutation reactions with the boron and nickel contained in the 

base metal increases as neutron fluence accumulates [3,4].The accumulated helium (He) over the 

operating range of the reactor raises a concern for He-induced cracking close to or along the weld 

boundary [5–8]. Because of the heat input and thermal stress from the conventional welding 

approach, the heat affected zone (HAZ) of the repaired welds is a vulnerable area for more extreme 

cracking. This exacerbated cracking is caused by He coalescence into bubbles, which complicates 

the whole welding repair process over various operating conditions with different levels of dose 

rates and He concentrations.  

 

To fulfill the demand of extended irradiation service, welding technologies should address this 

knowledge gap. Thus, an adaptive welding method—laser beam welding—should be adopted for 

repairing the LWR internals with different He concentrations and distributions. The low-energy 

input laser welding is proposed to minimize the stresses driving cracking and He coalescence at 

the weld boundary. Austenitic stainless steels (SSs) are the workhorse alloys and comprise most 

of the structural materials in the current fleet of LWRs. The mechanical integrity of these structural 

materials after long-term irradiation can lead to possible irradiation embrittlement and premature 

cracking. Given the potential for deterioration of He-induced cracking in the HAZ, the deformation 

mechanisms across the laser weldment need to be further assessed before they can finally be 

applied to the nuclear industry for actual laser welding repairs. Thus, a wide range of dose and He 

conditions are necessary for the validity of this technique. Moreover, at a fundamental scientific 

level, understanding the role of irradiation and laser welding on the deformation mechanisms is a 

central step toward tailoring the mechanical property via neutron and ion irradiation. 

 

The objective of this study is to determine the deformation mechanisms of the laser weld repairs 

on neutron irradiated 304 SS. A combination of microstructural characterization and mechanical 
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testing have been performed as a pre-characterization for the weldments. The follow-up 

characterization of the pre-deformed microstructure will be coupled with current deformation 

models to unveil the underlying mechanisms corresponding to each dose and He conditions. 

Chapter 2 of this dissertation focuses on the relevant background information, including details 

about the tested specimen, literature survey on the results of microstructure and mechanical 

properties of similar materials after neutron and ion irradiation, and current understanding of 

deformation mechanisms in austenitic stainless steels with and without respect to irradiation. 

Chapter 3 outlines the objective of this dissertation, and Chapter 4 includes a detailed description 

of the experimental procedures. Chapter 5 presents the results of the microstructural evolution 

between the irradiated and post laser-welded regions. Chapter 6 presents the results of the 

mechanical testing and shows the post-deformed microstructure. Chapter 7 reviews and discusses 

the experimental results and interprets the deformation mechanisms based on the post-deformed 

microstructure under irradiation and laser welding conditions. Finally, Chapter 8 provides a series 

of conclusions and recommends future work. 
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2. BACKGROUND 

 Significance of laser welding  

2.1.1 Laser beam welding 

Laser welding [9–14] has been widely accepted in various industries in recent years for its 

capability to obtain high-precision joints of materials with the least degree of  mechanical/thermal 

distortion. In general, laser beam welding is equipped with a high-energy laser source to cause 

localized melting [15]. This method has been validated for dissimilar materials joints [12,13,16–

18], such as hydraulic valves [10], auto manufacturing [19], advancements in the nuclear industry 

[6], and electronics and medical industries with micro-precision fabrications. 

 

A common laser beam welding technique is the Neodymium-doped Yttrium Aluminum (Nd-YAG) 

laser beam welding. The filler wire is melted by the laser beam. The small size of the laser limits 

the penetration and formation of the heat affected zone (HAZ). A schematic diagram of the laser 

weldment is depicted in Fig. 2.1. The weld pool is controlled by a certain thermal gradient 

[14,16,20]. This is crucial to maintain a smaller size/thickness of the HAZ, which has been 

demonstrated as an advantage over traditional welding techniques such as gas tungsten arc welding 

(GTAW) and electron beam welding [16,17,21]. Hence, crack formation during the weld 

quenching is suppressed locally due to reduced heat input [22]. The reduced heat input also 

generates a single boundary between the base and fusion zone [9,23,24]. This is different from the 

high-heat-input welding process possessing a multilayered HAZ [9,11,17,18,24]. As a result, the 

size of the HAZ is determined by thermal cycles [9] and the forming dendrites have a finer 

structure [22,25] during resolidification of the welding melt [23,26]. The formation of dendritic 

grains also helps stabilize a deep-penetration and relatively tapered weld [11,12,14,16,18,20]. A 

majority of the efforts to understand the microstructure-property relationship between the 

mechanical performance and the microstructure of the weld [11,12,22,27] have demonstrated a 

strengthening mechanism in the HAZ. 

 

To further meet industrial demands, and despite past focus on the mechanical and metallurgical 

properties [9,16,26] and microstructure [9,16], other physical properties such as chemical 
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composition, heat transfer, corrosion, fatigue, creep, and weld pool geometry are also worthy of 

studying to understand the underlying physics of the laser welding process. Although a reduced 

HAZ is generated by laser welding, the thermodynamics such as phase transformation can behave 

in a complex manner. The corresponding microstructure, which has undergone a phase 

transformation such as austenite to martensite, can change the solidification mode [16]. Multiple 

factors can affect the mode: (1) the major composition of Ni and Cr can change the formation 

portion of the δ ferrite [28]; (2) localized cooling rate and temperature, which is usually faster than 

103 K/s, can alter the liquid-solid transition [17]; and (3) the minor chemical composition of the 

material such as the content of Nb, Mo, Si, and Co can affect the martensitic transformation [29]. 

Characterization and quantification of the HAZ have only been studied with a few reports [22,28]. 

2.1.2 Helium-induced cracking 

Within the context of extreme environments such as high-temperature and irradiation, laser beam 

welding has not yet been validated as an effective way to prevent Helium (He) -induced cracking. 

He-induced cracking of welds (see Fig. 2.2 as an example) was first observed in stainless steel 

tanks holding tritium-containing water. Mobile tritium diffused into the steel, then decayed to 

immobile 3He, especially at grain boundaries, contributing to failed attempts at weld repairs. Since 

then, numerous incidences of He-induced cracking of welds have occurred during attempts to 

repair cracks in boiling water reactor (BWR) shrouds in commercial [30] and research reactor 

vessels [31]. Now, as the nuclear industry progressively moves toward plant life extension 

involving higher irradiation damage dose and helium accumulation, the Nuclear Regulatory 

Commission has mandated management plans requiring detailed surveillance inspections to ensure 

that all postulated failure mechanisms are identified to avert catastrophic consequences. Cracking 

of critical in-core or near-core components are amongst the postulated failure mechanisms. Further 

BWR shroud cracking is a grave concern, but there is also a long-term concern that pressurized 

water reactor (PWR) baffle-former plates may also crack, allowing bypass flow of coolant and 

potential structural instability of the assembly.  

 

The importance of weld integrity to safe reactor operation has spurred extensive research leading 

to an understanding of the He-induced cracking mechanism. He is found in stainless steel nuclear 

reactor internals through a variety of reactions. During a long-term reactor operation, 4He can be 
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produced through fast neutron reactions with relatively small cross-sections for all iron (Fe), 

chromium (Cr), and especially nickel (Ni) isotopes. More importantly in thermalized neutron 

spectra, thermal neutron (n, α) reactions with very large cross sections occur with 10B, which is 

limited in concentration, but especially through the two-step reaction sequence: (1) 58Ni (n, γ); (2) 

59Ni (n, α). The latter reaction sequence is the most important contributor in LWRs, scaling directly 

with nickel content and non-linearly with thermal neutron fluence and producing hundreds of appm 

He at higher PWR-relevant exposures. Since He is insoluble in the metal matrix, He atoms usually 

coalesce into several nm diameter bubbles in the grain interior and on dislocations and grain 

boundaries [32]. These bubbles are especially problematic during weld repairs of the steel, because 

the heat of welding releases He from various microstructural traps, followed by He agglomeration 

into larger bubbles and almost two-dimensional puddles, primarily situated along grain boundaries 

along the weld melt boundary. Next, thermal stresses from the welding process cause micro-creep 

of the metal between bubbles, causing further bubble growth and eventually producing a dimpled 

fracture surface [32]. The macroscopic result is intergranular fracture in and around the HAZ of 

the weld [33]. The progression from He bubble formation to fracture of grain boundaries is shown 

schematically in Fig. 2.3.  

 

Westinghouse Materials Center of Excellence (MCOE) has a strong history in weld repair research 

and development. In 1986, Westinghouse MCOE was contracted to repair stress corrosion cracks 

of a 304 SS nuclear reactor vessel at the Savannah River Site. The weld repair was conducted using 

an autogenous and wire-fed gas tungsten arc (GTA) remote welding system. The repair failed in 

the HAZ of the 304 SS. A failure analysis identified He embrittlement of the highly irradiated 304 

SS as a primary cause of the failure [31]. Subsequently, Westinghouse MCOE participated in the 

development of a low-penetration gas metal arc (GMA) overlay technique for welding irradiated 

stainless steel reactor vessel internals. The welding process minimized heat input, which in turn 

minimized He-induced cracking [34–36]. In the years since, the Electric Power Research Institute 

(EPRI), Oak Ridge National Laboratory (ORNL), and Westinghouse MCOE have investigated 

advanced techniques to weld irradiated materials, such as friction stir [37–39] and laser welding. 

These techniques are especially relevant to the DOE-NE LWR Sustainability (LWRS) and Next 

Generation Nuclear Plant (NGNP) base programs. Herein, we propose to focus our work on low 

power laser welding, for which encouraging results have been obtained in the archival literature. 
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2.1.3 Weldability of irradiated materials 

Laser beam welding is hypothesized to inhibit further He-induced cracking. Nd-YAG laser beam 

welding techniques have been shown to improve the weldability of stainless steel reactor internals 

that have been neutron irradiated to as high as 7 dpa, and which contain measurable He 

concentrations as high as 50 appm [2,5,6,40–42]. Laser techniques can create a weld using reduced 

heat input compared to conventional welding techniques, which minimizes stresses on the 

workpiece and thus reduces the risk of cracking. Laser welding utilizes a solid state, gas, or fiber 

laser as a source of highly concentrated heat to rapidly form deep, narrow welds. The localized 

heat input results in a minimal HAZ, due to the rapid heating and cooling rates. Consequently, 

laser weldments often exhibit a well-defined border between the base metal and fusion zone, 

without the multi-layered HAZ often produced by other welding techniques. During laser welding, 

a keyhole is formed by the equilibrium between the surface tension of the liquid metal and the 

plasma pressure inside the keyhole. This requires the weldment to reach temperatures in excess of 

the boiling points of Ni and Cr (2732°C and 2672°C, respectively), giving rise to temperature 

gradient-driven fluid flow within the melt [15]. Resolidification of the melt typically produces a 

dendritic grain structure oriented parallel to the thermal gradient (Fig. 2.4), often perpendicular to 

the weld borders. A centerline is found where dendrites from both sides of the weld meet during 

solidification. 

 

Even though Fig. 2.5 shows an example of the reduction of applied stress resulting from the 

suppression of surface cracking after GTA welding at a lower He concentration level [43,44], the 

reduced heat input is a significant factor in the improved performance of laser welding in irradiated 

materials. Conventional GTAW, also known as tungsten inert gas (TIG) welding, has a heat input 

of about 20 kJ/cm. At a distance 100 μm from the weld fusion line, such a large heat input produces 

a 225-1500°C temperature increase sustained for more than 30 seconds. Meanwhile, a heat input 

of 1 kJ/cm, typical of laser welding, produces a ~1500°C temperature spike for < 3 seconds [5]. In 

304 SS containing 50 appm He, reducing the laser weld heat input from 20 kJ/cm (Fig. 2.6a) to 4 

kJ/cm (Fig. 2.6b) eliminates surface cracking and minimizes sub-surface defects [5]. Even with a 

fixed heat input, laser welding outperforms conventional GTAW [6]. Morishima et al. [6] used 

GTAW and laser welding, both with a 2 kJ/cm heat input, on 316L SS irradiated in the Advanced 

Test Reactor (ATR) and containing ~9 appm He. GTAW produced significant intergranular 
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microcracking (Fig. 2.6c), while no defects were observed in the laser welded specimens (Fig. 

2.6d). 

 

Besides heat input, numerous welding parameters affect the propensity of laser weld repairs to 

experience He-induced cracking. Nishimura et al. [40] found that cracking increases in irradiated, 

He-containing 304L and 316L SS with increasing laser power (wattage). To the author’s 

knowledge, no known studies have examined the effects of process parameters such as weld 

traverse speed in irradiated materials. But in unirradiated joints of ferritic AISI 430F to martensitic 

AISI 440C, Khan et al. [45] found that increasing laser weld speed decreased the weld width and 

penetration depth, which had implications on the mechanical performance of the weld. Another 

study showed that excessive weld speeds produced asymmetries, excess fractures, and gas porosity 

[46] in an unirradiated oxide dispersion strengthened steel. Thus, heat input alone does not govern 

weld cracking behavior, and factors such as weld power and travel speed must also be considered. 

 

ASME standard [47] heat input for laser welding is given by 

𝑄𝑖𝑛 =
𝑃𝑊𝑃

𝑣𝑇𝑆
      (2.1) 

where Qin (J/cm) denotes the effective heat input (unit length); PWP (w) is the time weighted 

average power input for the weld process; vTS (cm/min) is the time weighted average weld process 

travel speed. Recently, EPRI and ORNL have formulated an expression for the effective laser weld 

heat input, which accounts for the numerous process parameters that influence cracking propensity 

in irradiated, He-containing materials [42]. Unlike theoretical heat input, their expression for 

effective heat input incorporates: (1) laser heat used to melt added filler material, and (2) heat loss 

to the atmosphere due to reflection of laser power. The effective heat input, Qeff (kJ/cm), is given 

by: 

𝑄𝑒𝑓𝑓 =
𝜇𝐻𝑇𝑃𝑊𝑃

𝑣𝑇𝑆
−

𝜏𝑣𝑊𝐹𝑆𝑃𝑊𝑃𝐴𝑤𝑖𝑟𝑒

𝑣𝑇𝑆
    (2.2) 

where μHT is the heat transfer efficiency factor of arc/laser beam during welding (laser absorption 

efficiency); τ (kJ/cm3) denotes the heat required to melt a volume of filler metal; 𝑣𝑊𝐹𝑆 (cm/min) 

is the time weighted average wire feed speed and Awire (cm2) is the cross-sectional area of the wire. 

After assembling GTAW and laser weld repair data from the archival literature (Fig. 2.7a for 304 

SS and Fig. 2.7b for 316 SS [47]), it becomes evident that the effective weld heat input provides a 
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threshold for He-induced cracking. Welds made with effective heat inputs below the threshold 

(dashed line) for a given He concentration (appm) consistently do not crack (green symbols), 

whereas welds made with effective heat inputs above the threshold exhibit a greater propensity to 

crack (red symbols). This body of results convincingly illustrates that laser weld repairs can be 

made to avoid He-induced cracking even in materials containing a few 10s of appm He, which is 

an unprecedented improvement over GTAW techniques, for which severe He-induced cracking 

occurs in 316L SS containing as little as ~1 appm He [2]. 

 Neutron irradiated AISI 304L stainless steel hex blocks 

A complication in the study of weld repairs is that LWR internals span a range of irradiation 

damage levels and He concentrations, so weld technologies must be adaptable to a variety of 

conditions. BWR shrouds, for example, experience a low irradiation damage accumulation rate 

with a high thermal-to-fast neutron ratio, resulting in a higher He/dpa ratio with little cavity 

swelling. PWR baffle-former plates, on the other hand, experience greater thermal stresses, 

damage rates almost two orders of magnitude higher than BWRs, and lower thermal-to-fast 

neutron ratio and He/dpa ratio. But, PWR baffle-former plates also experience increased internal 

temperatures due to higher gamma heating levels, which, when combined with the higher damage 

rates, will lead to increased cavity swelling and radiation-induced segregation. These 

microstructural factors are all known to impact post-weld cracking. It is obviously difficult to 

extract irradiated material from a BWR shroud or PWR baffle plate for welding studies without 

affecting the integrity of the operating reactor. So previous attempts to critically examine post-

weld cracking have involved one of two lengthy and expensive testing procedures. The first 

involves the costly “tritium trick”, in which pressurized tritium was introduced to the material, and 

subsequently decayed into 3He [48] . The attraction of hydrogen isotopes to grain boundaries leads 

to a significant partition of helium to grain boundaries, but the resulting helium distribution is not 

representative of neutron-produced uniform helium distributions [48]. The second technique 

involves irradiation of specimens in a test reactor with a higher-than-prototypic thermal-to-fast 

neutron ratio, which accelerates He production but presents difficulty in reaching the doses 

characteristic of the swelling regime. This approach also requires small specimen volumes for 

irradiation in test reactors, which are not large enough for subsequent welding studies. Furthermore, 

this approach produces much more radioactivity via both the higher power of thermal neutrons to 
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cause transmutation and radioactivation and because there is insufficient time for decay to reduce 

exposure to researchers. 

 

However, there is a third alternative to provide specimens for welding studies, which is the most 

cost-effective and time-efficient approach proposed herein. This study will utilize AISI 304 SS 

hexagonal blocks, which have been irradiated in the experimental breeder reactor ΙΙ (EBR-II) 

reflector. These hex blocks are ideal for this study because they were produced using technology 

typical of the period during which the baffle-former plates in current PWRs were produced. Each 

block contains a range of swelling and precipitation microstructures typical of that expected in 

LWR operation, even though these microstructures were produced in a fast rather than thermalized 

neutron spectrum characteristic of LWRs. Their microstructure is well-characterized [49–51], their 

He concentrations span the critical range over which conventional welding techniques will produce 

He-induced cracks, and they have manageable radioactivity. These considerations enable this laser 

welding to proceed quickly and with a lower cost. The materials chosen for this study are 

particularly relevant to the defined mission. The AISI 304 SS hex blocks were in a stack of six 

blocks in Row 8 of EBR-II, serving as a reflector assembly. The blocks were originally ~240 mm 

tall with face-to-face diameter of 52 mm, but currently exist in a wide variety of sizes and shapes. 

The thin 304 SS hex duct surrounding this stack was of similar composition and was one of the 

five ducts used to establish the currently employed flux dependent AISI 304 SS swelling equation 

for the U.S., Japanese, and French LWR programs. This assembly was chosen because its range 

of dpa rates matched those of PWR baffle-former plates. These blocks have been selected due to 

their well-known irradiation history, well-characterized swelling and microstructural distribution, 

He concentrations, and especially for the relatively large volume of materials available. A limited 

amount of archive material is also available and has been used in previous characterization of 

radiation-induced changes in properties. Given the broad applications of 304 SS in vessel internals 

and cooling systems, a comprehensive understanding of these materials has the potential for high 

impact by significantly enhancing reactor performance and safety margins. 

 Microstructural characterization 

We will review the characterization methods and typical microstructure of the hex blocks as well 

as similar post-irradiated 304 SS materials. A combination of various instruments is used for 
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characterization of the post-irradiated laser welds. Scanning electron microscopy (SEM) is used 

for observing surface topology and small features on the laser weld. Electron backscatter 

diffraction (EBSD) is applied to characterize the grain sizes and grain orientations. Focused ion 

beam (FIB) is used as a sample preparation tool, for instance, with transmission electron 

microscopy (TEM) lamella. Irradiated samples prepared by FIB are too small be detected by hand-

held monitors (below instrument detectable limit). TEM is used for characterizing the 

microstructure of the neutron irradiated 304L SS and the corresponding welds. Scanning TEM 

(STEM) is used to provide secondary phase mapping of the sample. Atom probe tomography (APT) 

is used to investigate processes such as small precipitation and grain boundary chemical 

segregation. All these electron microscopy techniques will advance our understanding of the 

microstructural evolution due to laser welding effects on irradiated materials. 

2.3.1 Grain structures 

The previous studies have observed finer grains in the HAZ [22,25]. Grain structures of the laser 

weld on neutron irradiated 304 SS can also be identified using EBSD, obtaining a grain orientation 

map, an image quality map, or a phase map. [52,53].  

 

Figure 2.8 shows a Grain Reference Orientation Deviation (GROD) map of non-irradiated 304 SS 

at different strains (1-9%). The color scale of the strain level varies from blue to red. We can see 

the localized strain concentration increasing from 1% to 9%. Under the room-temperature tensile 

straining, the grain boundaries tend to have higher strain concentration than the inner grains. The 

relationship between the GROD and strain level can also be obtained in Fig. 2.8d. In comparison 

with irradiated 304 SS with 4.4 dpa, the non-irradiated steel is less sensitive to the local 

misorientation near the grain boundaries.  

2.3.2 Dislocations 

Huang et al. [54] performed TEM characterization of the hex block with dose ~0.4-28 dpa and 

swelling rate ~0.08-2.7% irradiated at ~414-448 °C. Dislocation networks and faulted interstitial 

Frank loops are representative features we learned from these irradiated hex blocks. They also 

studied the microstructure of the original hex blocks (unirradiated archival hex-block) prior to 

neutron irradiation. Figure 2.9 shows the microstructure of block 3 with 28 dpa. The images use 
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both bright-field imaging ( 𝑔⃗ = [220] ) and dark-field imaging ( 𝑔⃗ = [200] ). High-density 

dislocation networks surround the interior low-density dislocation cells with dislocation cell-walls. 

Since the block was previously under ~5-10% cold work [55], the deformation twinning bands can 

also be seen here. It is difficult to clearly see all the dislocation loops with the two-beam condition 

in such a high-defective and high-density area. Alternative methods such as rel-rod [56] and the 

weak-beam dark-field [57] method can also be applied to image the dislocation loops. The 

traditional two-beam method usually requires at least three conditions of 𝑔⃗ vectors to meet the 

invisibility criteria. The Rel-rod method requires tilting the sample at four different {111} family 

planes with respect to the imaging conditions. Therefore, we introduce the loop imaging method 

in bright-field STEM mode noted by Parish et al. [58], which can cover all the loops at a certain 

imaging zone axis. For our current work, 304 SS has a face-centered-cubic (fcc) structure where 

the loops commonly reside in the {111} plane. Detailed methods for identifying the interstitial and 

vacancy loop with inside-out approach can be found in [59,60]. APT is an alternative approach 

which visualizes dislocation loops with detailed elemental distribution inside and outside the 

loops[61]. Cavities and precipitates also exist, and they will be covered in the next few sections of 

this chapter. 

2.3.3 Cavities 

Prior work on cavity microstructure was performed on block 3 and block 5 [54,61]. Figure 2.10 

shows bright-field TEM images of the cavities of different specimens from block 3 with 28 dpa. 

The diameter of the cavity varies from 18.0 to 28.3 nm and the cavity density ranges from 1.67-

3.1 x 1023/m3. The swelling rate of the block 3 samples is 1.18-2.76%. Cavities in block 3 and 

block 5 do not show any preferential location whereas a relatively uniform cavity distribution is 

observed over the entire area of the TEM specimens. The cavity imaging method is based on 

changing the under/over-focus conditions which show the Fresnel contrast [62,63].  

Another useful technique to imaging cavities is using backscattered electrons (BSE) in a SEM 

[64,65]. This method provides a large-area scanning of the surface with a depth up to around 1 μm 

to obtain the cavity structures such as cavity shape, size, and distribution. Figure 2.11 is a 

successful application of this method of imaging cavities over an area of 2 μm × 2 μm in the same 

material as shown on the hex block of 28 dpa, 8 appm irradiated at 418°C in Figure 2.10. This 

method gives validation to the large cavities with diameters around 30-40 nm, but the cavities that 
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are smaller than 20 nm cannot be easily resolved using this method. Thus, more efforts are needed 

to improve this imaging technique.  

 

By calculating the cavity density and distribution, we can obtain the cavity swelling rate of the 

irradiated material. Sun et al. [63,66] has performed measurements on two different AISI 304L SS: 

coarse grains and ultrafine grains. Figure 2.12 shows the comparison of the cavity swelling of these 

304L SSs. The tests show that the suppression of cavity nucleation results from the injected 

interstitials, and the ultrafine grain 304L SS has a different transition compared with the coarse 

grain 304L SS, indicating higher resistance to void swelling. The ion damage profile calculation 

is done by the SRIM program [67]. For our study, the neutron irradiation does not have a damage 

profile, and the swelling rate is dependent on factors such as dose rate, He concentration level, and 

temperature, based on theories of interstitial/vacancy reaction/diffusion controlled mechanisms 

[68,69]. He/dpa is hypothesized as an important variable for the cavity properties in our laser weld 

repairs that are performed on the neutron irradiated 304L SS.  

2.3.4 Precipitation 

Precipitation is a common occurrence after neutron irradiation, and regarding the hex blocks 3 of 

28 dpa, 8 appm irradiated at 418°C and 5 of 1 dpa, 0.2 appm irradiated at 416°C, precipitates such 

as M23C6 carbide [54,61], γ′ (Ni3Si) [54,61,70], P enriched precipitates [61] and M6Ni16Si7 G-phase 

[61] and ferrite [61] have been observed. It should be noted that G-phase and ferrite form only 

under high dose conditions. These secondary phase precipitates can be observed using standard 

TEM, selected area diffraction (SAD), high resolution TEM (HRTEM) or STEM modes 

[54,61,63,71]. However, for nanoscale precipitates such as γ′ (Ni3Si), APT is an optimal option to 

quantitatively resolve these features and provide information about chemical composition and 

nanoclustering [72]. Figure 2.13 demonstrates the APT data of γ′ (Ni3Si) precipitates for two 

different dose conditions of low 0.4 dpa (Fig. 2.13a) and high 28 dpa (Fig. 2.13b). The segregation 

behaviors of the Fe, Cr, Ni, and Si in Fig. 2.13(c-f), have similar profiles for two cases of either 

depletion or enrichment, but the high dose has a sharper concentration at the boundary of the 

precipitates (radiation induced segregation will be discussed later in this chapter). Despite the 

advantages using APT, the process for manufacturing these atom probe tips is challenging due to 

the high-cavity density of the hex block specimens. Ion irradiation specimens can emulate to the 
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neutron irradiation [73]. Figure 2.14 shows evidence of M23C6 carbide after Fe ion irradiation in 

the coarse grain 304L SS, illustrating the phase instability after irradiation can accelerate the 

precipitation of secondary phases. Figure 2.14b shows that carbides have minor diffraction spots 

between the major spots on the matrix. Figure 2.14(c-d) shows the microstructural evolution after 

Fe ion irradiation, indicating the existence of irradiation-induced cavities and carbides in the coarse 

grain 304L SS. It also shows that the ultrafine grain 304 L SS has a superior radiation resistance 

because the advanced grain boundary sinks dissolve defects (Fig. 2.14(e-f)) [63]. More grain 

boundaries accelerate the absorption of irradiation-induced defects such as cavities and precipitates. 

2.3.5 Radiation Induced Segregation 

Irradiation can also induce microchemical changes such as chemical segregation at the grain 

boundary. In austenitic steel, Cr depletion and Ni enrichment are expected [74–78] at the grain 

boundary after irradiation. Energy dispersive x-ray spectroscopy (EDS) in STEM and APT can 

both characterize the radiation induced segregation (RIS) at the grain boundaries, dislocation loops, 

and precipitates [78]. Except for the one study on RIS behavior in hex blocks shown in Fig. 2.13, 

similar 304 SSs under neutron irradiation have also been examined to illustrate such expected RIS 

behavior in the hex blocks [70,79]. Figure 2.15 also shows a representative grain boundary RIS 

with APT for Fe, Ni, Cr, Mn, Si, P, and C of the neutron irradiated 304 SS with 24 dpa, consistent 

with a previous study performed by Edwards et al [80]. Despite the nature of irradiation-induced 

chemical segregation, laser welding might further affect post-weld microchemistry. 

2.3.6 Role of He/dpa ratio 

As we have seen through the microstructural evolution of the irradiated materials, it should be 

noted that the dose serves as an important factor contributing to the overall microstructural change. 

An example is given as a pre-planted He 304 SS irradiated with Si ion shown in Fig 2.16 (a-b) 

[81].  The fraction of the dislocation loops increases as the He level increases. The average radius 

of the cavities increases as the dose increases. He level does not have a strong effect on the size of 

the cavities. But this does not imply the weak role of He in relation to the materials research and 

development under extreme conditions. 
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In fact, He generation alters the microstructural evolution path of irradiated materials, causing the 

formation of dislocation loops, cavities and precipitates [73]. As we have already discussed in the 

previous section (2.1.2), He-induced cracking can deteriorate the welding repairs of the reactor’s 

inner components. As the He bubbles accumulate on the grain boundary [82], they can severely 

embrittle the materials at elevated temperatures such as the reactor’s operational conditions. At 

low temperatures, the He bubbles can also induce hardening and further embrittlement of the 

structural materials. Therefore, understanding the combined roles of He and dpa is a key to 

materials design and novel welding repair techniques. 

 Micromechanical testing 

Miniature mechanical testing techniques have matured in recent years, and many have been 

applied to irradiated materials, including nanoindentation [83,84], micropillar compression testing 

[85,86], microcantilever bending testing [87], and microtensile testing [88]. For this study, these 

techniques are complementary to one another and provide different insights into the material 

behavior that will collectively inform the mechanical performance of the weld under deformation.  

 

Nanoindentation (Figure 2.17a) is a simple but effective technique to quantify the hardness and 

modulus across the laser weld, which gives us the yield strength and work hardening as a result of 

neutron irradiation and laser welding [22]. Plasma Focused Ion Beam (PFIB) with Xenon Plasma 

is used to remove bulk portions of a sample. PFIB is ten times faster than a conventional Gallium 

FIB [89]. This is beneficial to micromanufacture the micropillars (Figure 2.17b) and 

microcantilevers (Figure 2.17c). 

 

Micropillars can provide relatively accurate measurements of yield stress, critical resolved shear 

stress (CRSS) and hardness along different crystallographic orientations or at certain grain 

boundaries using EBSD. Pillars can be fabricated by PFIB to approximate dimensions with 

cylindrical or cuboid type to maintain a constant strain rate [90].  

 

Notched microcantilevers will be machined to observe real-time cracking development and 

propagation. This technique enables us to understand the microscopic cracking and mechanisms 
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in highly irradiated weld repairs due to the welding-induced annealing and irradiation-induced 

embrittlement. 

 

The microtensile test is very similar to the macroscale tensile test. The lengthy fabrication process 

and complicated calibration limit us to obtain large quantities of mechanical data from these tests 

within a decent amount of time. 

 

The relatively mature small-scale techniques have been evaluated based on the inverse 

proportional relationship between sample preparation and post-experimental effort in Fig. 2.17d 

[91]. The microtensile test has the highest amount of sample preparation but least amount of time 

for data analysis. Nanoindentation has opposite attributes, as it has the least amount of efforts for 

experimental testing, but the data analysis and modeling are time costly. Micropillar compression 

and microcantilever bending require relatively intermediate efforts. Our study will focus on 

nanoindentation and microcompression pillar tests, so this section will summarize key findings 

and implications on experimental testing of irradiated materials. 

2.4.1 Nanoindentation 

Nanoindentation can evaluate the mechanical properties of the materials at a small scale [92–94]. 

Using the legendary Oliver and Pharr method [95], the elastic modulus and hardness can be 

obtained and conversion between Berkovich and Vickers hardness can be found in literature 

[96,97]. Recently, high-temperature indentation has shown to be an effective tool to enable the 

understanding of creep behavior and temperature dependency [92,98,99]. Three major areas, 

including the hardness after irradiation, grain orientation dependency, and size effect are still 

lacking the knowledge gap regarding the laser weld on neutron irradiated 304L SS. 

2.4.1.1 Irradiation hardening 

Pokor et al. [100] have developed a mechanistic model accounting for the loop strengthening effect 

(dislocation loops have been discussed in section 2.3.2): 

 

    𝛥𝜎 = 𝑀𝐺𝑏[𝛼𝐹𝐿√𝜌𝐹𝐿𝜙𝐹𝐿 + 𝛼√𝜌𝐷 − 𝛼√𝜌0]    (2.3) 
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where 𝛥𝜎 is the yield strength increase; M is the Taylor factor; α is the dispersed barrier length by 

forest dislocations; b is the Burgers vector; 𝛼𝐹𝐿 is the Frank loop obstacle length; 𝜌𝐹𝐿 is the average 

loop density; 𝜙𝐹𝐿 is the loop diameter;  𝜌𝐷 is the post irradiation dislocation density; and 𝜌0 is the 

initial dislocation density after cold work. 

 

Was [78] described a simplified empirical model for the irradiation hardening: 

𝜎𝑟𝑎𝑑 = 𝜎0 + 𝐾√dpa     (2.4) 

where 𝜎𝑟𝑎𝑑 denotes the post-irradiation yield stress; 𝜎0 is the unirradiated yield stress; K is a fitting 

parameter; and dpa is the irradiation dose level.  

2.4.1.2 Grain orientation dependency 

The small-volumetric indentation tip enables the nanoindentation to explore the crystallographic 

orientation, which impacts on the hardness and modulus data of the materials [92,101–103]. Figure 

2.18 is an example of using nanoindentation to probe the orientation-dependent modulus (Fig. 

2.18a) and hardness (Fig. 2.18b) plotted in the inverse stereographical pole coordinates [104]. 

Three grains {000}, {101} and {111} have been selected for the comparison of the statistical 

distribution of the modulus (Fig. 2.18c) and hardness (Fig. 2.18d).  

 

Figure 2.19 shows a recent work [101] highlighting the hardness of modulus dependent on two 

different orientations of <111> and <113> for an ion-irradiated 800H. Nanoindentation 

experiments from room temperature to 300˚C have been performed, which indicate the softening 

and degradation of mechanical properties under high temperature. The irradiated 800H also exhibit 

higher hardness than the unirradiated samples.  

 

Figure 2.20 [105] is another example of nanoindentation on two different grains versus the 

intersecting grain boundary, where we can observe the increase of the hardness and modulus of a 

weld material at the grain boundary compared with those inside the grains (square symbols 

represents the hardness and rhombus symbols represents the modulus).  
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2.4.1.3 Indentation Size Effect 

Experimentally, the indentation size effect is a concern for the precise measurement of the hardness 

and modulus at varying indentation depths, which is due to the size of the plastic zone [92–

94,98,101,106]. It is important to distinguish the true hardness of the bulk material from the surface 

properties. The Nix and Gao model [107] is adopted for considering the Indentation Size Effect 

(ISE): 

𝐻 = 𝐻0√1 + ℎ∗ ℎ⁄      (2.5) 

 

where H is the indentation-depth dependent hardness; 𝐻0 is the infinite-depth hardness; ℎ∗
 is the 

characteristic length and h is the indentation depth. The size of the plastic zone is commonly known 

as 5h [83]. Different ISE behaviors at different temperatures and grain orientations can also be 

seen from Fig. 2.19. As the temperature increases, the effect of ISE decreases; the hardness and 

modulus also decrease. This is an indication of an acceleration of dislocation movement as a result 

of an expansion of the plastic zone and larger volume of storing geometrically necessary 

dislocations (GNDs) [101]. Irradiation-induced dislocation channeling might also affect the 

deformation behavior [101]. Figure 2.21 shows experimental hardness profiles with the ISE 

correction versus simulations of 316 SS with He ion irradiation from 1-3 MeV. Unlike the 

unirradiated 316SS, the plastic zone does not steadily flow with increasing irradiation doses due 

to the transverse crack propagation at a macroscopic level.  

2.4.2 Micropillar compression 

Uchic et al [108] first introduced the micropillar compression test, which overcame the 

shortcomings of ISE from nanoindentation. From the micropillar compression test, we can acquire 

valuable mechanical properties deriving from materials such as elastic properties [109,110], yield 

stress [111], and strain hardening [112]. Compared with the microtensile bar test [88,113,114], the 

micropillar compression test takes much less time to complete. This technique has a wide range of 

applicability, from single crystals and individual grain boundaries [115–118] to multilayered 

systems [119–121], thin films, and interfaces [122–124].  
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The straining hardening can be predicted using Ludwik’s equation [125,126]:  

 

     𝜎 = 𝐾1 + 𝐾2 ∙ 𝜀𝑝
𝑛     (2.6) 

 

where K1 and K2 are parameters fitted by the true stress-strain curve corresponding to the initial 

strain hardening and strain hardening due to plastic strain as 𝜀𝑝 = 1, respectively; n represents the 

strain hardening exponent.  

 

The backstress can be calculated using the model from Yang et al. [127]: 

 

     𝜎𝑏 =
𝜎𝑟+𝜎𝑢

2
       (2.7) 

 

where 𝜎𝑟 and 𝜎𝑢 are the reload and unload yield stress, respectively. Several examples will be 

given for unirradiated and irradiated materials regarding the microcompression responses.  

 

Irradiated 304 SS has been studied using micropillar compression testing [91,128]. The dose effect 

on the yield stress is shown in Fig. 2.22. The slip planes for Fig.2.22 is determined as (111) and 

(1̅11) planes. The 10 dpa pillar with proton irradiation exhibits irradiation hardening behavior as 

yield stress increases in the range of ~600 MPa. Reichardt et al. [128] characterized the crystal-

orientation-dependent yield stress for the micropillars, and the formation of dislocation channels 

in the neutron irradiated 304 SS raised localized deformation while the unirradiated 304 SS does 

not show any preferential slip systems. These results strongly suggest that the applicable work of 

orientation-dependent micropillar compression tests can be completed on the dose studied in this 

thesis.  

 

Moreover, we can probe individual grain boundaries such as large-angle grain boundaries versus 

twin boundaries, for example coherent Σ3 {111} twin boundaries [112,129,130]. This will help us 

establish an in-depth knowledge of the slip transfer mechanisms. Imrich et al. [130] has shown the 

results of the activation of slip systems unconstrained by twin boundaries. The twin boundary is 

not a barrier or obstacle for dislocation movements, as no evidence of dislocation pileups at the 

grain boundary has been found. But dislocation multiplication is a major factor for the 
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strengthening across the twin boundaries [129]. The dislocation-grain-boundary interaction 

mechanisms can be further detected in regards to the direct slip transfer, grain boundary as 

dislocation source, dislocation pileups, and non-conservation dislocation motions [112]. 

 

The plastic deformation of the micropillar consists of basal slip and twinning. Figure 2.23 shows 

a study on the deformation mechanism of single-crystal magnesium. Liu et al. [131] concluded 

that the basal slip favored direction is along the 〈21̅1̅3〉 and the twinning favored direction is along 

the 〈101̅0〉. The computed CRSS values are 6 MPa for the basal slip and 29 MPa for twinning. 

The incipient basal slip is affected by the pillar size. As a result, the measured yield stress of 

micropillar with a diameter larger than 10 μm is equivalent to the value of the bulk magnesium. 

The twin resolved shear stress (TRSS) for two different twins are also given for the explanation of 

the twin growth based on different tip positions: where the twinning feature is magnified near the 

top surface of the micropillar due to the stress perturbations by the indenter tip. They also presented 

the simulation results for the local stress distribution under the indentation using fast Fourier 

transform (FFT). This provides insight into probing these two types of deformation mechanisms 

and crystal plasticity [132] after neutron irradiation versus using laser welding. Since the 

dislocation channel might form during the pillar compression, the activation of the slip systems or 

twinning would vary based on the dpa and He concentration levels. Resulting temperature changes 

during compression on these deformation mechanisms can also be considered when conducting 

meaningful experiments. 

 Deformation mechanisms 

Numerous deformation mechanisms are possible in austenitic SSs, and these mechanisms interact 

in a complex manner [133]. In the presence of irradiation damage, localized deformation becomes 

a dominant factor influencing the overall deformation of SSs [134–136]. Previous studies have 

determined that localized deformation can occur through several mechanisms, including 

dislocation channeling [137], slip [128], twinning [138], and phase transformation [139,140]. 

These deformation mechanisms can be affected by irradiation dose, irradiation/testing temperature, 

strain rate, and stacking fault energy (SFE) [136,141,142]. Post-irradiation annealing, including 

thermal annealing induced by welding processes, can further affect the possible mechanical 

response of irradiated SSs. Understanding deformation mechanisms in irradiated austenitic SSs is 
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critical because this class of alloys comprises most structural materials in the current fleet of light 

water nuclear reactors (LWRs). We will review the current understandings of deformation 

mechanisms in austenitic steels prior to and after irradiation. 

2.5.1 Dislocation glide 

Dislocations are one of the important driving mechanisms used to control the plastic deformation 

in austenitic SSs [133], specifically, dissociation of perfect dislocations into Shockley partials. 

This can be written as the following form [143]: 

𝑎

2
[11̅0] =

𝑎

6
[21̅1̅] +

𝑎

6
[12̅1]    (2.8) 

 

where a is the lattice constant. In a face-centered-cubic (fcc) metal, a total of twelve slip systems 

({111} a/2<110>) follows the minimum strain energy principle to dissociate into partials. These 

partials can further impact the twinning and martensitic transformation as a variation of the slip-

controlled mechanism for plasticity in fcc metals. The leading partials (〈211〉) and trailing partials 

(〈112〉) do not align with the fcc lattice vectors. The leading partial leaves the stacking faults of 

{111} planes, while the trailing partials recover the stacking faults. The repulsive force between 

these partials can be described by  

𝐹 =
𝐺𝑏2

4𝜋𝑑
     (2.9) 

 

where G is the shear modulus, b is the Burgers vector of the partials, and d is the separation distance 

between the partials. At an equilibrium state, considering the Peach-Koehler formulation [144], 

Byun [145] derived the force balance equations for separation distance between the partials (See 

Fig. 2.24).  

𝑑 =
𝐺𝑏2 cos 𝜃1 cos 𝜃2+

sin 𝜃1 sin 𝜃2
1−𝜈

𝜋(2𝛾−𝜏𝑧𝑥𝑏|sin 𝜃2−sin 𝜃1|)
    (2.10) 

 

where 𝜃1, 𝜃2 represents the angle between the Burgers vector of the leading and trailing partials 

and the line direction of the perfect dislocation, respectively. 𝛾 is the stacking fault energy. 𝜏𝑧𝑥 is 

the largest shear stress component among the stress-tensor components. 𝜈 is the Poisson’s ratio. 
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Eq. 2.10 tells the dependence of the separation distance on SFE, Burgers vectors and the stress 

field. At 𝜃1 = −30° and 𝜃2 = 30° (screw dislocation 𝜃 = 0), the separation distance has a largest 

stress as 

𝜏𝑧𝑥,𝑐𝑟𝑖𝑡 =
2𝛾

𝑏
      (2.11) 

 

In this case, the critical resolved shear stress (CRSS) (𝜏 = 𝜎 cos 𝜙 cos 𝜆, where 𝑚 = cos 𝜙 cos 𝜆 

is the Schmid factor (SF); 𝜙 corresponds to the angle between the normal vector of the glide plane 

and the applied stress σ; 𝜆 corresponds to the angle between the glide direction and the applied 

stress) can produce infinite separation distance, leading to extended stacking faults up to the grain 

size (see Fig. 2.25 as an example). 

 

As we see the stress-controlled separation of partials, the applied stress can also activate certain 

slip systems as a certain SF reaches the maximum value. Table 2.1 gives the maximum SFs for fcc 

slip systems (for partials we only consider the cases when the SF of the leading partial is higher 

than the trailing partials). We choose three high-symmetry orientations (<100>, <101> and <111>) 

with a larger number of slip systems as well as the low-symmetry orientation (<123>) with a 

smaller number of slip systems. However, experiments have observed much fewer systems 

activated [146–150]. Several works can explain these deviations [147,149,151]: (1) interaction of 

collinear Burgers vectors with the dislocations prevents multiple activation of one slip system 

along with its cross-slip system [152]; (2) fluctuation misorientation of grains can rotate the crystal 

from high-symmetry to low-symmetry directions [151]. It should be noted that the CRSS in fcc 

metals have crystallographic orientation-dependent behavior. For instance, fcc pure Cu exhibits 

higher CRSS for <111> grains than <101> and <100> grains with respect to the tensile axis [153]. 

Low strain usually allows dislocation to form slip bands [154–156], while high strain produces 

strain-hardening preferentially in <111> grains or orientation-dependent dislocation patterns [157–

159]. More accurate models and theories on the role of dislocation dynamics are essential to be 

developed for a clear understanding of the origins of the low-strain slipping bands and dislocation 

patterns at a high-strain hardening period. 

 

Another important factor in Eq. 2.10 is the SFE. The SFE is essential to alter the deformation 

mechanisms. Table 2.2 is given to show the correlations of SFEs of fcc austenitic SSs. The 
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experimental values of the SFE can be measured by X-ray diffraction [160,161], neutron 

diffraction [162], and TEM [163,164]. Diffraction methods focus on the interrelationship between 

volumetric chemical composition and SFE. TEM focuses on measuring the separation distance of 

dissociated partial dislocations. Due to the uncertainty during the experimental measurements, 

theoretical methods such as first-principle calculations [164–166] can provide a fundamental 

understanding of each individual element’s discrepancies. For example, generalized SFE (GSFE) 

describes the fault energy that evolves along with the shear amplitude [167] shown in Fig. 2.26 

[166]. Each energy peak in Fig. 2.26 has different physical representation: γus is the unstable SFE 

(USFE); γisf is the intrinsic SFE which is the SFE we utilized in our context; γmax is the maximum 

energy. These peaks depend on each alloy’s composition and the USFE-γus, rather than the 

commonly accepted SFE-γisf. Temperature also has an impact on SFE [161,167]. As SFE increases, 

deformation mechanisms change from phase transformation (low SFE) to twinning (intermediate 

SFE) to dislocation glide (high SFE) [161,167–169].  

2.5.2 Deformation twinning 

In an fcc metals twinning system {111}<112>, deformation-induced twins can generate along the 

a/6<211> partials. Figure. 2.27 shows how the austenite fcc lattice-ACBACB stacking transforms 

into twinning planes under shear as-ACBA/BCAB stacking. The twinning shear is given as 1 √2⁄  

(a/6<211>/reciprocal spacing of {111} plane). The twinning undergoes nucleation and growth. 

The nucleation of twins generates from the embryo of stacking faults [165] or pre-existing 

dislocations [170], even though no clear nucleus of twinning has been reported. A majority of the 

twinning nucleation mechanism [171–174] focuses on establishing heterogeneous nucleation on 

pre-existing defects. Their proposed initiation of twinning nucleation depends on the twinning 

stress level. The critical twinning stress for the incipient twinning increases as the SFE increases 

[165,172,174]. For localized stress concentration, such as grain boundaries, pileups of dislocations 

are easier to trigger the dislocation glide motion as multiple evidences have validated the multi-

slip-system activation for twinning [175–177]. After the nucleation of twinning, the twins start the 

process of growth. The growth of twins is governed by the overlapping of stacking faults with 

arrays of partials [178]. The further thickening of twins is not clearly understood. 
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At low strain, the deformation-twinning in austenitic SSs shows orientation dependency (Fig. 

2.28a), with a preference to <111> tensile direction [176]. This is due to the activation of the larger 

Schmid factors of leading partials. Hence, the smaller Schmid factors for trailing partials are 

unlikely to form extended stacking faults [145], and smaller Schmid factors for the perfect 

dislocations [176] are also disabled for slip events. In addition, <111> grains have more slip 

systems to activate the twinning at low strain. However, for the high strain, we see more twins 

occurring in the <111>-<001> in Fig. 2.28b. This can be explained by the grain rotation and strain 

hardening [179–181] and generally require a minimum of two twinning systems. The generated 

interfaces between the twin and the matrix inhibit the dislocation movement [182] in the matrix, 

and dislocations in the twins are more likely to behave similarly to the dislocation forest with 

sessile dislocations [174]. As the fraction of twins increases, the twinning-induced hardening can 

immobilize the dislocation glide. Even though the contributed strain from twinning is relatively 

small, the strain hardening leads to exceptional mechanical-properties alloys such as twinning-

induced plasticity (TWIP) steels [183]. 

2.5.3 Deformation-induced martensitic transformation 

Martensitic transformation has been attractive to the materials community with a long history due 

its significance in fundamental science and engineering applications. Tailoring this important 

phase transformation not only facilitates materials design and innovation such as microstructure 

optimization [184], thermal conductivity [185,186], mechanical properties [187,188], and 

electromagnetics [189], but it also helps bio cell control [190] and geology exploration [191]. 

 

A schematic diagram of the martensitic transformation is given in Fig. 2.29. In steels, different 

pathways of the martensitic transformation [192,193] (shown in Fig. 2.30) include face centered 

cubic (fcc) γ austenite to twin structure and then to a body centered cubic (bcc)/body centered 

tetragonal (bct) α’ martensite (𝛾 → 𝑇 → 𝛼)’; γ austenite directly transforms into α’ martensite 

(𝛾 → 𝛼’); and γ austenite to a metastable hexagonal close-packed (hcp) ε martensite and then to α’ 

martensite (𝛾 → 𝜀 → 𝛼’). The latter two pathways are emphasized by Bogers and Burgers [194], 

using their hard-sphere model and further furbished by Olson and Cohen [195] with a shearing-

intersection model during the plastic deformation. This model is known as the classical Bogers-

Burgers-Olson-Cohen (BBOC) model. Atomistic observation of the 𝛾 → 𝜀 → 𝛼’ transformation 
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has been demonstrated by combined High Resolution Transmission Electron Microscopy 

(HRTEM) and Molecular Dynamics (MD) simulations [196–198]. Despite the intrinsic 

complexity of the martensitic transformation in the unirradiated steels, the role of irradiation and 

localized deformation have not been fully understood [134–136]; nevertheless, the further post-

weld annealing may affect the pathways of this phase transformation. Deformation-induced 

martensitic transformation can occur during tensile tests of 300 SSs at cryogenic [199,200], low, 

[201] and room temperatures [192]. The volume fraction of the martensite follows a similar trend: 

an increase of α’, an increase of ε to a maximum volume, and then a decrease. 

 

The earlier argument about the dependence of SFE on the transition of deformation mechanisms 

partially explains the pathways of martensitic transformation in austenitic SSs [164,178,202,203]: 

(1) low SFE < 20 mJ/m2 yields martensitic transformation/slip dominant plasticity; (2) 

intermediate 20 mJ/m2 < SFE < 50 mJ/m2 favors the twinning/slip dominant plasticity; (3) high 

SFE > 50 mJ/m2 shows the slip dominant plasticity. The interplay among 𝛾 → 𝑇, 𝛾 → 𝜀, and 𝛾 →

𝛼’ has not been well understood. Fig. 2.31 shows the change of deformation modes of shear bands 

(SBs), stacking faults (SFs), ε, and twins by variation of the concentration of Ni in Fe-Cr-Ni [204]. 

As the SFE increases, the dominant deformation mode transits from martensitic transformation to 

twinning. Only one model attempted to distinguish between the twinning and 𝜀 transformation: 

ordering the stacking faults by decreasing temperature or SFE can lower the emission of partials, 

which contribute to the arranged 𝜀 structure instead of twinning [205]. Moreover, the strain rate 

also changes the transition: (1) a lower strain rate increase of stress level and nucleation sites favors 

the nucleation of 𝛼’ [206] rather than twins/𝜀 at low stress [207]; (2) a higher strain rate reduces 

the nucleation of 𝛼’ [208,209], but twins/𝜀 are not well understood [210,211].  

2.5.4 Effect of irradiation 

As we discussed in section 2.3, the irradiation-induced microstructural evolution in austenitic SSs 

has been widely studied. However, the effect of irradiation on the deformation mechanisms has 

not yet been well understood. A typical stress-strain that curves on austenitic steels is shown in 

Fig. 2.32 [100]. After irradiation, the elongation has decreased and necking almost occurs directly 

after yield point. The tensile properties are also affected by irradiation dose and temperature 

[212,213].  
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The interactions of dislocations and irradiation-induced defects (loops, cavities, precipitates) can 

further affect the deformation [133]. Lee et al. proposed a phenomenological model based on the 

types of interactions between loops and partials to illustrate the interlink between pileups, stacking 

faults, and defect-reduced channels [214]. Atomistic simulations also show the dynamic 

interactions between dislocation and loop [215], stacking fault tetrahedron (SFT) [216,217] and 

cavity [218,219]: as shearing, absorption, or pileup of dislocations can control the deformation. 

Twinning and martensitic transformation are also affected by SFE [220] similar to the unirradiated 

case. Irradiation-induced defects can further alter the deformation mode by providing more active 

nucleation sites for twinning and martensitic transformation. More importantly, dislocation 

channeling occurs by an unfaulting of sessile loops as a clear path of removing irradiation-induced 

defects [53,134,135,221]. The clear transition criteria between irradiation, slip, phase 

transformation, and dislocation channeling has not been developed. Byun et al. [222] developed a 

deformation mode map of 316 SSs in terms of dose and true stress at room temperature. At lower 

dose < 0.1 dpa, large stress can cause the transition from dislocation tangles to stacking faults and 

further induce plastic instability stress (PIS) and channels. At higher dose > 1 dpa, large stress is 

more likely to produce channels and the threshold of PIS has been raised. To sum up, the 

deformation mechanisms of irradiated austenitic SSs are dependent on the localized mechanical 

state (stress, strain and strain rate), testing temperature, irradiation condition, and SFE.  
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Table 2.1 Schmid factors (SFs) for perfect and Shockley partial dislocations in fcc slip systems. 

Grain orientation Largest SF 

(number of systems) 

Leading/ trailing partials 

(number of systems) 

<111> 0.27 (6) 0.31/0.16 (6) 

<101> 0.41 (4) 0.47/0.24 (4) 

<100> 0.41 (8) 0.24/-0.24 (8) 

<123> 0.14 (1) 0.30/0 (1), 0.47/0.13 (1), 0.47/0.34 (1), 

0.27/0.24 (1), 0.27/0.03 (1) 
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Table 2.2 Stacking fault energy (SFE) for fcc alloys (elemental composition in wt%). 

Authors System SFE formulation (mJ/m2) 

Brofman et al. 

[223] 

Fe-Ni-Cr-C 𝛾 = 16.7 + 2.1 Ni - 0.9 Cr + 26 C 

Lu et al. [164] Fe-Ni-Cr-

Mn-C-Si-S-

N-Al-O 

𝛾 = [𝐹ℎ𝑐𝑝 + 2𝐹𝑑ℎ𝑐𝑝 − 3𝐹𝑓𝑐𝑐]/𝐴2𝐷
*1 

Meric de 

Bellefon et al. 

[224] 

Fe-Cr-Ni-

Mo-Si-Mn-

C-N 

𝛾 = 2.2 + 1.9 Ni - 2.9 Si + 0.77 Mo + 0.5 Mn + 40 C - 0.016 

Cr - 3.6 N 

Ojima et al. 

[225] 

Cr-Ni-Mn-N 𝛾 = 5.53 + 1.4 Ni - 0.16 Cr + 17.10 N 

Pickering [226] Fe-Cr-Ni-C-

Si-Mn-N 
𝛾 = 25.7 + 2 Ni - 13 Si - 1.2 Mn + 410 C - 0.9 Cr - 77 N 

Qi-Xun et al. 

[227] 

Fe-Cr-Ni-

Mn-Mo 
𝛾 = [36, 42] + 1.59 Ni – 5.59 Si + 15.21 Mo + 0.06 Mn2 - 

1.34 Mn + 40 C + 0.01 Cr2 - 1.75 Cr - 60.69 (C + 1.2 N)0.5 + 

26.27 (C + 1.2 N)(Cr + Mn + Mo)0.5 + 0.61 [Ni(Cr + Mn)]0.5 

Rhodes et al. 

[228] 

Ni-Cr-Mn-Si 𝛾 = 1.2 + 1.4 Ni - 0.6 Cr + 17.7 Mn - 44.7 Si 

Saeed-Akbari 

et al. [229] 

Fe-Mn-Al-

Si-C 
𝛾 = 2𝜌Δ𝐺𝛾→𝜀 + 2𝜎𝛾 𝜀⁄  *2 

Schramm et al. 

[230] 

Fe-Cr--Ni-

Mn 
𝛾 = -53 + 6.2 Ni + 0.7 Cr + 3.2 Mn + 9.3 Mo 

Yonezawa et al. 

[231] 

Fe-Cr-Ni 𝛾 = -7.1 + 2.8 Ni - 0.49 Cr + 0.75 Mn - 2 Si +2 Mo – 5.7 C 

- 24 N 

*1: 𝐹ℎ𝑐𝑝 is the free energy of the hcp lattice;  𝐹𝑑ℎ𝑐𝑝 is the free energy of the double hcp lattice; 

𝐹𝑓𝑐𝑐 is the free energy of the fcc lattice; 𝐴2𝐷 is he interface area. 

*2: 𝜌 is the molar surface density; Δ𝐺𝛾→𝜀 is the free energy for the phase transformation and 

𝜎𝛾 𝜀⁄  is the 𝛾 𝜀⁄  interfacial energy. 
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Figure 2.1 Schematic diagram of the laser weldment. 
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Figure 2.2 Conventional gas tungsten arc weld on irradiated 304 SS containing 1.5 appm helium 

[44]. 
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Figure 2.3 Schematic diagram showing the progression of He generation, He bubble formation, 

and grain boundary fracture. 
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Figure 2.4 Typical laser weld cross-section with dendritic grain structure and centerline [40]. 
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Figure 2.5  Comparison of weld cracking in He doped and irradiated 316 SS [43]. 
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Figure 2.6 Reduction of cracking in laser welded 304 SS containing 50 appm He when heat input 

is reduced from (a) 20 kJ/cm to (b) 4 kJ/cm [5]. With a fixed heat input of 2 kJ/cm in 316L SS, 

GTAW produces microcracking (c), while (d) laser welding does not [6]. 
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Figure 2.7 Effective laser weld heat input threshold of (a) 304SS and (b) 316SS (dashed line) as 

a function of He concentration. Below the threshold, welds do not produce He-induced cracks 

(green), but above the threshold, welds do produce He-induced cracks (red) [47]. 
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Figure 2.8 Planar EBSD GROD maps for the deformed unirradiated specimens (SW′) and a 

relationship between the maximum observed GROD value and strain level [53]. 
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Figure 2.9 Microstructure of unirradiated archive hex-block observed using electron microscopy, 

derived at a depth in the middle of the block, showing dislocation and slip structure characteristic 

of ~5% cold-work [54]. 
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Figure 2.10 Bright-field TEM imaging of cavities from different specimens from hex-block 3D-

28 dpa, 8 appm irradiated at 418°C and 3E-29 dpa, 8 appm irradiated at 420°C [54]. 
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Figure 2.11 Backscattered electron (BSE) scanning microscopy imaging of cavities in hex-block 

of 28 dpa, 8 appm irradiated at 418°C shown in Figure 2.10 [64]. 
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Figure 2.12 Comparison of void swelling of Fe ion irradiated 304L SS with neutron irradiated 

304L SS with different grain sizes [66].
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Figure 2.13 Ni and Si rich precipitates in (a) 0.4 dpa material and (b) 28 dpa material; (c) to (f): 

line profiles measured by placing a 10 nm diameter cylinder along the arrows indicated in (a) and 

(b) [61]. 
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Figure 2.14 Fe ion irradiation-enhanced M23C6 precipitation in CG 304L SS [63]. 
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Figure 2.15 APT data of concentration of elements through the grain boundary of 304 SS of 24 

dpa [79].
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Figure 2.16 (a-b) Si ion irradiated 304 with pre-planted He indicates (a) loops increase as He 

increases and (b) cavity grows as dpa increases [81]. (c) He bubbles on a grain boundary [82]. 
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Figure 2.17 (a) Array of nanoindents on an irradiated alloy [89]; (b) microcompression pillar 

[108]; (c) microcantilever on an irradiated alloy [87]; and (d) levels of difficulty in small-scale 

mechanical testing in the plane of experimental and data analysis [91]. 
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Figure 2.18 Fe-20Cr-25Ni: color-coded standard stereographic triangles (SST) and distributions 

of elastic modulus and hardness of the indents close to {001}, {101}, and {111} grains [104].
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Figure 2.19 Irradiated 800H: hardness and modulus profiles as a function of depth and 

temperature of grains of (a-b) <111> and (c-d) <113> orientations [101].
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Figure 2.20 Nanoindentation data for hardness and modulus in two different grains and at grain 

boundary for an iron-based material [105]. 



 

 

 

 

 

 

 

 

Figure 2.21 Relationship between damage and hardness profiles in ion irradiated SS316 using nanoindentation – experiments and 

modelling [98].

 6
8
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Figure 2.22 SEM image of ion beam irradiated 304 SS (a-c) and (d) the engineering stress-strain 

curve with (e) TEM image of the post-compression irradiated sample [127]. 
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Figure 2.23 Experimentally quantifying critical stresses associated with basal slip and twinning 

in magnesium using micropillars [131].
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Figure 2.24 Schematic diagram of a perfect dislocation 𝑙 into leading partial with Burgers vector 

𝑏1
⃗⃗ ⃗⃗  and trailing partials with Burgers vector 𝑏2

⃗⃗⃗⃗⃗ [145]. 
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Figure 2.25 Stacking faults of 316LN SS after 8% strain deformation from disk bending at 

150 ℃ [232]. 
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Figure 2.26  Fault energy evolution in terms of the distance of partial <112> direction [166]. 
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Figure 2.27 Schematic diagram of twinning in an fcc lattice [233]. 
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Figure 2.28 Effect of grain orientation on twinning of Fe-Mn: (a) 0.05 and (b) 0.3 true strain 

[176]. 
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Figure 2.29 Schematic diagram of martensitic transformation in an fcc lattice [233]. 
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Figure 2.30 Schematic diagram of martensitic transformation in 304 SS [192]. 
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Figure 2.31 Deformation mode changes from martensitic transformation to twinning with the 

increase of SFE by the concentration of Ni in an Fe-Cr-Ni [204]. 
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Figure 2.32 Engineering stress versus strain curves of unirradiated and irradiated steels (a) 

solution annealed (SA) 304 at 19.4 dpa and (b) cold worked (CW) 316 at 19.7 dpa [100]. 
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Figure 2.33 Deformation mode map of 316 SSs in terms of true stress and dose [222] domain.  
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3. OBJECTIVE 

The objective of this dissertation is to determine the influence of irradiation and laser-welding on 

the deformation mechanisms of neutron irradiated austenitic stainless steels. Three steps are 

implemented to achieve this objective: (1) characterization of the microstructure prior/after laser 

welding; (2) induce plastic deformation in the laser weldment, then characterize the deformed 

microstructure; and (3) correlate the deformation mechanisms to the pre/post-deformed 

microstructure. This thesis will evaluate the overall mechanical integrity of the laser welded 

irradiated austenitic stainless steels, and it will demonstrate that deformation mechanisms are 

influenced by both the irradiation-induced defects and the effect of laser weld-induced 

microstructural evolution over a range of dose and He concentration levels. 

 

Irradiated AISI 304L stainless steels have been selected over a range of doses ~1-28 dpa, He 

concentration 0.2-8 appm and swelling ~0.5%-2.5%. As we discussed in Chapter 2, previous 

studies on similar materials have been conducted. Direct measurements of size and density 

distribution of irradiation-induced defects such as loops, cavities and precipitates will be 

performed. The results will be directly compared to the existing literature. Unirradiated archive 

AISI 304L SS is also used as a control for the dependence of irradiation. We will then make laser 

welds on the irradiated steels. The microstructure of the weld HAZ will be compared to the base 

metal. The microstructure prior to mechanical deformation will be the key to the response of the 

subsequent micromechanical tests. 

 

Room-temperature micromechanical testing will be performed on the samples using ex-situ and 

in-situ methods. Nanoindentation will measure the orientation-dependent mechanical properties of 

the laser weldment. SEM in-situ microcompression pillar testing enables us to visualize the 

microstructural evolution during the compression. These two techniques will be employed for the 

direct comparison between the base metal and the HAZ. The archive material before neutron 

irradiation is also tested as a control. Relevant data such as modulus, hardness and stress-strain 

curves will be provided for the evaluation of the mechanical integrity of the laser weldment. The 

microstructure-property relationship will be evaluated between the base metal and the HAZ. The 

size of the HAZ will then be estimated compared with the grain structure obtained from EBSD 
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orientation imaging microscopy (OIM) mapping. The irradiation-induced defects will be 

considered for calculation of the irradiation hardening mechanism. The laser weld-induced 

annealing will also be compared for the post-weld softening mechanism. The overall mechanical 

properties of the laser weldment at different combinations of dose and He concentration levels will 

be revealed. 

 

After the mechanical deformation, the post-deformed microstructure will be carefully examined 

by TEM. This process includes FIB preparation of TEM lamellae from the indentation plastic zone 

and the compressed micropillars. A detailed description of the deformation mechanisms such as 

dislocation slip, twinning, and martensitic transformation in irradiated austenitic stainless steels 

will be provided. The deformation modes between the base metal and the HAZ will be revealed. 

Based on the observation of the deformation process, a deformation map will be established to 

predict the critical twinning stress for fcc metals and alloys. In addition, the pre-deformed 

microstructure involving the irradiation-induced cavities will be emphasized as an important role 

of changing the localized deformation of the irradiated austenitic stainless steels. Finally, a 

phenomenological model will also be covered to develop the criteria of the incipient twinning 

versus martensitic transformation. 

 

The unprecedented results from this dissertation will provide new insights into irradiation-tailored 

deformation by modulating the irradiation conditions to induce deformation mechanisms that are 

usually only achievable at larger strain or lower temperature conditions. The predictive criteria for 

the deformation in fcc metals and alloys establishes a crucial scientific foundation for candidate 

materials for advanced nuclear reactors and other applications, research, and development at 

extreme environments. 
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4. EXPERIMENTAL 

 Hex-block materials  

The materials we have selected are rectangular samples of highly activated AISI 304L stainless 

steel (SS). The samples, dimensions of approximately 25.4 mm thickness × 10.2 mm length per 

side, had been cut from sections previously obtained from two hexagonal-shaped neutron reflector 

blocks. These so-called “hex blocks” are U.S. Department of Energy owned material and were 

irradiated in the Experimental Breed Reactor II (EBR-II), a sodium cooled fast reactor, from 1982 

until 1995 [51,54,61] (see Fig. 4.1). The chemical composition of an unirradiated archive hex-

block AISI 304L SS was found to be Fe-19.26Cr-8.81Ni-1.57Mn-0.43Si-0.056C-0.03S-0.027P in 

wt%, determined by energy-dispersive X-ray spectroscopy (EDX) and performed by a field-

emission gun equipped with a Zeiss SEM operating at 20 kV, and by an inductively coupled plasma 

(ICP) analysis [54,61]. Hex blocks were cold worked prior to neutron irradiation. The surfaces of 

these hex blocks have ~10% cold work, while the internals have ~5% cold work [61]. Due to the 

rarity of these archival materials, they epitomize the valuable non-irradiation reference state. 

 

Five hex blocks were stacked vertically in the reflector region of EBR-II, with blocks 1-5 stacked 

in numerical order from bottom to top of the core (Figure 4.1(a)). Block 3 was vertically nearest 

the core, and thus received the highest irradiation fluence and temperature. Block 5 was vertically 

the furthest from the core, and thus received the lowest irradiation fluence and temperature. The 

dose range and dose rate range of blocks 3 and 5 are ~0.4-33 dpa and ~3.6 × 10-7 dpa/s. Through 

numerous other studies over the years, the hex blocks have been sliced into hexagonal “coins”, 

labeled xA, xB, xC, and so on, where x represents the block number (Figure 4.1(a)). Coins have 

also been sliced into three sections, e.g. 5D1, 5D2, and 5D3 (Figure 4.1(d)), in which the section 

xy1 is a rectangular prism, and sections xy2 and xy3 are so-called “triangles,” although they are 

technically pentagon-shaped segments. A library of works [51,54,241,242,61,234–240] can be 

referenced by the readers to learn more about the details of the hex blocks as well as their 

sectioning methods.  
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To prepare specimens for welding specifically for this project, the sections xy2 and xy3 are each 

further sliced into a plate and a true triangle (Figure 4.1(h-j)). Figure 4.2 shows the schematic 

diagram of the process of obtaining the weld coupons from the hex blocks. A rectangular section 

from a hex coin triangle was sliced off with approximate dimensions of 2.5 cm × 5 cm × 0.6 cm 

(1 inch × 2 inch × 0.25 inch). The two large opposing faces on each rectangular coupon were then 

milled in-cell to obtain flat and parallel surfaces and to provide surfaces suitable for welding. 

Milling of the coupon surfaces and the final appearance of the surfaces after milling is shown in 

the photographs in Fig. 4.3. 

 

The plates are used for welding, which was performed in the Westinghouse High Level Hot Cells. 

The three plate samples selected for welding are from hex block sections 5D2, 3A2, and 3E3. 

These samples have nominal damage doses of approximately 1, 23, and 28 dpa with corresponding 

helium contents of approximately 0.2, 3 and 8 appm helium, respectively (see Table 4.1). The He 

concentration is determined by an isotope dilution gas mass spectroscopy method, which is similar 

to the neutron activation [49]. These hex block materials had been studied previously by various 

teams of researchers, including detailed microstructural characterization of the radiation-induced 

defect structures as a function of damage dose and irradiation temperature [54,61,64,71,243–247]. 

 Laser welding and metallographic preparation 

Bead-on-plate laser welds were made on the 3 rectangular coupons using a TruPulse 556 Nd-YAG 

laser welding system housed in the Westinghouse High Level Hot Cells. The BEO D70 laser 

welding head is outfitted with a video feed, air knife, and multi-axial positioning system. The 

system was operated remotely in a hot cell such that welds can be made on highly radioactive 

materials. 

 

Figure 4.4 provides images of the hot cell laser welding system. Multiple wire fed welds were 

made on each of the three rectangular coupons to support the contingency plans for extra welded 

specimens. The welds made to support this dissertation discussed herein consisted of single-pass 

wire fed welds.  
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Most of the welds utilized for this thesis were prepared using a consistent set of weld parameters 

referred to as Weld Parameter Set 1 (WPS1). Table 4.2 summarizes key weld parameters for WPS1. 

It should be noted that the 308L SS weld wire composition is Fe-19.88Cr-9.79Ni-2.13Mn-0.52Si-

0.021C-0.007S-0.023P in wt%. Figure 4.5 provides a Keyence digital microscope image showing 

the typical appearance of a pulsed laser weld where the image shown is for the single-pass weld 

made on coupon 5D2, 3A2 and 3E3.  

 

As depicted by the sketches in Fig. 4.6, preparation of small cross-sectional weld samples suitable 

for electron microscopy was a three-step process. The first step (henceforth referred to as “Step 

1”) was to cross section the welds of interest into thin plates with approximate dimensions of 6.5 

mm × 6.5 mm × 1 mm thick. The second step (“Step 2”) was to further reduce each thin plate to 

remove excess unnecessary base material to obtain a sample which contained only weld metal and 

a very limited amount of surrounding base metal. This reduced sample geometry was 

approximately 3 mm × 2 mm × 1 mm. The third step (“Step 3”) was to further reduce the thickness 

of each sample by grinding and polishing each sample to a final thickness of approximately 250 

to 500 μm.  

 

Steps 1 and 2 are shown in Figs. 4.7-4.8. Figure 4.7 provides images showing the Step 1 process 

of precision cutting thin plates from welds of interest. Figure 4.8 provides images showing the 

Step 2 process of further reducing the thin plates to produce samples which contain only the weld 

and a very limited amount of surrounding base metal. Figure 4.9 shows the general appearance of 

the weld samples after Step 2. 

 

As mentioned in the previous section, each small weld sample slice was ground and polished to a 

final thickness of approximately 250–500 μm (i.e., Step 3). Each of the small, thin reduced 

geometry plates were ground and polished outside of the cell. After polishing, each sample was 

lightly swab etched. To grind and polish the extremely small radioactive samples, Westinghouse 

developed a method for temporarily mounting each small sample in Crystalbond 509 mounting 

adhesive. After the polishing was completed, the small sample was removed from the Crystalbond 

mount and etched. The method for temporary Crystalbond mounting, grinding, polishing, and 

removal from the Crystalbond mount is described as follows: 
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• Put a very thin layer of vacuum grease onto a Micarta surface. Place the weld sample into 

the vacuum grease (with the surface to be polished face down). Push flat; the sample will 

stick onto the grease. Place a plastic mold ring around the specimen and push it down into 

the grease. 

• Heat a hot plate to 255°F and use a thermocouple to monitor the temperature. In a Pyrex 

container that has a pour spout, place a piece of the Crystalbond stick that is approximately 

the same height as the mold ring. Allow approximately 10 minutes for the Crystalbond to 

melt and become pourable. 

• Using tongs, remove the Pyrex container from the hot plate and pour directly into the mold 

ring with the weld sample placed inside the ring (with the surface to be polished face down). 

Fill mold. After pouring, start immediately cooling the specimen with air. When the 

Crystalbond cools completely (approximately 15 minutes), it will harden and be ready for 

grinding and polishing. 

• Place the mounted samples into a sample holder ring if appropriate. On a grinding wheel 

with a constant water feed, and using 220 grit silicon carbide paper, chamfer around the 

edge of the mold on the face down edges. Remove and discard the 220 grit paper. Using 

1200 grit silicon carbide paper on the wheel, constant water feed, and a force of 15 newtons, 

grind the samples for 15 seconds. 

• Rinse with water and/or clean with mild detergent and a cotton ball. Transport the samples 

to the polisher. Utilize the following polishing method: 

a. Force 25 N. 

b. MD Allegro-(300 mm) for 90 seconds with 9 μm DT spray applied with DT 

blue, continuous drip. 

c. MD Dur-(300 mm) for 90 seconds with 3 μm DT spray applied with DT blue, 

continuous drip. 

d. MD Dac-(300 mm) for 90 seconds with 1 μm DT spray applied with DT blue, 

continuous drip. 

e. MD Nap-(300 mm) for 180 seconds with pour of OPS then to continuous drip 

and water flood at end. 
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f. Between each step, mounts are cleaned with water and/or mild detergent and a 

cotton ball. 

g. Dry with air. 

• After the mounts are polished, fill a concave plate with acetone. Place the mount (polished 

face down) into the acetone to dissolve the Crystalbond and free the welded sample. After 

the sample is free, clean the sample (to remove any remaining Crystalbond) by repeatedly 

placing it into acetone and spraying with canned air to dry. Repeat until clean.  

 

Note that as described in the above method, only one side of each of the small weld samples was 

ground and polished. Once the weld sample was removed from the temporary Crystalbond mount 

and thoroughly cleaned, the polished surface was etched using a 5 to 15 second Marble’s swab 

etch. 

 

Figure 4.10 provides images of the small thin weld samples obtained from welds prepared using 

WPS1 weld parameters on coupons 5D2, 3A2 and 3E3, respectively. From the micrographs, we 

can clearly see the impact of the He on the completed surface of the cross-sectional weldments. At 

lower He concentration (< 1 appm), the welded surface is relatively clean and no obvious cracking 

has been observed. At intermediate He concentration (~ 3 appm), laser weld-induced pores have 

occurred (marked by red arrows) and micro cracks have appeared. At a higher He concentration 

(~ 8 appm), we still see that the weld-induced pores and the cracks have grown (enveloped by red 

ovals). These are indications of the He impact on the quality of the welds. 

 Electron Microscopy 

4.3.1 Grain orientation 

We utilized EBSD to obtain the grain structure of the laser weldment. The EBSD detector was 

used inside a FEI (now Thermo Fisher Scientific) 3D FEG dual-beam scanning SEM/FIB for the 

OIM mapping. The voltage of the SEM was set at 30 kV. The current of the electron beam was 2 

nA. The dwell time of the EBSD scan was 100 μs. The step size was ~0.1-0.3 μm/pixel. The 

neighboring confidence index (CI) was 0.05. The neighboring grain tolerance angle was ~3°. The 

EBSD scanning was conducted across the laser weldment including the base metal, the HAZ, and 
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the weld region. The OIMDC 7.1.0 version software was used for the collection of the EBSD 

mapping data. The obtained OIM maps were then referred to the mechanical testing using grain-

orientation specific fabrication of micropillars and location selection of nanoindentation 

experiments. 

4.3.2 FIB lift outs 

We utilized two types of FIB microscopes for the lift-out for transmission electron microscopy 

(TEM) lamellae preparation. A Tescan LYRA-3 GMU FIB/SEM (dual beam FIB with an Orsay 

Physics Canion FIB column) at Westinghouse and a FEI Quanta 3D FEG dual beam (SEM/FIB) 

at the Microscopy and Characterization Suite (MaCS), Center for Advanced Energy Studies 

(CAES) were used for FIB lift-outs from the laser welds on the irradiation AISI 304L SS. Six (6) 

FIB lift outs were obtained from locations identified as an example shown in Fig. 4.11. In particular, 

the following specific lift-outs were prepared: 

• 2 from the base metal. 

• 2 from the HAZ. 

• 2 from the weld metal + HAZ. 

 

A standard FIB lift-out method [248] was used. Firstly, the FIB carbon (C) deposition of ~1 μm 

was used to define regions of interest and to protect the surface from spurious FIB milling. Another 

~1 μm-thick platinum (Pt) was also deposited as a following protection layer. Specimens were 

removed with an Omniprobe via in-situ lift out and secured to the “V” in an Omniprobe grid on 

both sides using a 1 μm thick C/Pt deposition at the bottom ends of each specimen, i.e., 2 carbon 

pads deposited per specimen on both sides of the grid, therefore 4 carbon deposited pads per 

specimen. The “usable” portion of each specimen (i.e., within the C deposited pads) was 

approximately 8-15 μm length × 8-12 μm depth. Figure 4.12 contains a series of images 

documenting the steps of the weld, the HAZ, and the weld + HAZ FIB lift outs and grid positions. 

In lieu of thinning the thick lift-out lamellae, a final cleaning step was adopted at 2 kV running at 

1-2 minutes at each side to remove the FIB-induced damage of the sample. The final thickness of 

a lift-out TEM lamellae is ~30-150 nm. Figure 4.13 provides an image documenting the FIB lift- 

out positions for the weld specimen from 5D2 hex block. 
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4.3.3  Microstructure characterization 

We utilized two types of transmission electron microscopes to characterize the microstructural 

features such as dislocations, loops, precipitates, twins, and martensite laths. The original 

microstructural characterization and post-deformed microstructure under the plastic zone of the 

indent was performed by a FEI Tecnai TF30-FEG STWIN scanning TEM (STEM) at CAES MaCS. 

This microscope has a point resolution of 0.2 nm and a line resolution of 0.102 nm. The STEM 

has a high angle annular dark-field detector (HAADF) with a resolution of 0.19 nm. The camera 

length varies between 80 mm and 4500 mm. Analytical analysis of the chemical composition of 

the grain boundaries, precipitates and matrix were performed by the energy dispersive X-ray 

spectroscopy (EDS) in the STEM mode. The EDS detector has a solid angle of 0.13 sr. The dwell 

time for each point of the drift-corrected line scan was ~10 s. The thickness of a TEM lamellae 

was measured by electron energy loss spectroscopy (EELS). The mean free path of the EELS was 

calculated at ~90 nm. The second microscope, JEOL 2100 TEM, at Electron Microscopy 

Laboratory (EML), was only used to characterize the specimens after microcompression. As we 

have already discussed in Chapter 2, both bright-field STEM technique [58] and rel-rod method 

[57] were applied for imaging dislocation loops. The rel-rod method specifically targets faulted 

interstitial Frank loops. Dislocations in the archive sample were imaged under a two-beam 𝑔⃗ →

3𝑔⃗ condition. The Burgers vector was determined by the invisibility criteria. Precipitates were 

characterized with the dark-field TEM. STEM HAADF imaging mode was used for characterizing 

irradiation-induced cavities [234]. The quantification of each type of defect Ni was determined as 

follows. 

𝑁𝑖 =
𝑛𝑖

𝐴𝑖𝑡𝑚
      (4.1) 

where ni is the number of defect type (loops, cavities, and precipitates) in a selected area. Ai is the 

area of a micrograph. tm is the measured thickness of the specimen (dislocation line does not count 

for the thickness). Multiple micrographs were included for statistical analysis of the average and 

standard deviation of each defect feature.  
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 Mechanical testing 

Figure 4.14 is a flow chart showing the sequence of conducting mechanical testing and the 

corresponding post-analysis of the mechanically deformed microstructure of the base metal versus 

the HAZ of the laser weldment on the neutron irradiated AISI 304L SS. We use two different 

methods as nanoindentation and microcompression experiments based on the OIM maps of the 

selection of grains of interest, i.e., {100}, {101} and {111}. The location of the HAZ was 

determined also based on the OIM mapping [22]. After we induced the plastic deformation into 

the sample, we follow the steps in section 4.3 for the TEM lamellae preparation to fabricate FIB 

lift-outs from the post-indented plastic zones and post-compressed micropillars. TEM analyses 

were then performed on these TEM specimens to identify the post-deformed microstructure. 

4.4.1 Ex-situ Nanoindentation 

Nanoindentation was conducted to measure the strength of the base metal and the HAZ. A Bruker-

Hysitron TI-950 Triboindenter with a Berkovich tip (250 nm tip radius) at MaCs, CAES was used 

at room temperature. At least an 8 × 8 indentation matrix was performed on both base and HAZ 

of the laser weldments on each condition with a separation distance of 25 µm. An unirradiated 

specimen was also evaluated as a control. The locations of the indents are compared with the OIM 

maps after nanoindentation to determine the mechanical properties along specific grain 

orientations. All measured indents were located at least 10 μm away from grain boundaries to 

minimize the grain boundary effect [249]. Indentations were carried out in a load-controlled mode 

with a constant loading rate of ~5 mN/s, a maximum indentation depth of ~1500 nm, and a holding 

time at the peak load of 5 s. Shallower indentation at depths of ~200 nm (~0.25 mN/s) and 400 nm 

(~0.5 mN/s) were also conducted. The Oliver-Pharr method [95] was used for calculating the 

hardness and elastic modulus with the assistance of the TriboScan MP 9.3.13.0 software. 

 

The Herzian elastic solution is given by [250–253]: 

𝑃 =
4

3
𝐸𝑟√𝑅ℎ3 

(4.2) 

where P is the load, R is the tip radius of the nanoindenter, h is the corresponding indentation depth, 

and Er is the reduced modulus as 
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1

𝐸𝑟
=

1−𝜈𝑖
2

𝐸𝑖
2 +

1−𝜈𝑠
2

𝐸𝑠
2      (4.3) 

 

where νi and vs are the Poisson’s ratio, and Ei and Es are the Young’s modulus of the indenter tip 

(Ei = 1141 GPa and νi = 0.07 [22]) and sample, respectively. For a specific (hkl) plane, the 

anisotropic modulus can be calculated as [254,255]: 

 

𝐸ℎ𝑘𝑙
∗ = [𝑚 + 𝑛(𝐴 − 𝐴0)𝐵]

𝐸𝑠

1−𝜈𝑠
2    (4.4) 

 

where m, n, A0, and B are functions of Poisson’s ratio of the (001) plane, and A is the shear 

anisotropy factor. These values can be found in [250,255–257]. 

 

The radius of the plastic zone is usually described by the 𝑅𝑝𝑧 = 𝑓 ∙ 𝑅𝑐, where 𝑅𝑐 is the radius of 

the nanoindenter and 𝑓 is the scaling factor which can be estimated using a well-known equation 

[258] for the normalized size of the plastic zone: 

 

𝑓 = (
2𝐸

3𝜎𝑦
)

1 3⁄

      (4.5) 

 

For the 5 mN/s loading rate, the calculated scaling factor is 5.08 and 5.12 for the unirradiated and 

irradiated sample, respectively. For the 0.5 mN/s and 0.25 mN/s loading rates, the normalized 

scaling factors are 4.84 and 4.93. It should be noted that the expansion of the plastic zone is based 

on the spherical indenter geometry.  

 

The nanoindentation experiment is modeled using an axisymmetric 2-D finite element mesh built 

in ABAQUS/CAE 6.14-1. The indentation area is 1 × 1 μm with the finest mesh spacing nearest 

the indent and gradually larger further away from the indent. A non-penetrating hard contact is 

assumed normal to the indent. Measured yield strength and modulus are adopted as input 

parameters. Load is applied to the indent in 0.5 mN increments over 40 s for each step. More 

details in the finite element modeling can be found in [259]. 
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4.4.2 In-situ micropillar compression 

Single grains ({111}, {101}, {221}, {331} etc.) were selected for micropillar testing in both the 

base metal and the HAZ; while several grain orientations have been tested, the {101} grain 

orientation was systematically studied in both the base metal and the HAZ and will thus be the 

central focus of this thesis. FIB was employed to mill 2-4 pillars of dimensions 4 × 4 × 8 μm per 

grain orientation, and a 0.1 nA beam at 30kV was used for final cleaning to minimize surface ion 

damage [260]. Each pillar was compressed with a flat punch in the Bruker Hysitron PI-88 depth-

sensing in-situ SEM mechanical testing holder (see Fig. 4.15), operating at ambient temperature. 

The compression was carried out in a displacement-controlled mode with a strain rate of ~10-3 s-1. 

The maximum strain is ~20%. Engineering stress-strain curves were converted based on the 

original pillar dimensions and the load-displacement data recorded by the PI-88. Yield strength 

was determined using the 0.2% plastic strain offset. The modulus was calculated as a secant 

modulus. The frame grabber is used to capture the videos that the SEM charge coupled device 

(CCD) screen outputs. All videos were captured at 15 frames per second and each video file has 

approximate 118583 kbps total bitrate. 
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Table 4.1 Hex coin triangles selected for removal of rectangular coupon for welding. 

Coin/Triangle He (appm) Dose (dpa) Temperature (°C) 

5D2 0.2 1 415 

3A2 3 23 430 

3E3 8 28 415 
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Table 4.2 Summary of weld parameters used to prepare welds. 

Weld Parameter Set Weld Parameter Set 1 (WPS1) 

Approximate Weld Length 1.5 inches 

Number of Pulses 300 

Lens-to-Work Distance 200 mm 

Travel Speed 2.5 inch/min 

Weld Wire Wire supplied by EPRI 

Wire Alloy Turboaloy 308L 

Wire Specification AWS A5.9-06 Class ER308L 

Wire PO EP501-0000039717 

Wire SN 742049 

Wire Heat 510676 

Wire Lot 433550 

Wire Diameter, in 0.02 

Wire Feed Speed 17 inches/min 

Power 1400 W 

Pulse Duration 38.00 ms 

Frequency 8.00 Hz 

Energy 53.20 J 

Average Power 425.60 W 

Utilization 99.30% 

Bead Overlap N/A 

 



95 

 

 

 

Figure 4.1 Rectangular coupons were sectioned from 3 hex-block “triangles” to obtain 3 welding 

coupons. (a-g) Example showing selection of left triangle 5D2 (previously obtained from Coin 

5D in 2012 of 1 dpa and 0.2 appm He) and sectioning of rectangular coupon from this triangle to 

obtain 1 of the 3 needed welding coupons. (h-j) Three hex-block triangles selected for welding 

studies. 
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Figure 4.2 Sketches showing how rectangular coupon was removed from 3 different hex-block 

triangle samples to obtain 3 welding coupons. 
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Figure 4.3 Example of in-cell process used to section rectangular coupon from hex-block 

triangle: photographs from inside the Westinghouse High Level Hot Cell showing milling of the 

surfaces on the rectangular plate removed from hex-block triangle 5D2 in preparation for 

subsequent welding. 
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Figure 4.4 Hot-cell pulsed laser welding equipment set-up.
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Figure 4.5 Keyence digital microscope images showing the typical appearance of the WPS1 

pulsed laser weld. 
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Figure 4.6 Sketch of cross-sectional weld sample geometries. 
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Figure 4.7 Photographs illustrating Step 1: cutting of thin cross-sectional slices through welds of 

interest. 
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Figure 4.8 Photographs of Step 2: further reduction of thin plate, include only the weld and a 

very limited amount of surrounding base material. 
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Figure 4.9 General appearance of further reduced weld cross sections with approximate 

dimensions of 3 mm × 2 mm × 1 mm (i.e., after Step 2 completed). 
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Figure 4.10 Light optical microscope images of selected weld samples obtained from weld 

coupon (post-etch images shown). Red arrows indicate laser weld-induced pores and red circles 

represent laser weld-induced cracks. 
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Figure 4.11 Images indicate locations for FIB lift-outs from laser welded specimen of 1 dpa, 0.2 

appm He from 5D2 hex block. 
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Figure 4.12 Images document weld, HAZ, and weld + HAZ FIB lift-outs and grid positions from 

laser weldments shown in Fig. 4.11. 
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Figure 4.13 Images document different FIB lift-out locations in the base metal, weld, and HAZ 

from laser weldments shown in Fig. 4.11. 
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Figure 4.14 Schematic diagram of the mechanical testing and the follow-up post-deformed 

microstructural analysis on deformation mechanisms. 
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Figure 4.15 Hysitron PI-88 in-situ SEM mechanical testing system at Electron Microscopy 

Laboratory (EML) at Materials and Fuels Complex (MFC) in Idaho National Laboratory (INL). 

(a) PI-88 in operation and (b) holder.  
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5. MICROSTRUCTURAL RESULTS 

 Irradiated microstructure 

Irradiation-induced defects have been characterized for each condition. Figure 5.1 shows an 

example of the typical microstructure before and after neutron irradiation. Before irradiation, the 

dislocations are clearly seen by bright-field TEM imaging in Fig 5.1 (a). The density of the 

dislocations is (0.68 ± 0.70) × 1014 m-2. No loops and cavities have been observed in the 

unirradiated archive sample. The neutron irradiation has induced defects including cavities, loops, 

precipitates, and clusters; an example of the irradiated microstructure is shown in Fig. 5.1 (b) from 

the 23 dpa, 3 appm He specimen. The dark-field TEM micrograph with 𝑔⃗ = [200] indicates a 

combination of networks of irradiation induced-defects. Considering the nature of characterizing 

irradiation-induced defects as mentioned in chapter 2, different imaging techniques are employed 

to capture the corresponding microstructure.  Throughout this chapter, micrographs will be shown 

only for the 23 dpa, 3 appm He specimen, for the purposes of brevity.  However, a summary of all 

quantitative microstructural data is provided in Table 5.1 for all irradiation and weld conditions.  

Micrographs from all other conditions are provided in Appendix. 

5.1.1 Dislocation Loops 

Dislocation loops have been observed under the bright-field STEM condition in Fig. 5.2(a). The 

micrograph of the loops is taken on the [001] zone axis. Red arrows point out the all the possible 

faulted loops under the on-zone STEM condition. The average diameter of the loops is 29.4 ± 9.5 

nm. The counted loop density is (3.22 ± 0.70) × 1021 m-3. Figure 5.2 (b) shows the size distribution 

of the loops. The overlaid Gaussian distribution is also presented. The peak loop diameter matches 

the Gaussian distribution. Despite the strong contrast of dislocations under the STEM condition, 

the high-density networking of dislocations, loops, precipitates, cavities and clusters are still 

apparent. Hence, the rel-rod technique is also adopted to image the interstitial Frank loops. The 

nature of the loops (faulted versus unfaulted and interstitial versus vacancy) can be determined by 

the inside-outside approach. The direction of the incident beam is close to [1̅1̅3] or [1̅10]. The 

small excitation error sg is larger than zero. The Burgers vectors of the Frank loops are 𝑏⃗⃗ =
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±1 3⁄ 〈111〉 by the invisibility criterion. Figure 5.3 shows the Frank loops of the 23 dpa and 3 

appm He sample. The precipitates are also visible under the rel-rod condition.  

5.1.2 Cavities 

Irradiation-induced cavities have also been characterized by a STEM HAADF detector shown in 

Fig. 5.2(a). The cavities are observed for the irradiated AISI 304L SS with 23 dpa dose and 3 appm 

He. The diameter distribution of the cavities is given in Fig. 5.2(b). The average diameter of the 

cavities is 19.3 ± 7.6 nm. The average number density of the cavities is (1.33 ± 0.33) × 1021 m-3. 

The overlaid Gaussian distribution indicates that the real peak of the diameter of the cavities is 

slightly deviating to a smaller value. A majority of these irradiation-induced cavities lie on the 

{111} planes. They typically have truncated octahedral geometry but are not saturated to grow as 

helium bubbles. One of the cavities is boarded by a dashed rectangle. The morphology of this 

cavity is revealed by high resolution TEM (HRTEM) using different focusing conditions (Fig. 

5.4(c)-overfocus and Fig. 5.4(d)-underfocus). The inset patterns are given as the fast Fourier 

transformations. This clearly shows the boundary between the cavity and the matrix as an 

incoherent interface. The void swelling can also be calculated with ∆𝑉/(𝑉 − ∆𝑉). The estimated 

void swelling is 1.67 ± 0.43%, consistent with the original reported value of ~ 1.5%.  

5.1.3 Precipitates 

Irradiation-induced precipitates have also been characterized using a simple stab of the minor 

diffraction patterns taken at a certain zone axis. Examples of precipitates are given in Fig. 5.1(b) 

and Fig 5.3(a-b). These dark-field TEM micrographs indicate the existence of precipitate groups, 

dislocations decorated with precipitates and single precipitates. Existing works on similar 

precipitates such as carbide, Ni3Si, and G-phase in identical alloys have already been summarized 

in Chapter 2. Under the TEM resolution, it is very difficult to distinguish the type of each 

precipitation. The average size of the precipitates is 14.67 ± 1.14 nm. The number density of the 

precipitates is (1.44 ± 0.54) × 1021 m-3.  

 Post-welded microstructure 

Laser weld-induced microstructural evolution is presented with respect to the change of loops, 

cavities, and precipitates. We focus on the characterization of these defects in the HAZ. 
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5.2.1 Loops 

Dislocation loops have been observed under the bright-field STEM condition in Fig. 5.5. The 

micrographs of the loops were taken on the [1̅1̅3] zone axis shown in the inset diffraction patterns. 

Red arrows point out the all the possible loops. Two different conditions of dose and He are given 

in Fig. 5.2(a)-23dpa, 3 appm He and Fig. 5.2(b)-28dpa, 8 appm He, respectively. For the 3 appm 

case, the average diameter of the loops is 22.3 ± 8.7 nm and the counted loop density is (8.03 ± 

3.11) × 1021 m-3. For the 8 appm case, the average diameter of the loops is 19.3 ± 7.9 nm and the 

counted loop density is (12.80 ± 2.09) × 1021 m-3. Despite the strong contrast of dislocations under 

the STEM condition, the high-density networking of dislocations, loops, precipitates, cavities, 

clusters, and black dots are still apparent. We thus also apply the rel-rod technique to image the 

interstitial Frank loops. The direction of the incident beam is close to [1̅1̅3] or [1̅10]. The small 

excitation error sg is larger than zero. The Burgers vectors of the Frank loops are 𝑏⃗⃗ = ±1 3⁄ 〈111〉 

by the invisibility criterion. Figure 5.6(a-b) shows the Frank loops along with precipitates of the 

23 dpa, 3 appm He sample and the 28 dpa, 8 appm He sample, respectively. 

5.2.2 Cavities 

The HAADF STEM imaging technique is also employed to characterize irradiation-induced 

cavities in the HAZ as shown in Fig. 5.7(a) for 23 dpa, 3 appm He, and Fig. 5.7(b) for 28 dpa, 8 

appm He, respectively. In the 23 dpa, 3 appm He sample, the counted average diameter of the 

cavities is 16.2 ± 4.4 nm, and the number density of the cavities is (1.36 ± 1.21) × 1019 m-3. In the 

28 dpa, 8 appm He sample, the counted average diameter of the cavities is 22.2 ± 4.2 nm, and the 

number density of the cavities is (1.45 ± 1.29) × 1019 m-3. The cavities have been annealed during 

the laser welding in the HAZ, indicating a lower density number and smaller size of these cavities. 

5.2.3 Precipitates 

Figure 5.6 shows the Franks loops with precipitates. We also applied weak-beam dark-field 

(WBDF) imaging technique to observe the irradiation-induced precipitates (see Fig. 5.8). In 

addition, we have observed laser weld-induced precipitates in the HAZ much larger than the 

irradiation-induced precipitates. For instance, at 23 dpa, 3 appm He, the Cr enriched precipitate 

has appeared in the HAZ (Fig. 5.9). The EDS line scan shows the increase of Cr from 19 at% in 

the matrix to 30 at% in the precipitate. At a lower condition, 1 dpa, 0.2 appm He, the number 
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density of precipitates has increased as shown in Fig. 5.10(a). The inset selected area diffraction 

(SAD) pattern in Fig. 5.10(b) indicates the precipitate has a bcc structure on the [001] zone axis 

while the matrix is on the fcc [111] zone axis, which is also distinguishable from the HRTEM 

image of the matrix/precipitate interface. Fig. 5.10(c) shows the increase of Cr content of the 

precipitate compared to the matrix. 

 Comparison of microstructural trends 

5.3.1 Grain structure 

An SEM image is given in Fig. 5.11(a) showing the cross-section of the laser weld of the neutron 

irradiated AISI 304L SS at 23 dpa dose and 3 appm He concentration. The straight green box 

shows the interface at the welding boundary with an optical microscope. The HAZ is extended 

into the base metal. Laser weld-induced pores have also been observed, represented by red arrows. 

The dotted oval indicates smaller cracks in the HAZ. The dashed red box has been selected for the 

EBSD scan. The OIM map in Fig. 5.11(b) shows the transition from dendritic grains in the weld 

fusion zone to equiaxed grains in the base metal. The HAZ is an intermediate region with a 

combination of both elongated and circular grains. The average grain size of the base metal and 

the HAZ is 52.1 ± 25.4 μm, while the weld metal is 30.7 ± 18.5 μm. Figure 5.12 gave the 

micrographs of light optical microscope of selected weld cross-sections with the 1 dpa, 0.2 appm 

He sample and the 23 dpa, 3 appm sample. The cracks have been observed in the 23 dpa, 3 appm 

sample. The outlined crack area is ~1081 μm2.  

5.3.2 Comparison of loops and cavities 

Figure. 5.13 gives a summary of the microstructure comparison between the base metal and HAZ 

for dose level of 1, 23, and 28 dpa and He concentration 0.2, 3 and 8 appm. At a low He 

concentration, no cracking has been observed. At a higher He concentration ~3 appm, laser weld-

induced cracking has been generated. Laser weld-induced pores have also been observed at higher 

He conditions. The laser weld removes the cavities in the HAZ. The loops are relatively smaller, 

but the population has not been greatly reduced quantitatively. The trends of the loops and cavities 

are given in Fig. 5.14(a-b) for both the base metal and the HAZ. The number density of the cavities 

increases with the dose level and He concentration. The size of the cavities also increases with the 

dose level and He concentration. After laser welding, the number density of the cavities in the 
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HAZ has reduced to two orders of magnitude smaller than the base metal. The loop densities of 

the base metal and the HAZ increase as the dose level and He concentration go up. The number 

density of loops in the base metal is still comparable to the HAZ with respect to the order of 

magnitude. The size of the loops decreases the dose level and He concentration rise because the 

loops saturate at certain irradiation level [56]. A summary of the microstructural features including 

loops, cavities and grains is listed in Table 5.1. 

5.3.3 Comparison of radiation-induced segregation 

Radiation-induced segregation (RIS) has been given by conducting an EDS line scan at the grain 

boundary in the laser welds. The base metal of the 1 dpa, 0.2 appm He is shown in Fig. 5.15(a), 

with a concentration of Ni, depletion of Cr, and a slight decrease of Mn at the grain boundary, 

which is consistent to the report in Chapter 2. After the laser welding, the HAZ of the 0.2 appm 

exhibits the decrease of RIS at the grain boundary for Ni, Cr and Mn at the grain boundary (see 

Fig. 5.15(b)). The same trends can also be found in the 23 dpa, 3 appm and 28 dpa, 8 appm HAZ 

(Fig. 5.15(c-d)).The oscillations of the concentration profiles might be related to the dislocation 

motion [261]. 
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Table 5.1 Summary of microstructure features in the laser welds of all conditions. 

Condition Void Density 

[𝐦−𝟑] 
Void 

Diameter 

[𝐧𝐦] 

Loop Density 

[𝐦−𝟑] 
Loop 

Diameter 

[𝐧𝐦] 

Grain 

Size 

[µ𝐦] 
0.2 appm, 

1 dpa 

Base 

0.10 ± 0.078
× 1021 

16.3 ± 6.1 1.54
± 0.75 × 1021 

41.7
± 13.4 

47.5
± 2.3 

0.2 appm, 

1 dpa 

HAZ 

5.00 ± 2.38 × 1019 11.4 ± 3.9 2.40
± 0.77 × 1021 

22.8 ± 4.5 49.2
± 4.1 

3 appm, 

23 dpa 

Base 

1.20 ± 0.29 × 1021 20.9 ± 7.7 8.03
± 3.11 × 1021 

22.3 ± 8.7 52.0
± 1.5 

3 appm, 

23 dpa 

HAZ 

1.38 ± 1.21 × 1019 16.2 ± 4.4 5.77
± 2.11 × 1021 

14.2 ± 3.9 52.7
± 5.3 

8 appm, 

28 dpa 

Base 

1.36 ± 7.03 × 1021 24.9 ± 8.7 12.8
± 2.09 × 1021 

19.3 ± 7.9 51.6
± 6.2 

8 appm, 

28 dpa 

HAZ 

1.42 ± 1.29 × 1019 22.2 ± 4.2 12.5
± 1.62 × 1021 

8.9 ± 1.9 46.9
± 7.4 

Archived - - - - 52.0
± 17.7 
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Figure 5.1 Comparison of microstructure before and after neutron irradiation. (a) Dislocations in 

the archive AISI 304L SS and (b) defect networks in irradiated AISI 304L SS at 23 dpa and 3 

appm He under dark-field TEM mode with 𝑔⃗ = [200]. 
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Figure 5.2 Dislocation loops in the irradiated AISI 304L SS with 23 dpa and 3 appm He under 

the bright-field STEM mode. (a) Bright-field STEM imaging of dislocation loops on [001] zone 

axis (inset diffraction pattern). (b) Loop size distribution in (a) with overlaid Gaussian 

distribution. 
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Figure 5.3 Rel-rod method of imaging Frank loops. (a-b) Frank loops with precipitate groups and 

single precipitates of neutron irradiated AISI 304L SS of 23 dpa and 3 appm He condition. 
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Figure 5.4 Detailed microscopy and statistical analysis of irradiation induced-cavities on the 

irradiated AISI 304L SS of 23 dpa and 3 appm He. (a) HAADF STEM imaging of cavities. (b) 

Size distribution of cavities overlaid with a Gaussian distribution. (c-d) HRTEM (with inset 

FFTs) of a cavity enveloped by the dashed rectangle in (a) shows the incoherent interface 

between the cavity and the matrix under different focusing conditions: (c) overfocus and (d) 

underfocus. 
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Figure 5.5 Bright-field STEM images of loops in the HAZ on [1̅1̅3] zone axis with inset 

diffraction patterns. (a) 23 dpa, 3 appm He and (b) 28 dpa, 8 appm He. 
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Figure 5.6 Rel-rod images of interstitial Frank loops in the HAZ: (a) 23 dpa, 3 appm He and (b) 

28 dpa, 8 appm He. 
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Figure 5.7 HAADF of cavities in the HAZ: (a) 23 dpa, 3 appm He and (b) 28 dpa, 8 appm He. 
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Figure 5.8 Weak-beam dark-field image of precipitates in the HAZ of a 28 dpa, 8 appm He 

sample. 
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Figure 5.9 Cr enriched precipitate in the HAZ of the 23 dpa, 3 appm He sample. EDS line scan 

across the boundary shows Cr enrichment in the precipitate compared with the matrix. 



125 

 

 

 

Figure 5.10 Detailed analysis of the Cr enriched precipitate in the HAZ. (a) Laser weld-induced 

precipitates in the 1dpa, 0.2 appm He sample. (a) SAD of the matrix versus the precipitate with 

inset of HRTEM image of the interface between the interface and the precipitate. (c) EDS line 

scan across the boundary shows Cr enrichment in the precipitate compared to the matrix. 
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Figure 5.11 Laser weldment of a neutron irradiated AISI 304L SS of 23 dpa and 3 appm He. (a) 

SEM micrograph of the finished laser weld cross-section. Red arrows indicate weld-induced 

pores. Straight green box shows the interface of the weld boundary between the weld and the 

HAZ. Dotted blue oval represents the laser weld-induced cracking in the HAZ. (b) OIM maps of 

the weldment cross-section of the dashed red rectangular box in (a): transition from elongated 

dendritic grains in the weld region to the equiaxed grains in the base metal and the HAZ has a 

combination of both dendritic and equiaxed grain structure. 
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Figure 5.12 Selected 23 dpa, 3 appm He laser welds-SEM imaging and crack analysis. 
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Figure 5.13 Summary of microstructure of the laser welds of neutron irradiated AISI 304L SS at 

different dose levels (1, 23, 28 dpa) and He (0.2, 3, 8 appm) concentrations: grain structure with 

OIM mapping, HAZ cracking, images of the loops and cavities in the base metal and HAZ. 
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Figure 5.14 Microstructural evolution in the base metal and HAZ versus the dose level He 

concentration. (a) Average cavity density and diameter and (b) average loop density and 

diameter. 
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Figure 5.15 Radiation-induced segregation (RIS) at the grain boundary of the laser weld for Cr, 

Ni, Mn: (a) 1 dpa, 0.2 appm He in the base metal, (b) 1dpa, 0.2 appm He in the HAZ, (c) 23 dpa, 

3 appm He in the HAZ, and (d) 28 dpa, 8 appm He in the HAZ. 
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6. MECHANICAL TESTING RESULTS 

This chapter will cover the mechanical testing, including nanoindentation and micropillar 

compression tests, on the laser weldment of irradiated AISI 304L SS. The outcome of these tests 

includes not only the hardness and modulus data, but also the mechanically induced deformation, 

which we will subsequently study in Chapter 7 to confirm the deformation modes. All the test 

conditions have been listed in Table 6.1. 

 Mechanical properties by nanoindentation 

Nanoindentation experiments have been performed in both the base metal and the HAZ. Figure 

6.1 shows a typical example of the load versus displacement curve during the nanoindentation. 

The Berkovich tip has been captured during the indentation of {111} grains in the base metal of 

the 1 dpa, 0.2 appm He AISI 304L SS sample in Fig. 6.1 (a-d). The ductility of the sample makes 

the in-situ nanoindentation difficult to discern the brittle fracture around the corner areas covered 

by the Berkovich tip. The ex-situ nanoindentation still provides useful information such as 

hardness and elastic modulus. This has been demonstrated in Fig. 6.1 (e-f), showing the indentation 

marks with the corresponding grain structure under light optical microscopes. The irradiated AISI 

304L SS sample is 23 dpa and 3 appm He with base metal in Fig 6.1 (e) and the HAZ in Fig. 6.1 

(f). The TEM lift-out marks under the indents of {101} grains can also be seen in Fig. 6.1 (e-f). 

6.1.1 Hardness and elastic modulus 

Hardness and moduli were probed specifically to the {100}, {110}, and {111} grains in Fig. 6.2(a-

b). Nanoindentations were conducted along the top-down direction consistent with the OIM grain 

orientation map as shown in Fig. 6.2(c-d) (archive and base metal) and Fig. 5.11(b) (HAZ). These 

EBSD maps provide the precise location for grain orientation-specific nanoindentation 

experiments. The number of data points collected for the {100}, {110}, and {111} grains are 18 

and 15, 55, and 9, and 10 and 13 for the unirradiated and irradiated AISI 304L SS sample with 23 

dpa, 3 appm He, respectively. Average hardness values in the {100}, {110}, and {111} directions 

are 2.93 ± 0.12 GPa, 3.23 ± 0.22 GPa, and 3.24 ± 0.12 GPa for the archive 304L and 3.39 ± 0.19 

GPa, 3.87 ± 0.22 GPa, and 3.76 ± 0.25 GPa for the irradiated sample with 23 dpa, 3 appm He, 
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respectively. The corresponding average moduli are 171 ± 6 GPa, 179 ± 7GPa, and 184 ± 5 GPa 

for the archive AISI 304L and 208 ± 3 GPa, 222 ± 9 GPa, and 226 ± 13 GPa for the irradiated 

sample with 23 dpa, 3 appm He, respectively. The mechanical properties of the archive and base 

metal are summarized in Table 6.1. For the HAZ, 33, 19, and 41 data points are taken for each 

orientation plane (Fig. 1(c-d)). The base has a hardness range of 3.4-3.8 GPa and a modulus range 

of 208-225 GPa. The HAZ has a decrease of anisotropy in both hardness, which decreased to 2.5 

GPa, and modulus, which decreased to a range of 201-203 GPa. {101} grains have exhibited the 

largest change of hardness before and after the laser welding. The hardness and modulus versus 

distance along the indention have also been given in Fig. 6.3(a-b). The decrease of hardness and 

modulus implies that the HAZ is softened by the laser welding. Average hardness and moduli with 

the measurement errors are also listed in Table 6.2.  

 

These results reveal weak grain orientation dependence of hardness and modulus in both the 

archive and irradiated specimens. However, the irradiation-induced increases in hardness and 

modulus on {110} planes are relatively larger than those on {100} and {111} planes. Statistical 

distributions of the hardness and modulus from all 204 indents taken on each specimen (i.e. archive 

and irradiated 23 dpa, 3 appm He) are shown in Fig. 6.4(a-b). These distributions indicate that the 

neutron irradiated AISI 304L SS of 23 dpa, 3 appm He exhibits higher hardness and modulus 

compared to its unirradiated counterparts. Given the weak anisotropy in hardness in both the 

archive and neutron irradiated AISI 304L SS of 23 dpa and 3 appm He, the average mechanical 

properties (over all grain orientations) may be a representative indicator of the irradiation effect. 

The average values of the hardness and modulus are 3.16 ± 0.23 GPa and 178 ± 7 GPa for the 

archive 304L SS, and 3.70 ± 0.31 GPa and 214 ± 14 GPa for the neutron irradiated AISI 304L SS 

of 23 dpa and 3 appm He, indicative of irradiation hardening and embrittlement. The HAZ has less 

anisotropy, thus the average values of the hardness and modulus are also indicative factors of the 

laser welding annealing. All mechanical quantifications are summarized in Table 6.2. 

6.1.2 Post-nanoindentation microstructure 

After nanoindentation, TEM lamellae from {101} grains were prepared for the archive, base metal 

and HAZ in the 23 dpa, 3 appm He sample. We will present the archive and base metal first and 

then follow up with the HAZ. 
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6.1.2.1 Archive versus irradiated AISI 304L SS 

The post-indentation microstructures under the indent are shown in Fig. 6.5(a-b) for archive and 

neutron irradiated AISI 304L SSs of 23 dpa and 3 appm He. Typical load versus displacement (P-

h) curves were shown in Fig. 6.5 (c) for both archive and neutron irradiated AISI 304L SSs of 23 

dpa and 3 appm He samples along [101] orientation. 

 

For the post-indented archive material, dislocation networks, slip bands and twinning are observed 

without notable phase transformation (Fig. 6.6(a)). However, in the neutron irradiated specimen 

of 23 dpa and 3 appm He, a high density of martensite laths was observed, extending from the 

indentation depth to 10 μm underneath the indenter tip (Fig. 6.6(b)). 

 

In addition, two pop-ins (i.e., load drops or displacement bursts and discontinuities enveloped by 

two dashed red circles) were observed in the load-displacement curve at indentation depths ~410 

and ~433 nm. The load drops at depth of ~410 and 433 nm correspond to the austenite-to-

martensite phase transformation, as the martensite phase was not observed at the depth lower than 

400 nm (see Fig. 6.7). The pop-ins associated with austenite-to-martensite phase transformation 

were not present in the load-displacement curve of the unirradiated specimen, suggesting the 

absence of austenite-to-martensite phase transformation. Assuming the indenter tip is nearly 

spherical at shallow depth, we can compare the experimental data with the Hertzian elastic contact 

solution [250,251], also shown in Fig. 6.5(c) (see Chapters 2 and 7). 

 

Bright-field TEM micrographs taken from the indent plastic zone, in Fig. 6.6, show that 

deformation twins form in the archive specimen, while martensite laths form in its neutron 

irradiated counterparts. The TEM micrographs of the indented archive specimen taken along [11̅1] 

zone axis show [111]<112> twins. The diffraction pattern of neutron irradiated AISI 304L SS of 

23 dpa and 3 appm He taken along [13̅1] zone axis reveals the existence of the fcc γ-Fe austenite 

phase and the bcc α’ martensite phase. The measured lattice constants of the archive and neutron 

irradiated AISI 304L SS of 23 dpa and 3 appm He are 3.75 ± 0.07 Å and 3.73 ± 0.07 Å, respectively. 

The measured lattice constant of the α’ martensite is 2.83 ±0.12 Å. The orientation relationship 

follows the Pitsch model [262], and the transformation follows the Bain deformation rules [262–
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264], indicating the plane parallel  (101̅)𝛾//(211̅)𝛼’ , direction parallel [01̅0]𝛾//[01̅1̅]𝛼’ , and 

Bain distortion strain is type 1 as [
0.75 0 0

0 1.41 0
0 0 1.41

]. 

6.1.2.1.1 Bain transformation 

The Bain transformation shown can be expressed in the following three Bain strains [265] 

depending on the compression axis: 

𝐵1 = [
𝛽 0 0
0 𝛼 0
0 0 𝛼

], 𝐵2 = [
𝛼 0 0
0 𝛽 0
0 0 𝛼

], 𝐵3 = [
𝛼 0 0
0 𝛼 0
0 0 𝛽

].   (6.1) 

where 𝛼 = √2𝑎 𝑎0⁄  and  𝛽 = 𝑐 𝑎0⁄ . The term 𝑎0 is the lattice parameter of the fcc phase, 𝑐 ≥ 𝑎 is 

the lattice parameter of the bct phase, and c = a for the bcc structure. The rigid body rotation R can 

lead to the transformation from fcc to bct/bcc, given as: 

 

𝑇 = 𝑅𝐵𝑖     (6.2) 

 

The detailed mathematical derivation of the transformation strain operation can be found in ref. 

[266]. Typical orientation relationship is listed in Table 6.3 [256,264,267]. In this paper, we adopt 

the Pitsch model for illustrating the orientation relationship. The corresponding orientation 

relationship of the plane parallel and direction parallel has been given as: 

 

(110)𝛾//(1̅1̅2̅)𝛼’ and [001]𝛾//[11̅0]𝛼’   (6.3) 

Based on the parallels from determining the conjugation of the strain variants, we can also use 

[268]: 

(010)𝛾//(101)𝛼’ and [101]𝛾//[1̅11]𝛼’   (6.4) 

All the Pitsch orientation relationships and the corresponding transformation strain have been 

summarized in Table 6.4. 

 

In the neutron irradiated 304L SS, the irradiation-induced cavity structure is embedded with 

deformation-induced α’ martensite, as shown in Fig. 6.8(a) at a depth of ~10 μm under the indenter 
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tip. Red arrows identify martensite laths on the [13̅1] zone axis. Fig. 6.8(b) shows that the cavities 

and martensite laths coexist without interfering each other.  High resolution TEM (HRTEM) of 

the martensite-lath tips reveals an incoherent martensite-matrix interface, Fig. 6.8(c), indicating 

the difference in lattice structure between the matrix and the martensitic phases. HRTEM of the 

interface between a martensite needle and a void, Fig. 6.8(d), reveals the incoherent interface 

between the matrix and the void, showing a lattice misfit ~0.24 where the matrix is the fcc γ phase 

at the [13̅1] orientation, whereas the martensite is the bcc α’ phase at the [1̅31] orientation. The 

martensitic phase has a stronger contrast in HRTEM compared with the matrix and the void, due 

to the HRTEM phase-contrast effect. 

6.1.2.2 Base metal versus HAZ 

After laser welding, we have observed softening in the HAZ compared with the irradiated base 

metal. Figure 6.9 directly compares the post-indentation microstructure of the base metal and the 

HAZ. Two different pathways are observed between these two regions. In the base metal, the 

deformation-induced martensite laths (Fig. 6.9(a)) have been confirmed with the diffraction pattern 

(Fig. 6.9(b)) The bright-field TEM micrograph in Fig. 6.9(a) is captured along the [13̅1] zone axis 

in the matrix –fcc γ austenite phase (lattice is depicted by a straight white box). The minor 

diffraction spots are the martensite laths-bcc α’ martensitic phase (lattice is depicted by a dashed 

red box). The orientation relationship follows the Pitsch shear model [268] with an orientation 

parallel [001]𝛾//[1̅01]𝛼’ and plane parallel (1̅1̅0)𝛾//(1̅2̅1̅)𝛼’. Martensite laths have also been 

observed across the irradiation-induced cavity in Fig. 6.9(c). The HAZ has undergone a different 

path as the 𝛾 → 𝜀 → 𝛼’ transformation. The schematic diagram is shown in Fig. 2.30. The bright-

field TEM of Fig. 6.9(d) shows the formation of hcp-ε shear bands beneath the indent. The 

diffraction pattern in Fig. 6.9(e-f) further reveals the crystallography structure of these two plates. 

Fig. 6.9(f) indicates the two hcp-ε plates intersect and emerge into α’ martensite in the intersection. 

  

The orientation relationship of this 𝛾 → 𝜀 → 𝛼′  transformation can be referred to as the 

Kurdjumov-Sachs (K-S) model [269]. The orientation parallel is [1̅10]γ//[112̅0]𝜀//[11̅1]𝛼′ and the 

plane is (111)𝛾//(0002)𝜀1
//(011)𝛼′. The classical BBOC model can be referred to in order to 

illustrate the dislocation behavior during this transformation (more information can be found in 

Chapter 7). The two ε plates have two arrays of a/6<112> partial dislocations on every second and 
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every third {111}𝛾 plane. The 𝜀1 (T/2) has an average of 1/2 of the twinning shear whereas the 𝜀2 

(T/3) has an average of 1/3 of the twinning shear. The resulting prismatic bcc structure with a 

closed-packed direction parallel 〈110〉𝛾 //〈111〉𝛼′  forms at the intersection of these two hcp-ε 

plates.  

 

To determine the stress dependency of the deformation-induced martensitic transformation, post-

indentation microstructures at different stress levels are shown in Fig. 6.10. Since the size factor 

between the base metal and the HAZ does not drastically deviate from each other, we used an 

average value of the hardness and modulus for the finite element modeling for simplicity. The 

stress-dependent deformation mechanisms have been found by variation of the indentation depths. 

At a shallower indentation depth of ~200 nm (Fig. 6.10(a-b)), we have not seen any phase 

transformation but only dislocation dissociation in both the base and the HAZ. Figure 6.10(c) 

simulates the Von Mises [258] stress map Regions in red and orange represent the plastic zone 

(magenta box) corresponding to the microstructures in Fig. 6.10(a-b).  At a larger indentation depth 

of ~400 nm (Fig. 6.10(d-e)), we can see the two different modes of martensitic transformation in 

the base metal and the HAZ. This time, the magenta box in Fig. 6.10(f) at approximately 500 nm 

beneath the indent is no longer the plastic zone. From the depth controlled nanoindentation in Fig. 

6.7 and Fig. 6.10, the increased stress level reveals the martensitic transformation is indeed induced 

by stress. In the base metal, α’ martensite laths have been observed. The HAZ has two hcp-ε plates 

formed. Compared to the largest ~1500 nm depth indent, there is no nucleation of α’ martensite at 

the intersection of the ε plates. The archive material has only experienced twinning under the same 

loading conditions. 

 Mechanical properties by micropillar compression 

Microcompression experiments are conducted on both the base metal and the HAZ along the same 

orientation, enabling a direct comparison of the deformation mechanisms across the weldment of 

irradiated AISI 304L SS of 1 dpa, 0.2 appm He. The deformation mechanism of the neutron 

irradiated weldment is studied using transmission electron microscopy. 
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6.2.1 Hardness and modulus 

Stress-strain curves from the micropillar compression tests on {101} grains in both the base metal 

and the HAZ are presented in Fig. 6.11(a-b). The base metal has an average yield stress of 999 ± 

54 MPa, while the HAZ has a lower average yield stress of 828 ± 144 MPa. The effective modulus, 

Yeff, is calculated from the secant modulus from the stress-strain curve (Fig. 6.11(c-d)). The average 

modulus of base metal {101} grains is 48 ± 21 GPa, whereas the average modulus of the HAZ 

{101} grains is 31 ± 17 GPa. Stress-strain curves from other grain orientations can be found in Fig. 

6.12; similar trends revealing laser weld-induced softening are observed across all grain 

orientations. 

 

From the stress-strain curves (Fig. 6.11(a-b)) of the {101} grains, load drops can be observed 

during compression tests on the HAZ (marked by arrows in Fig. 6.11(b)). However, no such events 

are observed in the base metal. The ductile slip during compression in the base metal is more 

predominant than the HAZ shown in Fig. 6.11(c). These load drops are believed to correspond to 

twinning events, which can be categorized into three regions as shown in Fig. 6.11(d): incipient 

twinning (twinning nucleation), twinning migration, and twinning hardening (twin-twin 

interaction) [270]. Confirmation of the twinning process is obtained through post-compression 

TEM characterization and will be presented later in this chapter. 

6.2.2 Post-compression microstructure 

Figure 6.13 compares representative in-situ SEM microcompression tests on {101} grains from 

the base and the HAZ. In the base metal, the slip initiates at a strain of ~0.07 (Fig. 6.13(b)); the 

slip planes become evident in Fig. 3(b-d), marked by blue arrows. The final strain reached is ~0.25 

(Fig. 6.13(d)). Post-compression TEM reveals dissociation of dislocations in Fig. 6.13(e), with a 

deformation-induced phase transformation in the base metal, Fig. 6.13(f). Specifically, the face 

centered cubic (fcc)-γ phase forms needles of the hexagonal close-packed (hcp)-ε martensite. The 

crystallographic orientation relationship of these two phases follows the direction parallel 

[110]𝛾‖[2̅110]𝜀  and plane parallel (11̅1)𝛾‖(0001)𝜀  [271]. This finding is consistent with our 

previous studies of deformation-induced phase transformation by nanoindentation on the same 

irradiated AISI 304L SS base metal [140] and the nanoindentation results in section 6.1.2. No 

deformation-induced twins are found in the base metal. Fig. 6.13(g-j) shows a representative 
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micropillar compression on a (101) grain in the HAZ. Incipient twinning begins to occur at a strain 

of ~0.05 (Fig. 6.13(h), marked by red arrows). With continued loading, the deformation twins 

migrate; this phenomenon can be seen in the in-situ video [272] and in Fig. 6.13(i) as multiple 

twins merge with decreasing space between them. As the strain further increases, twinning 

hardening begins to dominate (Fig. 6.13(j)). The final strain is ~0.22. These deformation twins are 

confirmed by bright field and dark field TEM characterization of the post-compression 

microstructure (Fig. 6.13(k-l)). The average twin spacing is 294 ± 46.1 nm. Microtwins have 

widths larger than 200 nm (Fig. 6.13(l)), while nanotwins have widths less than 20 nm (see Fig. 

6.14). No deformation-induced martensite is observed in the HAZ. Deformation behavior in the 

unirradiated archive shows similar twinning as the nanoindentation (see Fig. 6.15). Figure 6.16 

summarizes the deformation behavior of the base metal and HAZ in the 1 dpa, 0.2 appm He AISI 

304L SS sample.  

 

The observed slip/twinning planes are confirmed by reconstruction of the pillar geometry using 

the 3D SOLIDWORKS® software. Each of the four {111} family planes is examined 

mathematically using the Euler angle rotation matrix to match the equivalent planes with the 

calculated normal vector of the planes observed in the in-situ SEM video. The plane observed in 

the base metal pillar corresponds to the (111̅) (S1) slip plane (Fig. 6.13(m)), while the HAZ pillar 

has two sets of twinning planes, (111) (T1) and (11̅1) (T2), as shown in Fig. 6.13(n).  

 

The Schmid factors (SFs) of the slip {111}〈011〉 and twinning {111}〈112〉 systems along the [101] 

compression axis are 0.41 and 0.24, respectively. Table 6.5 summarizes the SFs for slip and 

twinning systems along the [101] loading direction. The SFs are subsequently used to calculate 

the critical resolved shear stress (CRSS); a smaller SF indicates a lower CRSS on the deformation 

plane. In the specimens studied here, the base metal has a CRSS of 410 ± 22.2 MPa, while the 

HAZ has a CRSS on the twinning plane of 199 ± 34.6 MPa. The difference in the CRSS between 

the base metal and the HAZ is more significant than that difference in yield stress; this is attributed 

to twinning, which significantly reduces the CRSS in the HAZ. The Thompson tetrahedron (see 

Fig. 6.17) is used to visualize possible twinning systems in an fcc crystal. The closest-packed 

planes for twinning are represented by each face of the Thompson tetrahedron (i.e., BCD-α, ACD-

β, ABD-γ and ABC-δ). The dashed lines represent the possible twinning directions for partial 
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dislocations, whereas the edges of the tetrahedron correspond to slip directions. For instance, δB 

and αC are the observed twinning systems, (111)[2̅11] and (11̅1)[211̅], respectively, confirming 

the SOLIDWORKS® rendering of the deformation planes.  
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Table 6.1 Mechanical testing on all conditions. 

Coin/Triangle He 

(appm) 

Dose 

(dpa) 

Temperature 

(°C) 

Nanoindentation Micropillar 

compression 

5D2 0.2 1 415 Completed Completed 

3A2 3 23 430 Completed Future 

3E3 8 28 415 Completed - 
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Table 6.2 Hardness and modulus measurement by nanoindentation of the laser welds of 

irradiated AISI 304L SS of 23 dpa, 3 appm He. 

Mechanical properties Unirradiated 

archive 

Neutron irradiated base 

metal 

HAZ 

Hardness 

[GPa] 

100 2.93 ± 0.12 3.39 ± 0.19 2.53 ± 0.24 

110 3.23 ± 0.22 3.87 ± 0.22 2.47 ± 0.11 

111 3.24 ± 0.12 3.76 ± 0.25 2.51 ± 0.18 

Average 3.16 ± 0.23 3.70 ± 0.31 201 ± 7 

Modulus 

[GPa] 

100 179 ± 7.07 208 ± 3.40 2.50 ± 0.20 

110 184 ± 4.56 222 ± 9.38 201 ± 7 

111 208 ± 3.40 226 ± 12.7 203 ± 8 

Average 178 ± 7.20 214 ± 14.2 198 ± 14 

Deformation mode Twinning 𝛾 →  𝛼’ 𝛾 →  𝜀 →  𝛼’ 
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Table 6.3 Summary of the fcc-bcc orientation relationship. 

Model Plane parallel Direction parallel No. of 

variants 

Bain [265] {010}𝛾//{010}𝛼’ 〈001〉𝛾//〈101〉𝛼’ - 

Kurdjumov-Sachs(K-S)[269] {111}𝛾//{110}𝛼’ 〈110〉𝛾//〈111〉𝛼’ 24 

Nishiyama-Wassermann (N-W) 

[273,274] 

{111}𝛾//{110}𝛼’ 〈011〉𝛾//〈001〉𝛼’ 12 

Greninger-Troiano (GT) [275] {111}𝛾~1° to 

 {110}𝛼’ 

〈121〉𝛾~2° to 

〈110〉𝛼’ 

24 

Pitsch [268] {001}𝛾//{101}𝛼’ 〈110〉𝛾//〈111〉𝛼’ 12 
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Table 6.4 The Pitsch orientation relationships. 

Variant No. Plane parallel Direction parallel Bain Variant 

1 (011̅)𝛾//(1̅21̅)𝛼’ [100]𝛾//[101̅]𝛼’ B2 

2 (1̅01)𝛾//(1̅12̅̅̅̅ )𝛼’ [010]𝛾//[1̅10]𝛼’ B3 

3 (11̅0)𝛾//(21̅1̅)𝛼’ [001]𝛾//[01̅1]𝛼’ B1 

4 (110)𝛾//(121̅)𝛼’ [001]𝛾//[101]𝛼’ B2 

5 (01̅1)𝛾//(11̅2)𝛼’ [1̅00]𝛾//[1̅1̅0]𝛼’ B3 

6 (1̅01̅)𝛾//(2̅1̅1̅)𝛼’ [010]𝛾//[011̅]𝛼’ B1 

7 (1̅1̅0)𝛾//(1̅2̅1̅)𝛼’ [001]𝛾//[1̅01]𝛼’ B2 

8 (011)𝛾//(1̅12)𝛼’ [100]𝛾//[110]𝛼’ B3 

9 (101̅)𝛾//(211̅)𝛼’ [01̅0]𝛾//[01̅1̅]𝛼’ B1 

10 (1̅10)𝛾//(1̅21)𝛼’ [001̅]𝛾//[1̅01̅]𝛼’ B2 

11 (01̅1̅)𝛾//(1̅1̅2̅)𝛼’ [100]𝛾//[11̅0]𝛼’ B3 

12 (101)𝛾//(21̅1)𝛼’ [010]𝛾//[011]𝛼’ B1 
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Table 6.5 Schmid factors (SFs) for slip and twinning systems along the [101] loading direction. 

Slip (111)[011̅] (111)[1̅10] Twinning (111)[2̅11] (111)[112̅] 
SF 0.41 0.41 SF 0.24 0.24 

Slip (111̅)[011] (111̅)[11̅0] Twinning (11̅1)[211̅] (11̅1)[11̅2̅] 
SF 0.41 0.41 SF 0.24 0.24 
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Figure 6.1 Typical load-displacement curve of the nanoindentation. (a-d) snapshots of the 

Berkovich tip indenting the (111) grain of the base metal in the 1dpa, 0.2 appm He sample. (e-f) 

Indentation mapping with the grain structure under light optical microscope. (e) Indentation 

marks with TEM lift-out in the base metal of the 23 dpa, 3 appm He sample. (f) Indentation 

marks with TEM lift-out in the HAZ of the 23 dpa, 3 appm He sample. 
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Figure 6.2 Nanoindentation measurements of (a) hardness and (b) modulus on {100}, {101} and 

{111} grains of the archive AISI 304L SS, base metal, and HAZ. OIM maps of area of the grains 

tested by the nanoindentation experiments. (c) Corresponding indenting area of the archive 

sample. (d) Corresponding indenting area of the irradiated base metal. 
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Figure 6.3 (a) Hardness and (b) modulus along the indentation across the HAZ. 



148 

 

148 

 

 

Figure 6.4 Comparison of hardness and modulus data from all indentation experiments in the 

archive and irradiated base metal of AISI 304L SS of the 23 dpa and 3 appm He condition. (a) 

Hardness histogram. (b) Modulus histogram. 
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Figure 6.5 TEM micrographs of the post-indentation microstructure: (a) archive AISI 304L SS 

containing deformation twins, and (b) irradiated AISI 304L SS of the 23 dpa and 3 appm He 

containing martensite needles. (c) Comparison of load-displacement curves of the archive (black 

line) and irradiated (red line) AISI 304L SS on {110} grains with the Hertzian elastic solution 

(blue line). Dotted red circles indicate the initiation of pop-ins. 
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Figure 6.6 Bright-field TEM micrographs of the post-indentation microstructure of: (a) archive 

AISI 304L SS at [11̅1] zone axis and (b) neutron irradiated AISI 304L SS at [13̅1] zone axis. 

Diffraction patterns of (c) archive matrix, red circles represent the minor diffraction spots of the 

twins and (d) major spots indicate the matrix (solid white box) and the minor spots indicate the 

α’ martensite laths (dashed red box). 
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Figure 6.7 Comparison of post-indentation microstructure of neutron irradiated 304L SS under 

different load rates (a) ~200 nm (0.25 mN/s for 40s) with no phase transformation and (b) ~ 400 

nm (0.5 mN/s for 40s) with martensitic phase transformation. 
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Figure 6.8 TEM micrographs of nanoindentation-induced α’ martensite in irradiated AISI 304L 

SS; (a) bright-field TEM of martensite (red arrows) with cavities, (b) enlarged image of the 

martensite, (c) HRTEM of martensite and zoom-in image of the martensite tips, and (d) HRTEM 

of an incoherent void-martensite interface. 
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Figure 6.9 Comparison of post-indentation microstructure of the base (a-c) and the HAZ (d-f) 

with a loading rate of 5 mN/s and an indentation depth of 1500 nm. (a) BFTEM micrograph of 

martensite laths in the base metal. (b) Corresponding diffraction pattern in (a). (c) HRTEM 

image of martensite laths across the cavity. (d) BFTEM micrograph of martensite laths in the 

HAZ metal. (e) Corresponding diffraction pattern in (d). (f) HRTEM images of formation of bcc-

α′ at the intersection region of two hcp-ε plates. Solid white box represents the reciprocal lattice 

of fcc-γ matrix. Dashed red box represents the reciprocal lattice of the bcc-α′ martenstie. Dotted 

yellow box represents the reciprocal lattice of the hcp-ε martensite. 
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Figure 6.10 Formation of martensite laths at different indentation depths of 200 nm (a-b) and 

400nm (d-e). (a) BFTEM micrograph of the dislocations near the surface under the indent in the 

base metal with a loading rate of 0.25 mN/s. (b) BFTEM micrograph of the dislocations near the 

surface under the indent in the HAZ with a loading rate of 0.25 mN/s. (c) FEM maps of the stress 

field under a 200 nm indent of the AISI 304L SS. (d) BFTEM micrograph of α’ martensite laths 

at a depth of ~500nm under the indent in the base metal with a loading rate of 0.5 mN/s (red 

arrows indicate the α’ martensite laths). (e) BFTEM micrograph of the two hcp-ε martensite laths 

at a depth of ~500nm under the indent in the HAZ with a loading rate of 0.5 mN/s. (f) FEM maps 

of the stress field under a 400 nm indent of the AISI 304L SS. Magenta box in (c) and (f) 

corresponds to the approximate depth in (a-b) and (d-e), respectively.
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Figure 6.11 Micropillar compression engineering stress-strain curves for tests performed on AISI 

304L SS welds of 1 dpa and 0.2 appm He along {101} grains in (a) base metal and (b) the HAZ.  

Effective modulus, Yeff, determined as secant modulus during the compression tests of (c) base 

metal and (d) HAZ.
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Figure 6.12 Additional stress-strain curves from pillar compression experiments of the laser 

welds of irradiated AISI 304L SS of 1 dpa, 0.2 appm He: (a) base metal {111} grains (b) base 

metal {221} grains with post-compression pillar images, (c) base metal {331} grains with post-

compression pillar images, in which load drops correspond to slip events, and (d) the HAZ 

random grain orientations. 
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Figure 6.13 Snapshots of in-situ SEM micropillar compression tests of irradiated AISI 304 SS 

welds along {101} grains at room temperature: (a-d) base metal at strains of 0, 7%, 12% and 

25%, and (g-i) the HAZ at strains of 0, 5%, 10% and 22%.  TEM micrographs of compressed 

pillars of the (e-f) base metal showing the formation of ε martensite. (k-l) the HAZ showing the 

formation of deformation twins and 3D SOLIDWORKS® modeling of (m) activated slip planes 

S1 (111̅) in the base and (n) twinning planes of T1 (111) and T2 (11̅1) in the HAZ. 
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Figure 6.14 Nanotwins in the post-compression pillar of the (101) grain in the HAZ. 
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Figure 6.15 (a-b) Before/after snapshots of in-situ SEM micropillar compression tests of 

unirradiated archive AISI 304 SS welds along {101} grains at room temperature: (c) stress-strain 

curves of different pillars from {101} grains. (d) Dark-field TEM micrographs of compressed 

pillars showing the formation of twinnings and (e) the corresponding selected diffraction pattern 

in (d). 
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Figure 6.16 Final SEM micropillar compression video still-frame from {101} grains in the base 

metal and the HAZ shown in greater detail in Fig. 6.13, showing: (a) 𝛾 → 𝜀 martensitic 

transformation, and (b) twinning, with (c) the corresponding engineering stress-strain curves. 
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Figure 6.17 Thompson tetrahedron illustrates possible twin systems in an fcc crystal 

corresponding to Table 6.5.  
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7. DISCUSSION 

 Comparison of mechanical properties 

The archival literature covering experiments and simulations on fcc materials provides insight on 

the anisotropy mechanical behavior of materials under nanoindentation [249,252,253,276]. For the 

slip/twinning systems of <001>, <110>, and <111> compression directions, <001> has the largest 

Schmid factors at 0.41 for slip and 0.47 for twinning. Thus, the <001> is considered a “soft” 

orientation, whereas <110> and <111> are considered “hard” orientations. These directionally-

dependent Schmid factors can affect the activation of slip/twinning systems as the stress increases 

during the nanoindentation loading.  

 

Molecular dynamics (MD) simulations on fcc Fe-Cr-Ni pointed out that the formation of 

disassociated dislocations during indentation and the low stacking fault energy together support 

the mechanism of dislocation glide as Shockley partials [249]. The austenitic AISI 304L SS in our 

study has a relatively low stacking fault energy of ~15 mJ/m2 [277]. Moreover, it has been shown 

that the (001) plane tends to have the lowest dislocation density in an austenitic steel [249], 

suggesting that the dislocation density and the associated dislocation nucleation and emission on 

the {100}, {110}, and {111} planes can also affect the hardness measurement by nanoindentation. 

Although the literature would suggest some anisotropy in hardness, the weak anisotropy observed 

in both the unirradiated and irradiated 304L SS could be attributed to the size of the 

nanoindentation plastic zone, which could extend beyond the grain of interest (see Chapter 4). 

Moreover, whereas theoretical calculations of directional anisotropy focus on isolated single 

crystals, the mechanical response of the grains studied herein is influenced by constraints imposed 

by neighboring grains with varying Schmid factors. However, even considering the expansion of 

the plastic zone, the reduction of anisotropy in the HAZ is clearly seen as we have shown in 

Chapter 6. 

7.1.1 Irradiation hardening 

Irradiation-induced defects such as clusters, loops, cavities, and precipitates cause irradiation 

hardening and embrittlement, as these defects are serving as obstacles that can impede the 

movement of dislocations.  Irradiation hardening mechanisms can be categorized as either source 
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hardening (activation of dislocation slip by pinning on obstacles) or friction hardening 

(impediment of dislocation motion by radiation-induced defects) [278]. The increment of yield 

strength attributed to each type of obstacle can be predicted using the Orowan dispersed barrier 

hardening model [279] as: 

∆𝜎𝑦,𝑖 = 𝑀𝛼𝑖𝜇𝑏√𝑁𝑖𝑑𝑖     (7.1) 

 

where M is the Taylor factor, which is 3.06 for fcc Fe-Cr-Ni alloys [278,280], µ is the shear 

modulus, which is determined as ~75 GPa by the nanoindentation experiments herein, b is the 

magnitude of the Burgers vector, which is ~0.253 nm for 304L SS [22], Ni is the number density 

of defects of type i, di is the average size of defects of type i, and αi is the barrier strength factor 

for defects of type i. If we use the irradiated AISI 304L SS of 23 dpa and 3 appm He, cavities and 

interstitial Frank loops are the primary microstructural features contributing to irradiation 

hardening. Their number densities and average diameters are on the same order of magnitude (see 

Table 5.1), which approximately corresponds to a strength factor α ≈ 0.33 for both obstacle types 

[213,279,281–283].  

 

The strength factor α is dependent on types of the defects. Lucas [284] pointed out the defects fall 

into three categories: (1) strong barriers such as cavities and voids with 𝛼 ≈ 1; (2) intermediate 

barriers, for instance, Frank loops and small precipitates 0.33 < 𝛼 < 0.45; and (3) weak barriers 

like small voids/bubbles/loops 𝛼 < 0.25. A fitting method [213,283] can be used for obtaining the 

strength factor in the dispersed barrier hardening model: 

 

𝛼 = 𝑘1𝑙𝑛(𝑘2𝑑)    (7.2) 

 

where k1 and k2 are fitting parameters, and d is the size of the defects.  We set 𝛼 = 0.33 for both 

loops and precipitates, and 𝛼 = 1 cavities strengthening in Eq. (7.1). The selected barrier strength 

factor for loops and precipitates (𝛼 = 0.33 ) falls at the lower limit of their known values, 

representing a conservative approach that predicts the least amount of irradiation-induced 

hardening.  Additionally, since the dislocation lines cannot be discerned from loops in the 

irradiated material, we make another conservative assumption by treating all lines as having the 
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same strengthening contribution as loops; this treatment limits the predicted amount of 

strengthening. 

 

The total irradiation hardening of metallic alloys can be estimated using root-square summation 

over all microstructural features i that contribute to hardening, when the features or obstacles have 

similar strengths [73].  

∆𝜎𝑦 = √∑ (∆𝜎𝑦,𝑖)
2

𝑖      (7.3) 

 

Linear summation over all microstructural features i that contribute to hardening should be applied 

when obstacles have dissimilar strengths: 

∆𝜎𝑦 = ∑ (∆𝜎𝑦,𝑖)𝑖      (7.4) 

 

We adopt linear summation for calculation of the total irradiation hardening. Because the irradiated 

microstructure contains dislocation-type defects (i.e., loops and lines considered together for 

conservatism), cavities, and precipitates that contribute to hardening, these three strengthening 

contributions are summed.  However, to calculate irradiation hardening, the initial microstructure 

containing dislocations must be subtracted from the sum: 

 

∆𝜎𝑦 = ∆𝜎𝑦,𝑙𝑜𝑜𝑝𝑠 𝑖𝑟𝑟𝑎𝑑 + ∆𝜎𝑦,𝑐𝑎𝑣𝑖𝑡𝑖𝑒𝑠 𝑖𝑟𝑟𝑎𝑑 + ∆𝜎𝑦,𝑝𝑝𝑡 𝑖𝑟𝑟𝑎𝑑 − ∆𝜎𝑦,𝑙𝑖𝑛𝑒𝑠 𝑢𝑛𝑖𝑟𝑟𝑎𝑑 (7.5) 

 

The conversion between the nanoindentation hardness and yield stress is given as an empirical 

correlation for fcc materials [22,259,285,286] 

∆𝜎𝑦 = 3.03∆𝐻𝑉     (7.6) 

in which 𝐻𝑉 = 94.495𝐻𝐵𝑒𝑟𝑘𝑜𝑣𝑖𝑐ℎ. The calculated hardening contribution for each type of defects 

of the base metal compared to the unirradiated archive AISI 304L SS is given in Table 7.1.  

 

The calculated total yield strength increase can be converted to a change in hardness of ~0.71 ± 

0.54 GPa. However, nanoindentation experiments (Fig. 6.4(a)) measured an increase in hardness 

of 0.54 ± 0.28 GPa. Numerically, these results indicate that within statistical confidence, 
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irradiation hardening is consistent between the dispersed barrier calculation and our 

nanoindentation measurement. However, the error bars on both the dispersed barrier and 

nanoindentation results are large, rendering it difficult to draw a meaningful comparison across 

the two approaches. The error bar on the nanoindentation measurement could be associated with 

factors such as grain orientation, active slip planes, and the empirical relationship used to estimate 

yield strength from nanohardness. Uncertainty on the dispersed barrier calculation is associated 

with limited counting statistics in the microstructural quantifications, but we must also consider 

potential heterogeneities (e.g., associated with in-reactor neutron irradiation dose and temperature 

gradients which are difficult to monitor and control).  

 

It is also worth noting that the dispersed barrier calculation is conservatively low for two main 

reasons. First, the selected barrier strength factor for loops and precipitates (𝛼 = 0.33) falls at the 

lower limit of their known values, representing a conservative approach that predicts the least 

amount of strengthening. Second, since loops and lines cannot be discerned in the irradiated 

micrographs (see Chapter 5), it is assumed that all dislocation lines remain in the microstructure 

(i.e., are not annealed with irradiation) and they are treated with the same strength factors as loops. 

This treatment further limits the predicted irradiation-induced hardening. Hence, distinguishing 

loops from lines and employing a less conservative approach could cause a statistically significant 

(i.e., outside of error bars) difference between the dispersed barrier calculation and the 

nanoindentation measurements. In such a case, accounting for the observed nanoindentation-

induced phase transformation in the dispersed barrier calculation could explain the difference 

between measurements and calculations. 

7.1.2 Laser welding softening 

Void swelling and helium bubble embrittlement (we regard both voids and bubbles as cavities in 

this thesis) can deteriorate the long-term service in the nuclear reactor [278]. Post irradiation 

annealing has been reported in irradiated alloys that irradiation-induced cavities can be removed 

at elevated temperature [287–289]. Fig. 5.13 shows the High angle annular dark-field (HAADF) 

STEM images of the original microstructure of the base metal and the HAZ before nanoindentation 

experiments. The obvious difference between these two regions indicates the laser welding has 

annealed the irradiation-induced cavities in the HAZ. For the laser welded AISI 304L SS of 23 
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dpa and 3 appm He, the average number density of the cavities is 1.2 ± 0.3 × 1021 m-3 in the base 

metal and 1.4 ± 1.3 × 1019 m-3 in the HAZ. The average diameter of the cavities for the base metal 

is 20.9 ± 7.7 nm and 16.2 ± 4.4 nm for the HAZ.  

 

After the laser welding, the irradiation-induced cavities have been reduced and shrunk. In addition, 

the softening happens as a result of the grain growth in the HAZ during the laser welding [290] as 

can be seen in Fig. 5.11(b). Hence, the softening of the HAZ is caused by the laser welding even 

through laser weld-induced heat.  

 

We adopt linear summation to calculate the total laser weld-induced softening similar to what we 

have discussed in Section 7.1.1 of irradiation hardening. Because the laser weld-annealed 

microstructure contains dislocation-type defects (i.e., loops and lines considered together for 

conservatism), cavities, and precipitates (negligible due to the density) that contribute to hardening, 

two strengthening contributions by loops and cavities are summed. However, to calculate softening 

compared to the irradiated base metal, the initial microstructure containing dislocations must be 

subtracted from the sum: 

 

∆𝜎𝑦 = ∆𝜎𝑦,𝑙𝑜𝑜𝑝𝑠 𝑖𝑟𝑟𝑎𝑑 + ∆𝜎𝑦,𝑐𝑎𝑣𝑖𝑡𝑖𝑒𝑠 𝑖𝑟𝑟𝑎𝑑 − ∆𝜎𝑦,𝑙𝑖𝑛𝑒𝑠 𝑢𝑛𝑖𝑟𝑟𝑎𝑑  (7.7) 

 

in which the strengthening factor 𝛼 = 0.25 for the small loops in the HAZ.  

 

The calculated total yield strength decrease of the HAZ compared to the base metal can be 

converted to a change in hardness of 0.89 ± 0.26 GPa. However, nanoindentation experiments 

(Table 6.2) measured an increase in hardness of 1.20 ± 0.21 GPa. Numerically, these results 

indicate that within statistical confidence, laser weld-induced softening is consistent between the 

dispersed barrier calculation and our nanoindentation measurement. However, the error bars on 

both the dispersed barrier and nanoindentation results are large, rendering it difficult to draw a 

meaningful comparison across the two approaches. The error bar on the nanoindentation 

measurement could be associated with factors such as grain orientation, active slip planes, and the 

empirical relationship used to estimate yield strength from nanohardness. Uncertainty on the 

dispersed barrier calculation is associated with limited counting statistics in the microstructural 
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quantifications but must also consider potential heterogeneities (e.g., laser welding cooling rate 

and temperature gradients, which are difficult to monitor and control).  

 

It is also worth noting that the dispersed barrier calculation is conservatively low for two main 

reasons. First, the selected barrier strength factor for loops (𝛼 = 0.25) falls at the lower limit of 

their known values, representing a conservative approach that predicts the least amount of 

strengthening, leading to the most amount of softening. Second, since loops and lines cannot be 

discerned in the irradiated micrographs (see Chapter 5), it is assumed that all dislocation lines 

remain in the microstructure (i.e., are not annealed with irradiation) and they are treated with the 

same strength factors as loops. This treatment further increases the predicted laser weld-induced 

softening. Therefore, distinguishing loops from lines and employing a less conservative approach 

could cause a statistically significant (i.e., outside of error bars) difference between the dispersed 

barrier calculation and the nanoindentation measurements. Thus, in such a case, accounting for the 

observed nanoindentation-induced phase transformation in the dispersed barrier calculation could 

explain the difference between measurements and calculations of the softening. 

 

Figure 7.1 shows the calculated irradiation hardening and laser weld softening leading to the 

change of the yield strength in the laser weldment of neutron irradiated AISI 304L SS of 23 dpa, 

3 appm He irradiated at 415 °C. The horizontal axis at the origin is the yield strength of the archive 

AISI 304L SS of 905 MPa. Each contribution of change in yield strength includes dislocation lines, 

loops, precipitates, and cavities. The net total values of the calculated hardening in the base metal 

and softening in the HAZ by the proposed model are the white rectangular columns with error bars. 

The measured total values of the irradiation hardening of the base metal versus the laser weld-

induced softening in the HAZ has been shown as the yellow rectangular columns with error bars. 

To sum up, the phase transformation in general needs to be considered for the decrease in yield 

strength. 

7.1.3 He/dpa effect 

He and dose-dependent hardness on laser weldments of irradiated AISI 304L SS are given in Fig. 

7.2. The base metal has a higher hardness from 3.22 ± 0.17 GPa to 3.94 ± 0.16 GPa than the HAZ, 

which has  a hardness of 2.36 ± 0.08 GPa to 2.64 ± 0.18 GPa, in the range of dose from 1 dpa to 
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28 dpa and He from 0.2 appm to 8 appm. As the dose and He concentration increase, the hardness 

of both base metal and HAZ increase. The HAZ is softer than the base metal across all the 

corresponding dose and He conditions because of post laser weld annealing. The hardness of the 

archive AISI 304L SS is also measured as 3.16 ± 0.23 GPa. All the detailed values of the measured 

nanoindentation hardness have been summarized in Table. 7.3.  

 Deformation-induced martensitic transformation in high He and dose condition 

We will discuss the deformation pathways in the laser weldment of highly irradiated AISI 304L 

SS of 23 dpa and 3 appm He concentration. 

7.2.1 Base metal 

Applied stress causes the activation of nucleation sites for martensite embryos, leading to lattice 

deformation [263,291]. The probability P of martensite nucleation can be written as [263,264]: 

𝑃 = −
0.011

24𝑣̅𝑁0∆𝑆
(∆𝐺 + 𝑈)    (7.8) 

where 𝑣̅ denotes the average volume per martensite, 𝑁0 is the initial number of nucleation sites per 

unit in the austenitic matrix before nanoindentation, ∆𝑆 is the entropy change (𝜕∆𝐺 𝜕𝑇⁄ , T is the 

temperature) during the fcc to bcc phase transformation, and ∆𝐺  and U are the thermal and 

mechanical driving forces, respectively, for the martensitic transformation. Specifically, ∆𝐺 is the 

Gibbs free energy and U is the applied external stress on the sample which can be expressed as 

[250,264]: 

𝑈 = 𝜎𝑖𝑗 ∙ 𝜀𝑖𝑗     (7.9) 

where  𝜎𝑖𝑗 represents the applied external stress tensor on the sample and 𝜀𝑖𝑗 is the strain tensor of 

the lattice deformation during the strain-induced martensitic transformation. 

 

The strain-induced martensitic transformation is favored if the sum ∆𝐺 + 𝑈 is greater than the 

critical free energy of the martensitic transformation, ∆𝐺𝑐= 2100 J/mol [264]. No martensite laths 

were observed in the unirradiated archive 304L SS sample under the same loading condition (i.e., 

the same U) that generated strain-induced martensite laths in the irradiated 304L SS sample. Hence, 

the neutron irradiation must sufficiently increase the Gibbs free energy such that (∆𝐺𝑖𝑟𝑟𝑎𝑑 + 𝑈) ≥

∆𝐺𝑐. Irradiation-induced defects, specifically cavities, are believed to enable the martensitic phase 
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transformation by accommodating the large surface area to volume ratio of the martensite in the 

plastic region affected by a nanoindent. The free energy of the martensitic phase transformation 

includes the surface energy contribution due to the creation of new martensite-matrix interfaces. 

Meanwhile, the cavities also create internal surfaces, which can compensate this surface energy 

contribution to the total free energy change during the phase transformation [292]. The cavity 

contribution to the Gibbs free energy is based on the energy required to form a cavity of n vacancies: 

 

𝐸𝑛 = (36𝜋Ω2)1 3⁄ 𝛾(
4𝜋𝑅𝑉

3

3Ω
)2 3⁄      (7.10) 

 

where Ω is the atomic volume of the fcc Fe ~1.18 × 10-29 m3 [278], 𝛾 is the surface energy of fcc 

Fe ~2.2 J/m2, and 𝑅𝑉 is the average cavity radius measured to be 9.65 nm (we use the 23 dpa and 

3 appm He AISI 304L SS sample as an example). Thus, the total increase of Gibbs free energy by 

all the cavities in the irradiated 304L SS studied herein is calculated to be 24.28 J/mol, which 

contributes to the sum of (∆𝐺 + 𝑈) exceeding the critical free energy.  In the irradiated 304L SS 

specimen, the surface area of the martensite-matrix interface is measured as 3.98 × 106 m2/m3 per 

lath while the surface area of cavities is 4.24 × 106 m2/m3. The same order of magnitude of the 

martensite and cavity surface areas indicates the ability for cavities to compensate the surface 

energy necessary for the martensitic transformation. However, as can be seen in Fig. 6.8, 

martensite laths exist both coincidentally and non-coincidentally with cavities. Thus, irradiation-

induced cavities are not necessarily the operative nucleation sites for the strain-induced martensite.  

7.2.2 HAZ 

In the lase welds of 23 dpa and 3 appm He AISI 304L SS, the remaining unresolved concern here 

is the cause of the different pathways between the base metal and the HAZ. In the presence of a 

high number density of cavities, the dislocation jogs will form by interactions with these cavities 

[293]. These jogs will lead the partial dislocations into dislocation climb. This process inhibits the 

dislocation glide into the twinning shear. Further, the stress concentration at these cavities 

eventually results in the phase transformation. Additionally, phase-field simulations have also been 

demonstrated to show that the stress-induced martensitic phase transformation occurs at the 

different shapes of nanovoids [294]. Previous studies have also pointed out that the surface tension 

of the cavities compensate the surface energy of the martensitic phase [140,292].  
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Thus, the large quantities of the irradiation-induced cavities provide abundant nucleation sites for 

the direct 𝛾 → 𝛼’ phase transformation in the base metal (Fig. 7.3(a)). For the HAZ, the reduction 

of cavities by two orders of magnitude compared with the base metal provides a different pathway 

for the dislocation motion. Less cavities correspond to a smoother way for the dislocation to slip 

(Fig. 7.3(b)). The nucleation of the metastable ε martensite involves the dislocation motion, for 

instance, the shear on {111}γ planes produces an hcp-ε plate by slip, twin, or highly stacking faults 

[295]. Thus, the BBOC model (Fig. 7.4) corresponding to the 𝛾 → 𝜀 → 𝛼’ mode also requires the 

shear of partial dislocation at the intersection of the preformed two hcp-ε plates.  

 

The competition between the normal dislocation slip and the direct nucleation of α’ martensite 

laths at the cavities modulate the modes of the martensitic transformation between the base metal 

and the HAZ. Therefore, the pathways of the deformation-induced martensitic phase 

transformation have been changed in the HAZ by the laser-welding annealing of the irradiation-

induced cavities. These results indicate the potential by maintaining a certain stress-level, and 

controlling the population of cavities by irradiation can tailor the martensitic transformations, 

which are commonly achievable at relatively low or cryonic temperatures or large strains [214].  

 Deformation twinning in low He and dose condition 

We will discuss the deformation pathways in the laser weldment of lowly irradiated AISI 304L SS 

of 1 dpa and 0.2 appm He concentration. 

 

It is known that twins can form from partial dislocations in fcc metals. The dissociation of a single 

perfect dislocation into two Shockley partial dislocations [143] is written as: 

 

𝑎

2
[1̅01] =

𝑎

6
[2̅11] +

𝑎

6
[112̅] =

𝑎

6
[211̅] +

𝑎

6
[11̅2̅]  (7.11) 

where a is the lattice constant. Compared to trailing partials ([112̅] or [11̅2̅]), the leading partials 

([2̅11] or [211̅]) are more likely to trigger the glide motion and initiate the nucleation of twinning 

[145,270]. The critical shear stress for twinning can be determined from the known CRSS 

measured on the twinning plane [183] using the empirical relationship: 
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𝜎𝑇 = 3.06 ∗ 𝐶𝑅𝑆𝑆     (7.12) 

 

Additionally, two criteria are established in the archival literature to predict the critical stress for 

twinning at room temperature from material constants. Stress-dependent twinning by separation 

of leading partials of a dissociated screw dislocation in Eq. 7.11 is governed by the Byun criteria 

[145]: 

𝜎𝑇 = 6.14
𝛾

𝑏𝑝
      (7.13) 

where 𝛾 represents the SFE and Burgers vector of the partial 𝑏𝑝 = 0.147 𝑛𝑚 [183]. Classical 

twinning theories also predict the CRSS with respect to the SFE, according to the Naeita-Takamura 

criteria [296]:  

𝜎𝑇 = 1.53
𝛾

𝑏𝑝
      (7.14) 

 

These two aforementioned criteria tend to bind the twinning behaviors of fcc metals and alloys, as 

shown on the deformation map in Fig. 7.5(a). A wide variety of fcc metals and alloys are included 

on the deformation map: austenitic steels 304L [192,297], 316L [145,297,298], 317L [298] 

(enlarged in Fig. 7.5(b)); pure metals Cu [299–301], Pb [299], Ag [299], Au [299], Ni [302]; 

superalloys TMS-82 [303], C2000 [304]; twinning induced plasticity (TWIP) steels [183] Fe-

22Mn-0.5C, Fe-22Mn-0.6C, Fe-27Mn-2.5Si-3.5Al, Fe-22Mn-0.1C-1.2Al, Fe-17Mn-0.4C-1.3Al, 

Fe-18Mn-0.6C-1.5Al, Fe-15Mn-0.7C-2Al-2Si; high entropy alloys FeNiCoCrMn [270], 

CrMnFeCoNi [305]; nanocrystalline Al [306], Cu [307]; ultrafine grained Cu [307], orientation-

dependent Cu grains [308] and polycrystalline Cu [309]; additively manufactured (AM) 316 [310]; 

and other alloys Cu-5Al [301], Cu-8Al [300], Cu-8.3Al [301], 70Cu-30Zn [297,298], 80Cu-20Zn 

[297,298], 90Cu-10Zn [297,298], Ag alloy [296], MP35N [298]. Results from the present work 

are also included. The Byun criteria (solid blue line, Fig. 7.5(a)) tends to fall in close agreement 

with austenitic steels and Cu alloys with low SFE. The Naeita-Takamura criteria (dashed green 

line, Fig. 7.5(a)) tends to agree well with metals and alloys having medium (TWIP, high entropy 

alloys) to high SFE (pure Cu, Ni, super alloys, Ni). In general, as the SFE increases, the critical 

twinning stress increases.  
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The SFE is well known to influence the mechanical properties and deformation mechanisms of 

metallic alloys [220]: i.e., under identical loading conditions, low SFE alloys are inclined to form 

twins and martensite, while higher SFE alloys tend to undergo a dislocation slip [214]. Austenitic 

304L SS has a relatively low SFE of ~15 mJ/m2 [140]. However, several different deformation 

mechanisms have been observed in unirradiated 304 SS depending on the strain level, including 

slip, dislocation dissociation, stacking faults, twinning, and martensitic transformation [192]. After 

irradiation, phase transformation [139] and dislocation channeling [145] have been observed to be 

the dominant plastic deformation mechanisms. Given that a variety of deformation mechanisms 

are inherently active in 304 SS, the observed difference in the deformation mechanisms between 

the base metal and the HAZ is unlikely caused by variations in the overall SFE. Fig. 7.5(a) also 

shows that the critical twinning stress does not simply increase monotonically with the SFE. Rather, 

microstructural considerations must also influence the deformation mechanism.  

 

For 304L SS, the Byun criteria predicts a critical twinning stress of 600 MPa. This prediction is 

consistent with our measured twinning stress in the HAZ, σT, HAZ = 608 ± 114 MPa (dashed 

horizontal red line in Fig. 7.5(a-b), determined using Eq. 7.12). But in the base metal, where no 

twinning is observed, the measured twinning stress is 1253 ± 68 MPa (dashed horizontal black line 

in Fig. 7.5(a-b), determined using Eq. 7.12); this is more than twice the predicted critical twinning 

stress. This quantitative comparison suggests that the microstructural differences between the HAZ 

and the base metal can rationalize the difference in twinning behavior. Microstructure is well 

known to influence twinning stress. For instance, grain size alone causes the twinning stress to 

shift; e.g., finer grained Cu tends to have a higher twinning stress than coarse grained Cu. Although 

the opposite is observed in the present results, in which the finer dendritic grains in the HAZ have 

a lower twinning stress than the base metal, we will also consider irradiation-induced cavities finer 

than the grain scale. 

 

The population and nature of irradiation-induced cavities can explain the change in deformation 

mechanism from martensitic transformation in the base metal, to twinning in the HAZ. The effect 

of nanovoid surface tension on martensitic phase transformation has been demonstrated through 

phase field simulations [294]. Moreover, internal surfaces of cavities can compensate for the 

surface energy increase of the martensitic transformation, making the martensitic transformation 
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more energetically favorable in the presence of cavities (i.e., base metal) [140,292]. At the same 

time, the interaction of partial dislocations with larger cavities can result in recombination into 

perfect dislocations [293], which would suppress twinning in the base metal. Dislocations can also 

form jogs by absorbing vacancies from cavities; with increasing CRSS, leading partials will tend 

to climb over these jogs rather than to twin [219], thus further suppressing twinning in the base 

metal. In the HAZ, laser welding causes annealing of the irradiation-induced cavities, as well as 

formation of a dendritic structure with dislocations having Burgers vector 𝑏⃗⃗ = ± 1 2⁄ 〈110〉 in the 

HAZ (Fig. 7.6). These dislocations are noteworthy because they can further dissociate into partials 

and consequently induce incipient twinning.  

 

The critical twinning stress for the HAZ aligns with the Byun criteria, but the critical twinning 

stress in the base metal exceeds the Byun criteria, which enables the material to undergo a 

deformation-induced martensitic transformation due to the higher number density of cavities 

compared to the HAZ. In summation, laser welding induces two major microstructural phenomena 

that govern deformation mechanisms: (1) welding decreases the number density of cavities, 

effectively reducing the number of nucleation sites for the martensitic transformation [263], and 

(2) welding produces partial dislocations that promote twinning.  

 Deformation transition criteria in austenitic stainless steels 

We will discuss the transition criteria of deformation pathways in the laser weldment of irradiated 

AISI 304L SS as a function of dose level and He concentration. As we have discussed previously, 

the deformation mode is heavily affected by the presence of irradiation-induced cavities. In the 

coordinate of cavity density versus He/dose level, the deformation transition can be plotted as 

shown in Fig. 7.7. In the lower dose and He regime, twinning is more likely to occur as well as the 

generation of hcp-ε martensite plates with an increase of the cavity population. As the cavity 

density accumulates to a certain level, the nucleation of ε martensite phases starts to follow the 

BBOC model, inducing bcc-α’ martensitic laths at the intersection of the two hcp-ε martensite 

plates. At a condition of very high density of cavities ~1021 m-3, direct transformation of 𝛾 → 𝛼’ is 

preferred as the lowest Gibbs free energy is supported to form the martensitic laths by the 

compensation of the internal surface energy of irradiation-induced cavities.  
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7.4.1 Direct austenite-to-martensite phase transformation 

The distribution of the irradiation-induced cavities can be treated as the nearest neighbor 

distribution [311]. The mean inter-cavity distance can be calculated based on the Wigner-Seitz 

radius as follows [312]:  

𝜆𝑐𝑎𝑣 = (
3

4𝜋𝑛
)

1 3⁄

    (7.15) 

where n is the number density of cavities. When dislocations and dislocation junctions interact 

with irradiation-induced cavities, the localized stress concentration near the cavities can promote 

the volumetric change into martensitic transformation. The characteristic length of the direct 

martensitic transformation can be compared with the separation distance of the partial dislocations 

at equilibrium state [143]: 

𝑑𝑒𝑞 =
𝜇𝑎2

16𝜋
{

2+𝜈

3(1−𝜈)
}

1

𝛾
     (7.16) 

The derivation of the mechanical state of the dislocation glide has been discussed in Chapter 2. At 

equilibrium state, the separation distance between partials is calculated as ~14.12 nm for 304 SS. 

If we consider this as a critical resolved shear stress, the equilibrium separation distance is ~43.2 

nm for the system. If the mean inter-cavity distance is smaller than the separation distance, the 

nucleation of direct 𝛾 → 𝛼’ is preferential.  

7.4.2 Transition into hcp martensite 

The hcp-ε plates usually occur as several layers of stacking faults pre-exist during the deformation. 

Unlike directly transformed into bcc-α’ martensite phase, the hcp-ε phase forms in the presence of 

lower population of cavities. As described in Fig 7.3, the dislocation slip is more predominant than 

the nucleation of stress-induced martensite due to localized stress concentration near the cavities. 

Thus, the transformation of  𝛾 → 𝜀 requires a larger characteristic length as the mean inter-cavity 

distance surpassing the separation distance of the partials. The lower density of cavities in this case 

will promote forming the hcp phase and further forms the 𝛾 → 𝜀 → 𝛼’ depending on whether the 

strain or geometrically necessary cavities (GNC) is sufficient for forming the bcc-α’ martensitic 

laths. In addition, if the density of the GNC for martensitic transformation is high enough, then the 

direct austenite-to-martensite 𝛾 → 𝛼’ is favored. Otherwise, the strain level determines the  𝛾 →

𝜀 → 𝛼’ in terms of the BBOC model.  
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7.4.3 Transition into twinning 

In fcc crystals, the dislocation motion is the predominant mechanism that governs the plasticity. 

The strain hardening behavior can be linked by the dislocation mean free path Li [313] 

 

1

𝐿𝑖
=

𝜏𝐶,𝑖

𝜇𝑏𝐾ℎ𝑘𝑙
     (7.17) 

where 𝜏𝐶,𝑖 is the Taylor stress for the i-th slip system of dislocation forest density ρi in the form of 

𝜏𝐶,𝑖 = 𝜇𝑏√∑ 𝑎𝑖,𝑗𝜌𝑗𝑗  [314]. To simplify our problem instead of running large-scale dislocation 

dynamics simulations, we can refer to the average critical Taylor stress from Fig. 7.5 of ~1000 

MPa. The orientation-dependent non-dimensional parameter Khkl can also be treated as an average 

value of 35 with regards to fcc Cu [313]. Therefore, the average mean free path 𝐿̅ of dislocations 

is ~381 nm. If the mean inter-cavity distance exceeds this mean free path of dislocations 𝐿̅, then 

the deformation twinning is more likely to be supported.  

 

We can categorize the deformation transition criteria into three regimes: 

1. 𝜆𝑐𝑎𝑣 ≤ 𝑑𝑒𝑞: direct 𝛾 → 𝛼’ phase transformation; 

2. 𝑑𝑒𝑞 < 𝜆𝑐𝑎𝑣 < 𝐿̅: intermediate 𝛾 → 𝜀 or  𝛾 → 𝜀 → 𝛼’ depending on the strain level; 

3. 𝜆𝑐𝑎𝑣 ≥ 𝐿̅ : twinning or strain hardening. 

 

If we plot the mean cavity distance with respect to the He concentration shown in Fig. 7.8, the 

decrease of the mean inter-cavity distance dominates the transition from martensitic transformation 

to twinning. The horizontal green line is the average mean-free path of dislocations. The horizontal 

red line is the separation distance of partials at equilibrium state. In the intermediate regime 

between 𝑑𝑒𝑞 < 𝜆𝑐𝑎𝑣 < 𝐿̅, the two characteristic lengths, the hcp-ε martensitic plates are favored 

and can further extend to bcc-α’ martensite laths based on the stress level. 
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Table 7.1 Quantitative analysis of the hardening contribution of the unirradiated and neutron 

irradiated AISI 304L SS (base metal) with 23 dpa and 3 appm He. 

Microstructural features Archive Neutron 

irradiated 

Strengthening 

factor α 

𝜟𝑯 

[GPa] 

Average grain size [μm] 52.0 ± 27.4 46.8 ± 17.9 -  

Dislocation Line [× 1014 m-2] 0.68 ± 0.70 - 0.33 0.56 

Frank loop density [× 1021 m-3] - 3.22 ± 0.39 0.33 0.66 

Average Frank loop diameter 

[nm] 

- 29.4 ± 9.46 

Cavity density [× 1021 m-3] - 1.33 ± 0.33 1 0.30 

Average cavity diameter [nm] - 19.3 ± 7.64 

Precipitation density [× 1021 m-3] - 1.44 ± 0.54 1 0.31 

Average precipitation size [nm] - 14.67 ± 1.14 

Total hardening 0.54 ± 0.28 (measurement) 

0.71 ± 0.54 (calculation) 
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Table 7.2 Quantitative analysis of the softening contribution of the base metal and HAZ of the 

laser weld of irradiated AISI 304L SS with 23 dpa and 3 appm He. 

Microstructural 

features 

Base HAZ Strengthening 

factor α 

𝜟𝑯 [GPa] 

Average grain size 

[μm] 

53.7 ± 18.5 71.7 ± 25.4 - - 

Frank loop density 

[× 1021 m-3] 

3.22 ± 0.39 2.15 ± 0.39 0.33 (base) 

0.25 (HAZ) 

0.66 (base) 

0.28 (HAZ) 

Average Frank loop 

diameter [nm] 

29.4 ± 9.46 14.2 ± 3.90 

Cavity density 

[× 1021 m-3] 

1.33 ± 0.33 0.014 ± 0.013 1 0.30 (base) 

0.097 (HAZ) 

Average cavity 

diameter [nm] 

19.3 ± 7.64 16.2 ± 4.40 

Precipitation density 

[× 1021 m-3] 

1.44 ± 0.54 - 1 0.31 (base) 

Average precipitation 

size [nm] 

14.67 ± 1.14 - 

Total softening 1.20 ± 0.21 (measurement) 

0.89 ± 0.26 (calculation) 
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Table 7.3 Nanoindentation hardness dependence on He and dpa level. 

He and dpa level Hardness [GPa] 

0.2 appm, 1 dpa Base 3.22 ± 0.17 

0.2 appm, 1 dpa HAZ 2.36 ± 0.08 

3 appm, 23 dpa Base 3.7 ± 0.31 

3 appm, 23 dpa HAZ 2.5 ± 0.2 

8 appm, 28 dpa Base 3.94 ± 0.16 

8 appm, 28 dpa HAZ 2.64 ± 0.18 

Archived 3.16 ± 0.23 
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Figure 7.1 Calculated irradiation hardening and laser weld softening leading to the change of the 

yield strength in the laser weldment of neutron irradiated AISI 304L SS of 23 dpa, 3 appm He 

irradiated at 415 °C. The horizontal axis at the origin is the yield strength of the archive AISI 

304L SS of 905 MPa. Each contribution of change in yield strength includes dislocation lines, 

loops, precipitates, and cavities. The net total values of the calculated hardening in the base metal 

and softening in the HAZ by the proposed model are the white rectangular columns with error 

bars. The measured total values of the irradiation hardening of the base metal versus the laser 

weld-induced softening in the HAZ has been shown as the yellow rectangular columns with error 

bars. 
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Figure 7.2 Nanoindentation measurements of hardness in the base metal and HAZ with regard to 

the He concentration and dose levels. 
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Figure 7.3 (a) Schematic diagram of stress-induced martensite nucleating though the cavities of 

direct 𝛾 → 𝛼’ transformation. (d) Smaller and less cavities retard the nucleation of α’ martensite, 

enabling the dislocation slip for hcp-ε plates and further 𝛾 → 𝜀 → 𝛼’ transformation. 
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Figure 7.4 (a) Two hcp plates shear and form bcc structure at the intersection. (b) Schematic 

diagram of the Bogers-Burgers-Olson-Cohen (BBOC) model [194,195]. 
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Figure 7.5 (a) Critical twinning stress for fcc metals and alloys, with (b) higher magnification of 

critical twinning stress map, focusing on austenitic steels. The current work is enveloped by 

dashed black (base metal) and red (HAZ) rectangular boxes. Irradiation-induced cavities change 

the critical twinning stress and cause phase transformation. 
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Figure 7.6 Dislocations and dendrites in the HAZ imaged using the bright-field STEM method. 
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Figure 7.7 Deformation map of irradiated AISI 304L SS in the domain of cavity density and dose 

level and He concentration. 
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Figure 7.8 Proposed deformation regime map compared with experimental data for irradiated 

AISI 304L SS. Horizontal green line is the average mean-free path of dislocations. Horizontal 

red line is the separation distance of partials at equilibrium state.  
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8. CONCLUSTIONS AND FUTURE WORKS 

Despite the “low heat input” of laser welding, the HAZ in irradiated AISI 304L SS is affected by 

the welding process: 

1. Comprehensive microstructural characterization of the laser welds shows the evolution of 

grain structure, dislocation lines, loops, cavities, and precipitates. The HAZ has a lower 

density of cavities and loops compared to the base metal at each dose and He condition due 

to the laser weld-induced annealing. 

2. The softening and reduction of anisotropy have been observed during both the 

nanoindentation and microcompression experiments. The dispersed barrier hardening 

model can explain the irradiation hardening and laser weld softening by accounting for 

each type of defect in both the metal and the HAZ. As the dose level and He concentration 

increase, the hardness of both the base metal and the HAZ increase. 

3. Grain orientation-dependent nanoindentation experiments are performed on archive and 

neutron irradiated AISI 304L SSs of 23 dpa at room temperature. Compared to {100} and 

{111} planes, the {110} planes exhibit the largest irradiation-induced increase in hardness 

and modulus. Deformation twinning occurs in the unirradiated specimen, while austenite-

to-martensite phase transformation arises in the irradiated specimen. 

4. Room-temperature nanoindentation experiments have been performed on the base metal 

and the HAZ of the laser welds of a neutron irradiated AISI 304L SS. Anisotropy has been 

reduced in the HAZ. During the nanoindentation of {101} grains, deformation-induced 

𝛾 → 𝛼’ martensitic transformation has been observed in the base metal, while deformation-

induced 𝛾 → 𝜀 → 𝛼’  martensitic transformation twinning occurs in the HAZ. The 

irradiation-induced cavities create a high number of nucleation sites for direct 𝛾 → 𝛼’ 

martensitic transformation. The dislocation slip becomes easier for an intermediate step of 

forming hcp-ε plates for 𝛾 → 𝜀 → 𝛼’ martensitic transformation. The competition between 

the dislocation slip and the direction nucleation of α’ phase indicates the potential of 

irradiation-controlled martensitic transformation by modulation of the irradiation-induced 

cavities. 
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5. In-situ micropillar compression experiments were performed on the base metal and the 

HAZ of a laser weld on a neutron irradiated AISI 304L SS at room temperature. On {101} 

grains, deformation-induced γ to hcp-ε martensitic transformation occurs in the base metal, 

while deformation twinning arises in the HAZ. 

6. Compared to the HAZ, a higher density of irradiation-induced cavities in the base metal 

could create a higher number density of nucleation sites for martensitic transformation and 

increase the CRSS on the deformation plane for twinning. The surface area created by 

irradiation-induced cavities could sufficiently compensate the martensite surface energy. 

As a result, the sum of the Gibbs free energy and the mechanical strain energy of the 

irradiated microstructure will exceed the critical martensitic transformation energy. 

7. A phenomenological model for the deformation transition criteria has been proposed based 

on the mean inter-cavity distance. Depending on the magnitude of the mean cavity distance 

compared with the two characteristic lengths, namely, separation distance of partials and 

mean free paths of dislocations, the deformation mode alters between austenite-to-

martensite phase transformation and deformation twinning.   

 

Based on our results from this thesis, the following recommendations are suggested for future 

works: 

1. Large-scale dislocation dynamics simulations will be performed to determine the 

mechanical state of the dislocations near the cavities. This will enable us to compare the 

localized stress concentration with the twinning criteria, as well as validate the proposed 

deformation transition criteria. 

2. An in-situ SEM microcompression test will be performed on a laser weldment of higher 

dose and He concentration condition. This will enable us to directly compare the results 

with our data on the lower dose and He sample, which validates the role of the irradiation-

induced cavities on deformation-induced martensitic phase transformation. 

3. An in-situ TEM nanomechanical test on laser welds on different He and dose combinations 

will be performed during the loading condition to observe the nucleation sites of 

martensitic transformation, either around cavities or partials. 

4. Further ion-irradiation on these laser weldments will be performed to examine the integrity 

of these welds under an extended irradiation service period.   



189 

 

 

APPENDIX 

 

Figure A 1 Schematic diagram of the lattice distortion of the deformation-induced martensitic 

transformation (a-b) fcc Fe in 〈110〉 projection. (c-d) hcp Fe in 〈1120〉 projection. (e-f) bcc Fe in 
〈111〉 projection [233,315]. 
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Figure A 2 Schematic representation of the austenite-to-martensite transformation through lattice 

deformation. 
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Figure A 3 Irradiation-induced voids in the base metal of laser welds of AISI 304L SS of 1 dpa 

and 0.2 appm He: in the (a) overfocused, and (b) underfocused conditions.
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Figure A 4 Martensite-void interface in the irradiated AISI 304L SS of 23 dpa and 3 appm He, 

shown at different magnifications: (a) STEM image, and (b)-(d) BFTEM images of the voids 

with martensite laths penetrating through. 
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Figure A 5 TEM micrographs of as-welded 304SS, neutron irradiated to 0.4 dpa, 1 appm He, 

0.2-0.5% swelling, showing dislocation morphologies in (a) weld metal, (b) heat affected zone, 

and (c) base metal; (d) voids and (e) dislocation loops in weld metal indicated by arrows; and (f) 

Cr precipitates in HAZ.
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Figure A 6 SEM images of additional pillars (i.e., other than those shown in Fig. 6.13) of the 

{101} grains from the HAZ before and after compression (a-b), (c-d), (e-f), and (g-h). 
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Figure A 7 Cavities of the 0.2 appm, 1dpa (a) base, (b) HAZ and 3appm, 20dpa (c) base and (d) 

HAZ neutron irradiated 304L SS.
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Figure A 8 Bright-field STEM micrographs of loops of the 0.2 appm, 1dpa (a) base, (b) HAZ and 

3appm, 20dpa (c) base and (d) HAZ neutron irradiated 304L SS.
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Figure A 9 Twins and Frank loops in the HAZ of laser welds of irradiated AISI 304L SS of 28 

dpa and 8 appm He.
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Figure A 10 Dislocations in the HAZ of laser welds of irradiated AISI 304L SS of 28 dpa and 8 

appm He. 
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Figure A 11 Histogram for hardness and modulus with predicted Gaussian distribution fitting of 

hardness and modulus of indents at {100}, {101}, {111} grains (a)-(c)distribution of hardness 

and (d)- (f) distribution of modulus for archived 304L SS, base metal of the laser weld and HAZ.
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Figure A 12 Nanoindentation-induced martensitic transformation (a) base and (b) alpha prime 

bct martensite, (c) HAZ and (d) alpha prime bct and epsilon hcp martensite.
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Figure A 13 In-situ nanoindentation on 0.2 appm, 1 dpa neutron irradiated AISI 304L SS. 



202 

 

 

 

Figure A 14 Finished micropillars at {112} grains using FIB milling technique. 
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Figure A 15 0.2 appm, 1 dpa neutron irradiated 304L SS sample: slip bands and twinning after 

microcompression pillar test (a) single slip band at {112} grain and (b) multiple slip bands in 

{111̅} grain. 
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Figure A 16 Crack analysis of the HAZ ([111] and [112] of Σ5 boundary) in laser welds of AISI 

304 L SS of 23 dpa and 3 appm He. 
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Figure A 17 OIM mapping of the grains from base to HAZ in the laser welds of irradiated AISI 

304L SS of 23 dpa and 3 appm He.
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Figure A 18 OIM mapping of the grains from base to HAZ in the laser welds of irradiated AISI 

304L SS of 28 dpa and 8 appm He.
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Figure A 19 Crack analysis of the HAZ in the laser weldment on block 3 of 23 dpa and 3 appm 

He. 
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Figure A 20 Strain mapping of a void-martensite interface of the base metal of irradiated AISI 

304L SS of 23 dpa and 3 appm He. 
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