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Figure 5.4 Variations of the average grain size and hardness of the NC Ni alloy with thin and thick
GBs at various annealing temperatures. The hardness of sample with thin GBs decreased
drastically from 7.0 to 4.8 GPa after annealing at 800 °C, whereas the hardness of the specimens
with thick GBs sustained at 7 GPa up to 800 °C. After annealing at 800 °C for 1h, the grain size of
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coarsening from 53 to 61 nm for the thick GB sample. ... 117

Figure 5.5 (a) TEM micrograph showing the coexistence of large and small grains in NC Ni alloy
with thick GBs after annealing (800 °C/1h). (b-e) STEM image and the corresponding EDS maps
reveal that there is no Mo enrichment along the GBs between large grains, whereas the GBs among
nanograins appear to be enriched with Mo. Several Mo-enriched thick GB debris (as denoted by
arrows) were observed in the interior of large grains. (f) HRTEM micrographs show a straight and
thin GB formed during abnormal grain growth. (g and h) Thick GBs between large and small
grains containing amorphous or crystalline intermetallic layers. ...........ccccovvevviieiiiieiieiienns 118

Figure 5.6 EDS line scanning results along the lines across (a) thin GB and (b) thick GBs in the
STEM image in Fig.5.5b. The chemical elements distributed uniformly across the thin GB (line

@), while the enrichment of Mo and depletion of Ni of thick GB (line ) sustained even after 800
OC aNNEAIING TOF LN, .ottt 119

Figure 6.1 (a) OM image showing the equiaxed grains of the as-received IN718 superalloy with
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ABSTRACT

Gradient structured (GS) metallic materials have shown unique properties including the
synergy of high strength and good ductility, improved fatigue and wear/friction resistance etc. One
of the severe surface modification technique, surface mechanical grinding treatment (SMGT), has
been proven an effective method for the generation of gradient structures in metallic materials.
Most of Ni-based superalloys are precipitation strengthened and with an extraordinary
combination of high strength, ductility and resistance to oxidation at high temperatures. The
precipitation behaviors of these materials are sensitive to their initial microstructures. This thesis
focuses on the microstructure evolution and mechanical behaviors of two types of gradient Ni
alloys.

GS Hastelloy C-22HS and Inconel 718 (IN718) Ni-based superalloys were fabricated
through the SMGT technique. The gradient structures consist of nanograined (NG) or
nanolaminate (NL) surface layer and the subsurface layers with deformation twins. In situ
compression test results reveal that intergranular back stress may contributes to the high work
hardening capability of the GS C-22HS alloy. Mo-rich thick grain boundaries (GBs) formed in the
gradient C-22HS samples after heat treatment. In situ micropillar compression studies coupled
with molecular dynamics (MD) simulations reveal that the Mo-rich thick GBs are stronger barriers
than conventional thin GBs to the transmission of dislocations, leading to significant strengthening.
Furthermore, the formation of thick GBs also contributes to the improvement of thermal stability
of nanograins in the C-22HS alloys. The gradient microstructures in the IN718 alloy changed the
precipitation behavior and thermal stability of nanograins in the alloy. The studies on precipitation
behaviors of GS IN718 alloy reveal that n phase formed in the severely deformed surface NG layer
after annealing at 700 °C. Thermal stability studies show that NG IN718 alloy with grain sizes
smaller than the critical value of ~ 40 nm is thermally more stable than their coarse-grained
counterpart. The underlying mechanisms of strengthening and improved thermal stability of the
gradient Ni-based superalloys are discussed based on transmission electron microscopy studies
and MD simulations. This work suggests that tailoring the gradient microstructures may lead to

the discovery of metallic materials with novel mechanical and thermodynamic properties.
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CHAPTER 1. INTRODUCTION

1.1 Challenges in processing bulk high strength and ductile metallic materials

Extensive investigations into metallic materials over the last several decades indicate that
high strength can be accomplished via the reduction of grain sizes from the micrometer scale to
the ultrafine (100-1,000 nm) or nanoscale (< 100 nm) [1-6]. The strength of fine-grained materials
often follows the classical Hall-Petch relationship [7,8]:
oc=0y+k-d1/? Equation 1.1
where oo represents the yield strength at large grain size, k represents the resistance of grain
boundaries to the transmission of dislocations, d represents the average grain size.

The traditional grain refinement method is based on cold working followed by
recrystallization at high temperatures, or by introducing new grains directly during hot working
through dynamic recrystallization [9]. The grain size derived from these traditional heat treatment
techniques is usually limited to a few microns.

Over the last decades, another technique, severe plastic deformation (SPD), has been
applied extensively for the fabrication of submicron to even nanograined (NG) metals and alloys
[2,5,10-34]. Several types of SPD techniques have been invented in the last decades, including
equal channel angular compressing (ECAP) [17,24,25,30,31,34-39], high pressure torsion (HPT)
[18,27,40-45], accumulative roll bonding (ARB) [12,22,46], and many other variants of SPD
techniques [22,47]. Fig.1.1 shows the schematics illustrating the operation principle of these three
techniques and the corresponding transmission electron microscopy (TEM) micrographs of the
processed samples [12,22,46-49]. It shows that the grain size of the processed samples is in the
ultrafine grained (UFG) range (100-1,000 nm). The introduction of NG structures is usually
accompanied with high strain/strain rate and/or lower processing temperatures.
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Figure 1.1 Widely used SPD techniques for the fabrication of nanograined metallic materials and
the corresponding TEM micrographs of processed samples [12,22,46-49].

UFG and NG metals can be several times stronger than their conventional CG counterparts
[50-58]. In literature, the ultimate tensile strength (UTS) of nanocrystalline (NC) copper fabricated
by in-situ consolidation can reach up to 1.1GPa, almost comparable with that of commercial steels
[52]. The UTS of NG Ti fabricated by HPT was reported to be more than 1.2 GPa, which was
comparable to Ti alloys [59]. However, these UFG and NG materials are usually brittle and exhibit
a limited tensile ductility when deformed under tension. The poor tensile ductility is a roadblock
that hinders the practical applications of UFG and NG metallic materials [10,53,54,60-62]. Fig.1.2
shows the tensile behaviors of Cu-15 at.% Al alloy fabricated by HPT and 316L stainless steel
prepared by ECAP when comparing with their CG counterparts [63]. The UTS of SPD sample is
much stronger than that of CG one, while the uniform elongation of specimens decreases
drastically after grain refinement in both cases. The limited tensile ductility appears because of the
absence of strain hardening in nanograins and the suppression of conventional deformation

mechanisms, such as dislocation slip and multiplications, while other deformation mechanisms,
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like grain boundary sliding, are not yet activated to accommodate plastic strain [64—70]. Hence,
stress becomes localized and early necking takes place immediately after yielding.

Furthermore, according to Considére’s criterion [65], necking occurs when
(‘Z—Z)é <o Equation 1.2
where the left term represents the work hardening rate of sample at a certain strain rate &, and right
term is the corresponding flow stress. To maintain a high ductility, a higher strain hardening rate
is required to surpass flow stress for NG or UFG metals with higher strength than their weaker

counterparts. It appears that ductility is inevitably compromised once a metallic material is

strengthened by grain refinement [71].
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Figure 1.2 The accomplishment of high strength at the cost of ductility in (a) Cu-15 at% Al alloy
[72] and (b) 316L stainless steel after grain refinement [63].

1.2. Introduction of gradient structured (GS) metals

Does it mean that limited ductility is intrinsic to NG metals? One of the most common
phenomena that contradicts this assumption is that NG metals can be compressed to a higher strain
level or rolling as long as the cracking can be suppressed [73,74]. Meanwhile, dimples features
have also been captured on the fracture surface of electrodeposited nanocrystalline Ni, indicating
the existence of ductile fracture mechanisms [75-77]. These evidences illustrate that grain
refinement does not necessarily lead to the absence of ductility. Some strategies have been
proposed and several success stories have been reported [56,68,74,78-80]. For instance, by

creating a bimodal structure consisting of nanoscale and micron size grains, strain hardening is
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achievable [81]. Other strategies include the introduction of nanotwins [55], transformation
induced plasticity (TRIP) and twinning induced plasticity (TWIP) etc. [56,82,83]. Xiang etal. [78]
and Lu et al. [84] revealed that, well-bonded copper thin films on polymer substrate can be strained
up to 10% when the strain localization is retarded by the substrates, which means a ductile core or
substrate is favorable for the suppression of strain localization. Similar strategy has been proposed
by Ma [83]. Consequently, the idea of processing an architecture that consists of NG outer layer
and CG inner core naturally rises. This architecture further triggered the design of gradient
structured (GS) metals, which has been proven an effective way to improve the mechanical
behaviors of metal with nanoscale or ultrafine grain sizes [85-100].

The grain size of GS naterails varying from nanometer scale to micrometer scale [86,94].
Fig.1.3a schematically illustrates an example of cross-section microstructure of GS materials, in
which the structure has been divided into four layers: the topmost NG or nanolaminated (NL) layer;
the UFG or ultrafine-laminated (UFL) layer; the severely deformed CG layer; and the untreated
CG core. Fig.1.3b shows a scanning electron microscopy (SEM) micrograph of the GS layer of
copper that was prepared by surface mechanical grinding treatment (SMGT) [101]. The
corresponding TEM micrographs (Fig.1.3c-e) at position B, C and D also reveal that the average
grain size in the position B (close to the surface) is less than 100 nm (in Fig.1.3c), which is referred
to as the NG layer. While the average grain size at position D is larger than 100 nm (in Fig.1.3¢e),

corresponding to the UFG region according to foregoing definition.
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Figure 1.3 (a) Schematic showing the microstructure of GS metallic materials. (b) SEM
micrograph showing the microstructure evolution of the GS Cu fabricated by SMGT. (c-e) The
corresponding TEM micrographs showing the grain size variation at the position B, C and D in

(b) [101].

Plastic deformation is an effective approach for grain refinement [5,102]. To synthesize such
a GS metal with NG surface layer, several surface modification techniques have been invented,
including surface mechanical attrition treatment (SMAT) [82,86-88], SMGT [85,94] and surface
mechanical rolling treatment (SMRT) [92] etc. Fig.1.4 schematically illustrated the operation
principles of these commonly used techniques for fabrication of gradient structures [88,94,103].
As shown schematically, SMAT process is suitable for the fabrication of GS metal plates, while

the other two are suitable for cylinder specimens. The deformation depth after treatment varies
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based on different techniques and experimental parameters. Consequently, the microstructures of
GS metals differ slightly among various experiment setups. But the overall tendency for

microstructure evolutions of gradient structures along the depth direction is similar.
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Figure 1.4 Three commonly used techniques for the fabrication of GS metals [88, 94, 103].

Previous research works have shown that the formation of such gradient may significantly
improve mechanical properties of metallic materials [85,86,95]. For instance, Fang et al. [85]
found that the NG Cu surface layer in the GS Cu (processed by using SMGT approach) has 10
times higher tensile strength than that of its CG counterpart but has poor ductility, whereas the
yield strength of the GS copper is two times higher that of the CG ones without sacrificing tensile
plasticity as shown in Fig.1.5a. In Fig.1.5b, a GS interstitial free (IF) iron sample fabricated by
Wau et al. [86] by SMAT exhibited a several times higher yield strength than the untreated ones. In
addition, Huang et al. [103] found that the GS surface layer on AISI 316L stainless steel specimens
fabricated by SMRT dramatically improved the fatigue resistance. These results have shown that
introducing gradient structure is a promising strategy for the development of metals with a synergy

of high strength and good tensile ductility.
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Figure 1.5 The stress-strain curves of (a) SMGT Cu and (b) SMAT IF Fe showing the synergy of
high strength and good ductility of GS metals [85,86].

1.3. Microstructure evolution of gradient structured metals

The microstructure evolution of GS materials synthesized by various techniques has been
investigated by researchers using SEM, TEM and electron back scattered diffraction (EBSD)
[85,86,93,94]. Grain refinement of metallic materials by plastic deformation is generally governed
by the formation of different boundaries, like dislocation cells, twin boundaries (TBs), low angle
grain boundaries (LAGBSs) and high angle grain boundaries (HAGBSs) [94]. Dislocation activities
and deformation twinning are closely related to the stress and stain states. Generally, the
distribution of stress and strain along the depth direction during severe surface plastic deformation
process varies. Consequently, the microstructure of GS materials evolves accordingly. The
characteristics of microstructure of each layer will be discussed in the following sections and
schematically illustrated in Fig.1.6. As shown in the schematic, with the decreases of distance
away from treated surface, both strain gradient () and strain rate (y) increase drastically (in
different unit and magnitude, the unit of strain gradient and strain rate is um™ and s, respectively),

especially in the surface NG/NL layer region, which is vital for the formation of NG/NL structure.
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materials. (NG: nanograined, NL: nanolaminated, UFG: ultra-fine grained, UFL.: ultra-fine
laminated, CG: coarse grained)

1.3.1 Microstructure evolution in the deformed CG layer

Deformed CG layer refers to the one far away from the treated surface, as denoted in Fig.1.6
(region 1). As the curve that illustrates the evolution of strain gradient ()) or strain rate (y) along
the depth direction in Fig.1.6 shows, the strain and strain rate in deformed CG layer is low (the
evolution of y and y behaves similarly in different magnitude). Sub-grain structures are formed in
original coarse grains by dislocation activities after deformation. There are two main mechanisms
for the accommodation of plastic deformation: dislocation slip and deformation twinning [87,90].
For metals with high stacking fault energies (SFEs), dislocation slip is the favorable mechanism
[104,105]. While for metals with low SFEs, deformation twinning plays a dominant role [97]. In
literature, for metals with low or medium SFEs like nickel, strain is usually accommodated by
forming planar dislocation arrays and grids or mechanical twins [97,99]. This type of dislocation
configuration can be caused by the relatively low SFE that hinders the cross slip of partial
dislocations and causes dislocations to arrange along their favorable slip planes [97].

For metals with medium to high SFE, deformation twinning is hindered, dislocation cells or
walls are formed for accommodation of strain [104,105]. The formation of these sub-grain
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structures is believed to be associated with the transformation from cellular structure to granular
structure when the density of dislocation reaches a critical value, accompanied by the annihilation
of dislocations with opposite Burgers vectors [2]. Fig.1.7 shows two experimental observations of
dislocation cells of copper with medium SFE (Fig.1.7a) [105] and aluminum with high SFE
(Fig.1.7b) [104] that were fabricated by SMGT. However, SFE is not the only factors that
determine which mechanisms (deformation twinning and dislocation cell) dominate the
accommodation of plastic strains during deformation. Deformation twinning was observed in
metallic materials with medium SFE like copper and even in metals with high SFE like titanium
when the applied strain rate is high enough [92,105].

(a) Medium SFE (Cu) (b) High SFE (Al)

500 nm

Figure 1.7 TEM micrographs of the severely deformed layer of (a) Cu with medium SFE and (b)
Al with high SFE revealing the dislocation cell structures [104,105].

1.3.2 Microstructure evolution in the UFG/UFL layer

With decreases of depth away from treated surface, both strain gradient and strain rate
increase. In the deep region of the GS materials (region Il in Fig.1.6), plastic deformation induces
the formation of UFG and UFL structures. Researches show that the strain level and strain rate in
this layer are almost comparable to that in bulk metals fabricated by plastic deformation like cold
rolling, torsion and HPT etc. [94], which results in the formation of nanoscale deformation twins
and dislocation cell/wall structures. These preformed nanotwins or dislocation structures will
eventually transform the original coarse grain into UFG or UFL structure through twin-twin, twin-
dislocation or dislocation-dislocation interactions.
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For the metals with preformed nanotwins, there are four different mechanisms for the grian
refinement [106]: (1) For metals with low SFEs, the driving force for deformation twins to
overcome the barriers of preexisting TB is relatively low. Then intersection of twins from different
slip planes takes place, which can divide the original coarse grain into rhomboid blocks with high
angle orientation [97,106]. The schematics and corresponding experimental TEM observations in
Fig.1.8a and b illustrated the interaction process. The rhomboid blocks resulted from twin-twin
intersection are clearly observed in the 304 stainless steel fabricated by SMAT in Fig.1.8b [97].
(2), In general cases, manipulation and interaction of dislocations dominate the accommodation of
plastic strain. Dislocations accumulate within twin layers and arrange themselves into
interconnecting boundaries for minimization of strain energy, and further separate twin layers into
finer blocks [97,103]. When the energy needed for the activation of secondary deformation twin
that penetrate through the primary TB is too high for metals with relative low SFE, or the
deformation strain rate is high enough for metals with relative high SFE, the dislocation wall
arrangement between deformation twin lamella will play the key role in accommodating plastic
strain. (3) If the orientation of shear stress is favorable for the formation of secondary twins,
refinement of twin layers is feasible via subdividing the lamellae into prismatic blocks by
secondary twins. The experimental observation of this mechanism is similar with what we find in
case (1), as shown in Fig.1.8. (4) When strain hardening becomes difficult within twin layers, shear
banding occurs to accommodate plastic strain. Equiaxed nanograins form within shear bands as

the twin boundaries are severally twisted under localized strain.
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Dislocation

Figure 1.8 Schematics and corresponding TEM micrographs revealing the microstructure
evolution in the UFG/UFL layer of metals with low SFE. (a) Deformation twins in the SMAT
316L stainless steel [107], (b) twin-twin intersection in SMAT 304 stainless steel [108], (c) twin
dislocation interaction in SMAT 304 stainless steel [108], and (d) UFG structures formed in the
SMRT 316L stainless steel [103].

While for metals with medium to high SFE, or when the strain rate is not high enough to
activate nanotwins in original coarse grains, dislocation activities will dominate the
accommodation of plastic strain during deformation [94,95,105,109]. Fig.1.9 and Fig.1.10
schematically illustrated and experimentally verified the evolution of microstructure during
deformation for these scenarios. Under a certain level of deformation strain, dislocation activities
result in the formation of dislocation tangles (DT) or dense dislocation walls (DDW) (Fig.1.9a and
Fig.1.10a). The further increasing of both strain and strain rate lead to dislocation annihilation and
rearrangement of both DDW and DT to minimize the system energy, forming subgrains with small

orientation angles, as illustrated in Fig.1.9b and Fig.1.10b.
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Disl. Tangle

Figure 1.9 Schematic and corresponding TEM micrographs revealing the microstructure
evolution in the UFG layer of metals with medium/high SEF. (a) the formation of DTs [105], (b)
transformation of DTs into subgrains with small orientation angle [105], and (c) evolution of
subgrains to grains with HAGBs and the formation of sub DTs within new grains under further
straining in SMAT Cu [105]. (d) the UFG structured formed in SMAT IF Fe sample [95].

Figure 1.10 Schematic and corresponding TEM micrographs revealing the microstructure
evolution in the UFL layer of metals with medium/high SEF. (a) the formation of DDW in
SMAT Fe sample [109]. (b) the formation of subgrains that evolves from DDW [94], (c) the
transformation of LAGB to HAGB and formation of sub DDW within lamella [94], and (d) the
formation of UFL structures in SMGT Ni sample [94].

Upon the formation of subgrains, either through deformation twinning or dislocation cell
forming mechanisms, the subsequent evolution process is governed by the interaction of
dislocations with subgrain boundaries under further straining. To accommodate more dislocations,
UFL or UFG structure is formed by further refining subgrains. The reduction of boundary spacing
is accomplished by the split of single lamellae into two parallel ones or by the formation of even
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smaller scaled DDW and DT structures, as Fig.1.8c, Fig.1.9c and Fig.1.10c illustrated. During this
process, the continuous accumulation of dislocations into the boundaries leads to the increase of
misorientation angle between two adjacent crystallites, which results in the subdivision of original
subgrains/lamellea and the evolution of structure, i.e., increase of fraction of HAGBs and decrease
of subgrain size and lamellae space [103].

The UFG layers generally have comparable or even smaller lamellae spacing and higher
fraction of HAGBs and smaller aspect ratios than UFL layers [94]. The formation of UFG layers
are believed to associate with the generation of more transversal dislocation walls within each
lamella. The interaction of new formed dislocations with the transversal boundaries leads to the
transformation of LAGBs to HAGBs. Meanwhile, owing to the smaller grain size, the annihilation
of dislocations is promoted [94]. The temperature rises during deformation and the migration of
triple junctions also favor the removal process of defects inside nanoscale structures. Dynamic
equilibrium is reached when the defects removal process accelerated by increasing plastic strain
reaches a certain level that may offset by the dislocation generation. In this case, saturated UFG
microstructure, in which the characteristics of grains like morphologies, grain size and orientation
don’t even change with higher strain, is formed [22]. In literature [22,88,94], such a saturated
structure features 100-200 nm in grain size and 70-80% of HAGBs as the strain level ranges from

10 to 25 and strain rate reaches up to 102-10%s.

1.3.3 Grain refinement in NG/NL layer

The strain and strain rate imposed in the UFG/UFL layer region that is comparable with
conventional SPD techniques resulted in a saturated grain size of ~100-200 nm [94]. Hence, even
higher strain and strain rate level are required for the formation of NG/NL structure with finer
grain size. Previous studies reveal that the outmost layer of GS materials prepared by SMGT
undergoes a larger strain (25-60), higher strain rate (103-10%/s) and gradient (0.3-0.6/um) than that
in the deeper UFG layer [94]. It is well known that higher strain rate will contributes to the
dislocations generation and suppresses the annihilation of dislocations, which promotes grain
refinement before LAGBs transform to HAGBs [94,105]. Meanwhile, geometrically necessary
dislocations (GND) are required to maintain the crystal continuity. The density of GND (pg) can

ax

be calculated by p; = NeS where b represents the Burgers vector of the material and y is the strain
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gradient [94,110]. The strain gradient of 0.3-0.6/pum corresponds to an approximate pg = 5-10 x
10%%/m?. As a result, the presence of high strain rate and strain gradient significantly promotes the
accumulation of dislocations that is favorable for the formation of LAGBSs. To accommodate these
dislocations, more dislocation boundaries form. These dislocation boundaries may further
transform to LAGBs and eventually refine UFG/UFL structures into NG/NL structures. Fig.1.11
shows the microstructure of NG/NL formed in Cu [105] (Fig.1.11a), Ni [94] (Fig.1.11b) and Al
[111] (Fig.1.11c). It reveals that dislocations and deformation twins are coexist within the grains
of both Cu and Ni. These nanotwins and dislocations will eventually fine the grain into even

smaller size with further straining.

Figure 1.11 TEM micrographs showing the sub-microstructure of NG/NL layer(a) Cu [105], (b)
Ni [94] and (c) Al [111].

1.4. Mechanical behavior of GS metals

GS materials exhibit excellent mechanical properties [85,86]. Fig.1.5 shows two examples
about GS metals that inherit both the strength of surface NG layer and ductility of inner CG core.
The synergized strength and ductility are believed to be attributed to the back stress strengthening
and work hardening, or mechanically induced nanograin coarsening [85,86,93,101]. These two
mechanisms that contribute to high strength and good ductility (or high strain hardening) of GS
materials will be discussed in detail separately.

1.4.1 Strengthening effect of gradient structured metals
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As Fig.1.5 shows, both CG IF steels and copper possessed several times smaller yield
strength than their freestanding GS (or NG) counterparts. But the combination of soft CG
substrates and hard GS surface layer leads to a doubled or even tripled strength (~2.0 and ~2.6
times than the CG copper and IF steels, respectively), which is related to the mechanical
incompatibility of deformation behavior of this heterogeneous structure [86,93,95]. As shown in
Fig.1.12a, the black curve and red curve represent the tensile strain behavior of CG IF Fe specimen
and GS IF Fe specimen with 24% volume fraction of gradient structure layer, respectively [86].
The green curve represents the calculated engineering stress-strain curve according to rule of
mixture (ROM). It clearly reveals that the flow stress of GS sample is much higher than the
calculated value. Fig.1.12b shows the evolution of yielding strength of GS IF Fe sample with
various volume fraction of gradient structure layers (red), the calculated strength using classical
(blue) and modified (green) ROM. It also verifies the synergetic strengthening effect of GS layer.
The stress-strain curves in Fig.1.12c reveal that the yielding strength decreases gradually with the
increases of the thickness of removed surface gradient structure layers, which implies that surface

gradient structures dominate the strengthening effect of GS metals.
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Figure 1.12 The synergetic strengthening effect of GS IF Fe sample [86]. (a) Stress-strain curves
showing the synergetic strengthening effect of GS specimens beyond the role of mixture (ROM).
(b) Yield strength evolution with the increase of volume fraction of GS layer. (c) Stress strain
curves of the specimens with different volume fraction of GS.

Where does the synergetic strengthening effect of GS metals comes from? During the early
stage of uniaxial tensile tests of GS materials when tensile stress is higher than the yield strength
of CG core but lower than that of GS layer, the CG core deforms plastically, while the GS layer
deforms elastically. Wu et al. [86] measured the Vickers hardness difference of SMAT IF steels

along the depth direction before and after 1% tensile strain. They found that there is no hardness
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change for the surface GS layers, indicating an elastic behavior of this layer. The finite element
modeling results (as Fig.1.13 shows) also verified that [112]. At the early stage of uniaxial tensile
tests, the surface NG layers undergo a limited tensile strain while the CG core is deformed at larger
strain (Fig.1.13c). The apparent Poisson’s ratio of the plastically deformed core is 0.5, while that
of the elastically deformed GS layer is around 0.3, which means the central CG core shrinks more
faster than the GS layer [86]. However, the deformation of the core is restricted by the hard surface
layer for the sake of strain continuity. This deformation incompatibility results in a strain gradient
near the interface of CG core and GS surface layer, and further triggers the accumulation of GNDs
[110,113]. The pileup of GNDs along the GS/CG interface further causes back stress. Back stress
has been proven an important factor that affects the strengthening and strain hardening [71,93]. It
can reduce the effective shear stress required for the slip of mobile dislocations, which means
higher stress is required for the activation of dislocation slip in the presence of back stress
[93,110,112]. Meanwhile, the constraint of GS surface layer to CG core also results in a
compressive stress in outer GS layer and a tensile stress in inner CG core, which transforms the
original uniaxial stress state into a two-dimensional one. This stress gradient formed between

surface GS layer and inner CG core has been proven effective in increasing yield stress in the

Ty

Y
form: 7' = Tor.a

, where 0 is the stress gradient, tv is the yield strength when 6 = 0, and Lops iS

the obstacle distance for dislocation slip [94]. In summary, the synergy of back stress strengthening

and stress gradient strengthening leads to the high strength of GS materials.
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Figure 1.13 (a) Crystal plasticity finite element model of gradient structured Cu. (b and c) The
evolution of average tensile stress and tensile plastic strain along the thickness direction [112].

1.4.2 Strain hardening effect of gradient structured metals

Except the significant yield strength increment, the good ductility of GS metals almost
comparable with their CG counterparts is another benefit of it. There are two mechanisms have
been proposed for the good plasticity or high strain hardening, i.e., back stress hardening [86,93]
and mechanically induced surface nanograin coarsening [85,101]. These two mechanisms will be
discussed below separately.

With the increase of tensile strain, the tensile stress increases at a much higher rate in GS
surface layer than in the CG core, as suggested by the finite element modeling studies (in Fig.1.13b)
show [112]. When the tensile stress in outer GS layer exceeds its yield strength, necking is about
to takes place due to its limited strain hardening [95]. During this process, the tangled high-density
dislocations in the interior and boundary area of nanogrians are wiped out. Wu et al. [95] have
identified this annihilation process in GS IF steels by measuring the density of mobile dislocation
density through stress relaxation tests. The ratio (Re = pm/pmo) experienced a sharp drop when the
strain increased from 0.008 (soon after yielding) to 0.015 (necking point of NS surface layer), and

corresponding TEM results also verified this transformation process.
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However, when the strain reaches the necking point of surface GS layer, the lateral
shrinkage of surface GS layer is constrained by the stable inner CG core. Similar to the situation
in the early stage of tensile tests, this constraint also leads to a strain gradient near the GS/CG
interface. Meanwhile, due to the necking instability of surface GS layer, the lateral stress of the
surface layer transits from compression to tension, while the transition in the inner CG core takes
place in opposite direction [86,95]. The stress state transition also facilitates the increase of strain
gradient [93]. As a result, the strain gradient caused by deformation incompatibility and stress state
transition between GS and CG layer result in the accumulation of GNDs along the GS/CG interface.
The depletion of dislocations in prior stage also provides more space for the accumulation of GNDs.
The pileup of GNDs further cause back stress that is against the applied stress [93]. Back stress
can be measured experimentally from loading-unloading tests. Fig.1.14a shows the schematic of
the hysteresis loop for the measurement of back stress. Detailed description of each stress and
strain labeled in the schematic can be found in the literature [93]. The corresponding back stress
ob can be calculated using the following equation:

ortoy

Op = —— Equation 1.3

Fig.1.14b shows the evolution of back stress of GS IF steels calculated using the hysteresis
loop of loading-unloading tests with increasing unloading strain. Fig.1.14c represents the
corresponding back stress hardening (solid curve) [93]. It’s apparent that the high 6 of GS IF steels
(especially to the 0 up-turn just after the necking of surface layer) is attributed to the back stress

strain hardening.
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Figure 1.14 (a) The schematic of the hysteresis loop for the measurement of back stress. (b) Back
stress evolution with increasing of unloading strain of GS IF Fe. (c) The back stress strain
hardening in GS IF Fe [93].

37



For GS materials, the ductility improvement originating from mechanically induced
nanograin coarsening has only been reported in SMGTed copper [85,101], even though grain
growth of several NG materials under indentation, tension and compression has been observed
[114-116]. The microstructure evolution of SMGTed GS copper under tension reveals the grain
coarsening process (see Fig.1.15) [85]. As Fig.1.15¢ shows, after 127% of true strain (e7), the grain
size increased from original 20 nm to 280 nm, and the dislocation density in coarsened grains is
rather low (as the TEM image of Fig.1.15d shows), which precluded the deformation mechanism
of dislocation slip during tension tests. It is reasonably believed that the grain coarsening in this
case contributed to the grain boundary migration. Both experimental observations and molecular
dynamic simulations have proven that, among the possible grain boundary-based mechanisms, the
grain boundary migration is the dominant one that contribute to the grain coarsening [117]. In
literature [118], when the grain size ranges from 1 um to 10 nm, the movement of dislocations is
mostly restricted to slip planes, above which the dislocation activities play roles and below which
the grain boundary activities dominant. In addition, this grain coarsening process has been found
not only stress driven, but also strongly dependent with temperature and strain rate. Elevated
temperature and reduced strain rate favor the coarsening process [101]. In summary. The
mechanically induced grain coarsening in GS copper, although reducing the strength of it to some
extent owing to “strain softening” (not discussed in this thesis), enabled it to accommodate more

plastic strain and exhibited an excellent ductility.

Figure 1.15 (a-c) SEM and EBSD micrographs showing the grain coarsening phenomenon of the
surface NG layer of GS Cu. (d) TEM micrograph reveals that dislocations have been wiped out
after grain coarsening [85].
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1.5. Other properties improvements of gradient structured metals

Except the studies about the synergy of high strength and good ductility of GS metallic
materials, investigations about the effect of gradient structure to the other properties of metals have
also been performed by researchers.

1.5.1 Friction resistance of gradient structured metals

Lowering the coefficient of friction (COF) of metallic materials under sliding is critical for
improving reliability of metal components in technical application [119-121]. The frictional
contact between metals, or metals and other harder materials like ceramics, usually leads to surface
roughening by microcracking or folding, and the formation of nanostructured tribolayers after
repeated sliding on the roughened wear surface [122-126]. The delamination of hard tribolayers
and the further roughening during sliding lead to a high COF of metals [127]. Grain refinement
has been proven effective in lowering the COF at low sliding speed and force as it hardens metals
significantly [128-131]. However, the reduction of COF in nanograined metals is absent in high
sliding speed and force due to the strain localization of nanograins with limited plastic deformation
capability [64,132]. The mechanical instability of nanograined metals and their tendency of
delamination contribute to the absence of lower COF when sliding with high speed and/or force
[64,128]. Hence, increasing the stability of subsurface layer to accommodate the sliding-induced
plastic deformation and hinder surface roughening and delamination is essential for lowering the
COF of metals with nanograined surface layer. Introducing gradient structure with nanograined
hard surface layer and gradually softened subsurface layers into metals is therefore a promising
strategy.

Chen et al. [126,133] investigated the influence of gradient nanograined surface layer to
the friction and wear reduction of both pure copper and copper alloys. As shown in Fig.1.16a, a
gradient nanograined layer was fabricated in the copper sample by means of SMGT. The
comparison of COF of CG, nanograined and GS copper samples with various sliding numbers and
sliding load are plotted in Fig.1.16b and c, respectively. It reveals that the COF of GS sample
remains steady at the value of 0.37, in contrast to that of CG (0.74) and NG (0.67) sample. The
COF of GS sample just slightly changed from 0.35 to 0.40 with the sliding load increased from 10

to 50 N, whereas those of the CG and NG sample remain higher than 0.60 at the same condition,
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as shown in Fig.1.16¢. The post-sliding microstructure analyses (as shown in Fig.1.16d) confirm
the grain coarsening and dynamic recrystallization (DRX) in the subsurface UFG region. The
plastic deformation during sliding was accommodated by the nanograined structures and the
localized deformation was suppressed, leading to a much lower COF of the GS sample. Similar
phenomenon has been reported in GS Cu-Ag alloy by SMGT [127]. The COF of Cu-Ag alloy
decreased from 0.64 in CG sample to 0.29 in GS sample, which is attributed to the fact that stable
gradient nanograined structure accommodated the plastic deformation during sliding.

In summary, the NG surface layer of gradient structure with high strength improved the
COF of metals, while the subsurface layer with relatively better strain hardening properties
accommaodated the plastic deformation during sliding, which eliminated the strain localization and
the subsequent delamination of nanograined tribolayer, leading to a significantly improved friction
resistance of metallic materials [126,127,133]. The microstructure stability of outmost NG surface
layer plays an important role as grain coarsening during sliding is expected to diminish the

enhancement effect of gradient structure to the friction resistance of metals.
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Figure 1.16 (a) SEM image of the gradient nanograined layer of pure copper. Variation of COF
with (b) sliding cycles and (c) applied load of CG, NG and GS copper. (d) SEM image of the
subsurface layer in the gradient nanograined copper specimens after sliding tests [133].

1.5.2 Fatigue resistance of gradient structured metals

Fatigue resistance is another quality that determines the reliability of metals since most of
metallic components are under cyclic loading condition. The effect of gradient nanostructure to
the fatigue performance of metallic materials has also been investigated by researchers extensively
[134-144]. Prior researchers have concluded that grain refinement is beneficial to the improvement
of fatigue properties [103]. However, the fatigue endurance of metals with finer grain size is

generally decreased comparing with their CG counterparts under the cyclic loading condition with
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higher strain amplitude or under strain-controlled loading model. This is related to the fact that the
crack propagation rate in metals with refined grains is much larger owing to the lack of ductility
[103,145].

Since the fatigue fracture usually initiated from the metal surface and subsequently
propagated into the interior, we may expect an enhanced fatigue resistance of metals by
introducing compressive residual stress or fine-grained layer with higher strength on the outmost
layer. Conventional techniques like shot peening and laser shot peening therefore have been
applied for the improvement of fatigue properties of metals for this sake [134,137,140]. Shiozawa
et al. [143] studied the fatigue resistance of high-C-Cr bearing steel fabricated by shot penning.
They found that microcracks activated from the surface of untreated specimens, in contrast to the
cracks initiated from the subsurface layer of shot-penned specimens. The fatigue life of the
processed specimens increased under the high stress amplitude and low number of cycles
conditions. While for the condition of low stress amplitude and long cyclic period, the difference
in fatigue life between shot-peened and untreated specimens was negligible. The low cycle fatigue
performance of AA7075 aluminum specimen with surface gradient structure processed by
ultrasonic shot peening was investigated by Pandey et al. [140]. Significant low cyclic fatigue life
improvement was observed in the treated specimen after 180 s ultrasonic shot peening. Whereas
increasing the treatment duration to 300 s led to a reduced fatigue life. Pandey et al. attributed the
enhancement of fatigue life to increased resistance of treated specimens against fatigue crack
initiation. Besides, decreased fatigue crack growth rate and plastic strain amplitude have also been
observed in AISI 304 stainless steel after shot peening or deep rolling by Altenberger et al. [142].
However, the improvement of fatigue resistance of the above listed metals processed by
conventional surface modification techniques only occurs under stress-controlled cyclic loading
mode, and the strain amplitude applied was relatively low. This phenomenon may be attributed to
the relatively thin surface layer with high hardness.

The gradient structures introduced by novel surface modification techniques like SMAT,
SMGT, SMRT etc. have been proven more effective than conventional approaches in the
enhancement of fatigue endurance of metals [103]. Huang et al. [103] studied the fatigue behavior
of GS 316L stainless steel processed by means of SMRT. Fig.1.17a shows the gradient structures
formed after SMRT. The depth of deformed area is measured to be larger than 500 pm, much
thicker than those were introduced by conventional metal surface modification methods. The TEM
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micrographs in Fig.1.17b-d show the microstructure in different depth. The mean grain size of
outmost nanograined layer (in Fig.1.17b) is approximately 30 nm. The dominated structure at the
depth of ~ 270 pum is high-density DTs with average twin thickness of ~ 25 nm (in Fig.1.17d). The
comparison of S-N curves of GS specimens with gauge diameter of 6 mm ( refers to SMRT-6, the
volume fraction of gradient layer is estimated to be ~ 46%) and of 3 mm (refers to SMRT-3, the
volume fraction of gradient layer is estimated to be ~ 78%), and their CG counterparts is plotted
in Fig.1.17e. It clearly reveals that fatigue limits of the 316L stainless steel increased significantly
from 180 MPa to 320 MPa for SMRT-6 specimen, and further increased to 420 MPa for SMRT-3
specimen. The fatigue ratio (the ratio of fatigue limits and ultimate tensile strength) of SMRTed
specimens is significantly elevated. The authors attributed the enhancement of fatigue resistance
of SMRTed specimens to the increase of both fatigue strength exponent and coefficient. The
initiation of crack was suppressed by the nanograined top surface layer with high strength, as
shown in Fig.1.17b. Meanwhile, the plastic strain amplitude was accommodated by the gradient
layer of SMRTed 316L specimens by reducing the strain localization. The combination of
suppressed initiation of cracks and diminished plastic strain amplitude resulted in the significantly
enhanced fatigue properties. However, the influence of compressive residual stress of gradient

layer to the enhancement of fatigue resistance was measured to be negligible in their study [103].
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Figure 1.17 (a) SEM image of the gradient structure formed in AISI 316L stainless steel by
SMRT. TEM images showing the (b) NG, (c) UFG and (d) deformation-twinned structures of the
gradient layer, () Comparison of S-N curves of different AISI 316L specimens [103].

Similar study on the fatigue life improvement of GS 316L stainless steel was performed by
Roland et al. [107] as well. In their study, the gradient structure was generated by means of SMAT,

by which the plastic deformation depth of the sample (~ 200 um) was thinner than that was
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processed by SMGT (~ 500 um). However, the average grain size of the outmost nanograined
layer (~ 20 nm) was even smaller. Traction compression fatigue tests results reveal that the fatigue
limits increased from ~ 300 MPa for CG sample to ~ 380 MPa for SMAT sample. The fatigue
limit is slightly lower than that for SMGT 316L sample (~ 420 MPa), which may be attributed to
the much shallow penetration depth. The NG surface layer with high density of defects impeded
the movement of dislocations and hindered the initiation of cracks. However, the authors believed
that the compressive residual stress is critical to the enhancement of fatigue resistance as high
compressive residual stress formed in the gradient layer servers as an obstacle for the propagation
of cracks, contradict to that was reported in SMRT 316L specimen [103]. The suppressed crack
nucleation and propagation led to the lifetime and fatigue strength increments. In their study,
Roland et al. also found that annealing the SMAT specimen at 400 °C, albite the compressive
residual stress was relaxed at this condition, can further improve the fatigue properties (fatigue
limits increased to ~ 400 MPa). The combination of strain hardening, straining induced phase
transformation and the stable NG surface layer was contributed to the improved fatigue resistance
[107]. Huang et al. [136] studied the influence of gradient structure of martensitic stainless steel
(Z5CND16-4) fabricated by SMGT to the fatigue resistance and reported similar behavior. The
introduction of gradient layer increased the fatigue limit from 300 MPa for CG specimen to 415
MPa. Post-annealing treatment at 450 °C for the SMGT specimen further increased the fatigue
limit to 440 MPa.

Except for the studies about fatigue resistance improvement of GS stainless steels, works
on other metallic materials like copper and twinning-induced plasticity (TWIP) steels have also
been performed [138,144]. The study on the improved fatigue performance of GS copper
processed by means of SMGT was investigated by Yang et al. [144]. The introduction of a GS
layer with thickness of ~ 500 — 700 um significantly improved the fatigue strength of copper from
56 MPa to 98 MPa. The corresponding fatigue life of GS copper was more than 14 times of that
of the CG ones at the low-cycle-fatigue regime with the stress amplitude of 140 MPa. The gradient
layer improved the fatigue strength and suppressed the nucleation of microcracks, resulting in the
enhanced fatigue resistance. However, the microstructure analyses of the fatigue fractured
specimen reveal grain coarsening in the top region of the GS layer. The cracks were initiated and

propagated from these CG region of surface NG layer during cyclic loading and led to failure. It
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implies that the stability of surface NG layer is critical to the improvement of fatigue resistance of
GS metals, consistent with other works.

The studies on strain-controlled fatigue properties of metals are scarce Shao et al. [138]
investigated the strain-controlled low-cycle fatigue performance of GS Fe-18Mn-0.6C TWIP steel
processed by 180° torsion with subsequent annealing treatment at 700 °C for 10 mins. The grain
refinement efficiency of torsion is much lower than the other severely plastic deformed surface
modification techniques, but graded size distribution was successfully introduced. The low-cycle
fatigue tests of as received CG specimens, finer-grained (FG) specimens, and GS specimens reveal
that GS specimens exhibit better fatigue performance than both CG and FG specimens at high
strain amplitude (Ag/2 > 0.6%), although the fatigue life GS specimens at lower amplitude (Ag/2
< 0.4%) is slightly lower than that of FG specimen. Meanwhile, the GS specimen presents better
fatigue resistance than FG and CG specimens. Similarly, the FG surface layer suppressed the
initiation of cracks along shear bands. However, the prevailing GNDs formed in the gradient layer
of TWIP steel in their story provide extra cyclic stress besides SSDs, further enhancing the fatigue
strength. The effects of GNDs to the improvement of fatigue resistance was rarely be considered
in other works. Besides, the hardening effects of GNDs contribute to extra strain hardening in the
subsurface layer of gradient structure than in the outmost layer of specimen after fatigue tests,
forming a structure consists of a hard core and soft shell. This structure is beneficial for surface
stress relaxation and further prolongs the time for crack nucleation from the outmost layer.

Previous studies focus on the metals with negatively graded strength, i.e. the
strength/hardness decreases from surface to center of specimen. Ma et al. [141] investigated the
enhanced fatigue resistance of 304 austenitic steels with both positively and negatively graded
strength. The gradient structure was introduced by pre-torsion treatment. The fatigue tests reveal,
not surprisingly, that the GS samples present better fatigue performance than the corresponding
gradient-free samples. The comparison of two GS specimens shows that the sample with negative
strength gradient exhibits better crack nucleation resistance, whereas positive gradient is more
effective at suppressing grain propagation. Both the experimental results and corresponding finite-
element simulations show that the plastic zone at the tip of crack-like notch of negatively graded
specimen is the smallest when comparing with other samples, which explains the longest crack
initiation live. The positively graded specimen presents the most homogenous stress field at the

tip position. Once crack is initiated, the plastic zone and stress concentration at the tip of cracks of
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positively graded specimen are smaller than the negatively graded and CG counterpart, leading to
a slower crack propagation rate.

In summary, the introduction of gradient layer into the metal surface significantly enhanced
the fatigue properties of metals [135,136,144]. The factors that determine the enhancement
efficiency include the strength gradient direction (positive or negative), the stability of surface
layer with high strength, the relaxation of surface compressive stress (by annealing) and the degree
of the gradient of strength, etc. More studies, especially the simulation studies that modeling the
fatigue behaviors are expected for the fundamental understanding and application of gradient

structure to the improvement of fatigue performance.

1.5.3 Thermal stability of gradient structured metals

As mentioned in Sec. 1.3, the grain refinement efficiency of SMGT is much higher than
other conventional SPD techniques like HPT, ECAP etc.[94]. The mean grain size of outmost
surface layer of SMGT metals can be refined to ~ 20 nm, whereas the reported finest grain size of
metals that were processed by conventional SPD methods was around 100 nm. Intuitively, finer
grains of SMGT samples are usually more susceptible to grain coarsening than relative larger
grains of other SPD samples at high temperatures [146,147]. However, the special grain
morphology and grain boundary structures of nanograins of SMGT samples enabled the
extraordinary thermal stability of surface NG layer.

Two-dimensional nanometer-scaled laminated microstructures were introduced in the
outmost layer of pure Ni by Liu et al. using DMGT technique [99], as shown in Fig.1.18a. The
laminated structures are typical microstructure of surface layer of GS metals by SMGT under shear
stress, which have been observed in many other SMGT metals like copper, stainless steel and
nickel-based alloys, etc. [85,103]. Both NG and NL structures are observed in Fig.1.18a. After
annealing the sample at 500 °C for 1 hour, the original NG structures coarsened to micrometer-
scaled equiaxed grains, as shown in Fig.1.18b. However, the morphologies of NL structures that
were sandwiched between NG layers retained.

The grain coarsening behavior of NC metals can be examined by looking at the GB velocity
(v) [148,149]:

V=M Vgp K Equation 1.4
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where Mgp represents the GB mobility, ygp iS the GB energy and « is the local boundary curvature.
It implies that the grain coarsening of NC materials is controlled by both kinetic [150,151] and
thermodynamic [152,153] components. Detailed TEM analyses reveal that most of grain
boundaries in NL structures are LAGBs. The low excess energy (smaller value of ygn) and mobility
of LAGBs (smaller value of Mg,) compared with HAGBs lower the velocity of grain boundaries,
leading to the high thermal stability. The laminated morphology of NL structure may contributed
to the enhanced thermal stability, i.e., the extremely large radius of 2-dimensinal lamellar can
reduces the capillary force for grain boundary movement (smaller value of k); the orientation
pinning effect of and suppressed recrystallization nucleation kinetics (smaller value of Mgb) by the
laminated structures may also contribute to the improved thermal stability [99].

The follow-up study on the thermal stability of GS pure Ni and Cu that were processed by
SMGT was performed by Zhou et al. [154]. The difference is that liquid nitrogen rather than
cooling oil was used as cooling medium. The gradient structure formed in pure Ni after SMGT is
presented in Fig.1.18c. Detailed TEM observation of surface NG region in Fig.1.18e shows that
nanograins with an aspect ratio of ~ 2.0, rather than nanolamellae with larger aspect ratio, formed
after SMGT. LAGBs were formed (though no relevant data was provided in the literature), similar
to the NL structure in previous story [99]. The benefits of laminate morphology to the enhancement
of thermal stability should be absent, or at least be diminished, in this follow up study. Deteriorated
thermal stability is therefore be expected. However, after annealing the sample at 600 °C for 30
mins, as shown in Fig.1.18d and Fig.1.18f. the NG layer remains stable without any grain
coarsening, in contrast to the obvious grain growth in the sublayer. The comparison of grain size
of surface NG region before and after annealing in Fig.1.18g also verifies the observation. The
instability temperature, or grain-coarsening temperature of nanograins (above which apparent
grain coarsening occurs after 30 mins annealing) as the function of initial grain size is plotted in
Fig.1.18h. It reveals that the grains below a critical size (~ 90 nm for Ni in Fig.1.18h and ~ 70 nm
for Cu) present extraordinary thermal stability. The measured instability temperatures of Ni and
Cu rise up to ~ 0.68Tm (the equilibrium melting temperature in K) and ~ 0.45 Tm, respectively.

Zhou et al. [154] attributed the extraordinary thermal stability of NG Ni and Cu with grain
size smaller than the critical value to grain boundary energy drop and grain boundary relaxation.
The grain boundary excess energy was reduced from ~ 0.52 + 0.03 J/m? to 0.23-0.27 J/m? when

the grain size refined from ~ 125 nm to ~ 50 nm, resulting in the enhanced thermal stability of
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nanograins below critical size. The grain boundary excess energy drop may stem from the fact that
the plastic deformation of topmost surface layer during SMGT is accommodated by the formation
of SFs and/or nanotwins in low-energy configuration. Meanwhile, the grain boundary relaxation
also contributes to the grain boundary energy drop. Grain boundary relaxation during plastic
deformation can transforms the grain boundary structure into a lower energy state through grain
boundary dissociation, which takes place by emission of stacking faults from grain boundaries.
Meanwhile, the formation of nanotwins is also believed to lower the grain boundary energy state.
In contrast, the NG structures produced by other techniques like inert gas condensation generally

exhibit poor thermal stability due to the high energy state of grain boundaries [155].
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Figure 1.18 Thermal stability of nanostructured Ni layer processed by SMGT [99,154]. TEM
micrographs showing the microstructure of NL Ni layer (b) before and (c) after annealing at 500
°C for 1 hour. SEM images of (a) as-processed GS Ni sample that was processed by SMGT using
liquid nitrogen as cooling solvent and (b) the sample after annealing at 600 °C for 30 mins. TEM
images of the nanograins of (c) as-processed sample and (f) the sample after 600 °C annealing.
(9) Grain size distribution of as processed and 600 °C annealed specimens. (h) Grain coarsening
temperature as a function of average grain size in GS Ni.

In summary, the nanostructures formed in the topmost layer of gradient structure that was
processed by SMGT present unique grain morphology and possess lower grain boundary energy
state compared with other nanostructured metals, leading to the significantly enhanced thermal
stability. The formation of these structures is closely related to the high strain rate and gradient,
and the shear deformation during SMGT [99,154].

1.6. Nickel-based superalloys
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1.6.1 Microstructure and precipitation behavior of nickel-based superalloys

Nickel-based superalloys exhibit extraordinary combination of high strength, ductility and
oxidation resistance at high temperatures [156,157]. The application of these type of metallic
materials is mainly in the combustor and turbine section of the engine where extremely high
temperature maintained during operation. Except the applications in heat engine, the nickel-based
alloys are also widely used in the oil and gas industry, nuclear power plant, military electric motors,
chemical processing vessels, petrochemical equipment and heat exchange tube etc. [156,158].

The extraordinary performance of nickel-based alloys is mainly attributed to the
combination of high phase stability of FCC structured y matrix and the capability to be
strengthened by a variety of methods [158]. The processing methods of nickel-based alloys depend
on the intend applications as the cooling schemes is essential for the control of grain structures,
which further determine the high temperature performance of the alloys. For instance, grain
boundaries usually be damage first at elevated temperatures. Hence, the components in the early
stage of jet engine where operating temperature is the highest are typically single crystallized.
However, the components in the later (lower operating temperature) stage of jet engine are
manufactured by polycrystalline alloys [158]. There are four major forms of nickel-based alloys
[159]: i) billets formed from forged or rolled conventionally cast ingots; ii) directionally solidified
alloys with polycrystalline structures; iii) single-crystal alloys; iv) powder metallurgy processed
alloys used in jet engine disks. Although nickel is the major component, most of nickel-based
alloys contain up to almost 40 wt.% of five to ten kinds of other alloying elements. Table 1.1 listed

the chemical composition of several typical nickel alloys [158-160].
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Table 1.1 Chemical compositions of commercial nickel-based alloys (wt.%, balanced by Ni) [158-160]

0S

Alloys Elements
Al | Ti | zZr | Fe | Co | Cr | Nb [ Mo | W | Ta | Hf | Re | C | B
Commercial cast and wrought alloys
IN 718 0.5 0.9 - 18.5 - 19.0 5.1 3.0 - - - - - 0.02
IN713LC | 5.9 0.6 0.1 - - 12.0 2.0 4.5 - - - - 0.05 | 0.01
Waspaloy 1.3 3.0 - 1.0 135 | 195 - 4.3 - - - - 0.08 | 0.006
C-22HS 0.5 - - 2.0 1.0 21.0 - 17.0 1.0 - - - 0.01 -
C1023 4.2 3.6 - - 10.0 | 151 - 8.5 - - - - 0.16 | 0.01
Rene’ 80 3.0 5.0 0.03 - 9.5 14.0 - 4.0 4.0 - - - 0.17 | 0.02
Directionally solidified alloys
IN792 3.4 4.0 0.06 - 9.0 12.6 - 1.9 4.3 4.3 1.00 - 0.09 | 0.02
GTD111 3.0 4.9 - - 9.5 14.0 - 1.5 3.8 2.8 - - 0.1 0.01
Single-crystal alloys
Rene’ N4 4.2 3.5 - - 7.5 9.8 0.5 15 6.0 4.8 0.15 - 0.05 | 0.00
Rene’ N5 6.2 - - - 7.5 7.0 - 1.5 5.0 6.5 0.15 3.0 0.05 | 0.00
Rene’ N6 5.8 - - - 12.5 4.2 - 14 6.0 7.2 0.15 5.4 0.05 0.00
CMSX-3 5.6 1.0 - - 5.0 8.0 - 0.6 8.0 6.0 0.10 - - -
CMSX-4 5.6 1.0 - - 9.0 6.5 - 0.6 6.0 6.5 0.10 3.0 - -
CMSX-10 | 5.7 0.2 - - 3.0 2.0 0.1 0.4 5.0 8.0 0.03 6.0 - -
PWA 1484 | 5.6 - - - 10.0 5.0 - 2.0 6.0 9.0 0.10 3.0 - -
Powder-processed alloys
Rene’95 35 2.5 0.05 - 8.0 13.0 3.5 3.5 3.5 - - - 0.065 | 0.013
N18 4.4 4.4 0.03 - 15.6 11.2 - 6.5 - - 0.5 - 0.02 0.15
IN100 4.9 4.3 0.07 - 184 | 124 - 3.2 - - - - 0.07 | 0.02




TG

Table 1.2 The alloying elements effects of commercial nickel-based alloys [158,159,163].

Elements Effects
Al v' phase former, improve oxidation and hot corrosion resistance
Ti v' phase former, tailor the stacking fault energy
Zr Inhibit grain boundaries sliding
Fe Solid solution strengthener
Co Solid solution strengthener, increase the solvent temperature of y' phase
Cr Solid-solution strengthener, M7Cs and M23Ce carbides former, improve oxidation and hot corrosion resistance
Nb v" phase former, MC and MsC carbides former
Mo Solid solution strengthener, MC, M23Cg and MeC carbides former
W Solid solution strengthener, MC, M23Cs and M¢C carbides former
Ta Solid solution strengthener, MC carbide former, improve creep properties
Hf Solid solution strengthener, improve castablity, control the shapes of carbides
Re Solid-solution strengthener, retard y’ coarsening
M(C,N) carbonitrides former, grain-boundary strengthener
B Grain-boundary strengthener, improve creep properties and rupture strength

M(C,N) carbonitrides former




As listed in the table 1.1, nickel-based alloys have complex chemistry. Various amount and
combination of alloying elements are added to the FCC structured matrix to achieve desired
microstructure and mechanical properties. For instance, the addition of Al and Nb would tend to
form the major strengthening precipitates: y* and y” phases [161,162]. Ti element substitutes the
Al site of vy’ phase and correspondingly increase the fraction of y’ precipitates. Besides, the SFE
of the alloy decreased with the increasing of Ti concentration [159]. Mo presents in both y matrix
and vy’ phase, and determines the relative mismatch between them [159]. Cr mainly solute in y
matrix and confers oxidation and corrosion resistance [158,159]. The addition of Zr may
segregates to grain boundaries and inhibit the grain boundaries sliding at high temperatures. the
other elements like Mo, Ta, W and Re are added for solid solution strengthening and to increase
the concentration of y’ and y” phase. Besides, the B, C and Hf contribute to the formation of borides
or carbides that are usually decorated along grain boundaries [158,159]. The effect of typical
alloying elements of nickel-based alloys are listed in table 1.2 [158,159,163].

Most of nickel-based alloys are precipitation strengthened. There are several kinds of
precipitates with various crystal structures and chemical compositions tend to form after heat
treatment. Prior studies suggest that the initial thermal history of the alloys and the subsequent
ageing conditions under which these alloys are processed significantly influence the size, shape,
distribution and volume fraction of precipitates and, consequently, resulting in different high
temperature performance [164-176]. The most commonly encountered precipitates in nickel-
based alloys including y’, y”, 8, , B, carbides and Laves phase etc. [159,168]. Detailed information

about some of these precipitates will be presented in the following section.
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The extraordinary high temperature strength of nickel-based alloys can largely be attributed
to the y’ and y” phases that coherently distributed in face-centered-cubic (FCC) y matrix [177—
192]. The strengthening of these two phases are originated from three folders [193]: i) the intrinsic
strength of y’ and y” phases, ii) the coherency strain that related to lattice misfit between the
coherent or semi-coherent y/y’ and y/y” interfaces and iii) the anti-phase boundary energy, which
is proportional to the energy required for a dislocation to glide through. The coherent strain
hardening derived from lattice mismatch is the dominant strengthening mechanism for theses
alloys at peak aged condition.

The y’ precipitate has a nominal composition of NisAl with an ordered L1, (FCC) structure,
as shown in Fig.1.19a, where Al occupies the cubes corners while Ni locates at the centers of cube
faces [159]. There are equivalent three Ni atoms and one Al atoms in one cube. However, other
alloying elements like Ti and Nb tend to substitute the Al site and vary the chemical composition
of v’ phase in different alloys and, consequently, leading to a different lattice mismatch between
v’ and matrix. The lattice mismatch (3) between precipitates and matrix is critical in strengthening
and can be quantitatively defined as [159]:

ay/ —ay

5 =

Equation 1.5

where a,» and a, represent the lattice spacing of a certain lattice plane of y* and y phase, respectively,
and a represents the average value of a, and a,. Typically, the substitution of other elements to Al
tailors the mismatch parameter of nickel-based alloy from almost zero (in Waspaloy superalloy)
to ~ 0.5% [159]. The lattice mismatch (or misfit) between precipitates and matrix not only
influences the mechanical properties by triggering the initial internal stress, but also tailors the
shape of precipitates. Generally, the growing of precipitates is anisotropic to meet the requirement
of lowest free energy. The strain energy associated with the coherency straining of the lattice
during precipitation growth has a minimum value along the directions that have the lowest elastic
modulus, i.e, the <001> direction for y’ precipitates. The {001} planes of y’ precipitates therefore
possess the lowest strain energy. Consequently, the y’ phases are usually spherical in shape when
the diameters are small. With the increasing of precipitate size, a flat y/y’ interface parallel to
<001> direction is preferentially formed, leading to the formation of cuboidal y’ precipitates.
Besides, the precipitation and growth of v’ phase is sensitive to the cooling rate. Faster cooling

rate usually results in a uniformly distributed size of y’ phase [159,194].
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The other primary precipitate of nickel-based alloys that induces strengthening is y” phase
with a nominal composition of NisNb. The y” phase has a DO2. (body-centered-tetragonal, BCT)
structure as shown in Fig.1.19a [159]. Similarly, other elements like Al and Ti tend to substitute
the Nb sites. Comparing the structure of y’ and y”” precipitates, their lattice parameter, a, is almost
identical, whereas the parameter, ¢, of y” phase is almost twice of that of y’ phase, by which y” is
named. The crystal structure relationship between tetragonal y” phase and FCC y matrix are as
follow [191]:

(011),-]|{001},, and (100),+|[{100),,.

However, the lattice mismatch parameters of y”/ v interface is anisotropic. Slama et al. [191] and
Cozar et al. [195] studied the mismatch parameter of IN718 alloys and concluded that the lattice
mismatch along <100> y” and <010> y” directions is less than 1%, whereas that along the <001>
y” direction is as high as 3%. The formation of coherent interface between precipitates and matrix
is only possible when the coherency deformation is less than 1%, which implies that y” phases
tend to growth toward the <100> y” and <010> y” directions rather than the <001> y” direction,
leading to the formation of disk-shaped y” phase that lies parallel to the {001} planes of y matrix
[191]. The coherency of y”’/ v interface diminishes with the increasing size of y” phase and vanishes
after a critical value. This critical size of y”” phase varies in different alloys and usually in the range
of several tens of nanometers [191].

According to the effects of different alloying additions (as shown in Table 1.2) and the
differences between the nominal composition of y* and y” precipitates, the precipitation of these
two phases is usually takes place independently with respect to each other [185]. For nickel-based
alloys that contain both y’ phase former elements (Al and Ti) and y” phase former elements (Nb),
both y’ and y” precipitates are observed. The EDS maps of a commercial Inconel 718 (IN718)
nickel-based alloy in Fig.1.19b reveals that the Al and Nb elements enriched in y* and y” phases,
respectively [176]. The y’ phases are still spherical in shape with small size, whereas the y”” phases
are in disk shape. The TEM micrograph in Fig.1.19c also shows the co-precipitation of y” and y”
phase in IN718 alloy after ageing at 800 °C for 6 hours [196]. The corresponding SAD patterns of
v’ phase in Fig.1.19d and y” precipitates in Fig.1.19e reveal the crystal structure relationship
difference of these two phases with the y matrix. The precipitation sequence of y’ and y” phase is
controlled by the ratios of Al + Ti to Nb of the alloys. Prior studies found that precipitation of y’

phase is more favored compared to y” phase when the composition ratio of Al+Ti/Nb increases.
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When this ratio exceeds about 0.9, a “compact morphology” in which the cuboidal shaped y’
phases are coated on all six faces with y”” phases appears. The nucleation and growth of precipitates
with this compact morphology are sluggish than those precipitated independently, resulting in an

enhanced microstructural stability of the alloys.
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Figure 1.19 (a) Crystal structure of y’ and y” precipitates [159]. (b) EDS map of a commercial
IN718 nickel-base alloy showing the partition of Al and Nb to y’ and y” precipitates, respectively
[176]. (c) BF TEM micrograph showing the precipitation of y” and y” phase in IN718 after
ageing at 800 °C for 6 hours. The corresponding SAD pattern for (d) y’ and (e) y” phases [196].

The solvus temperature of y’ and y” precipitates is around 900 °C. At the temperatures
above 900 °C or on prolonged exposure at lower temperatures, other kinds of precipitates, like &
and m phases formed [162,197—-203]. The y” phases are metastable and transform to equilibrium
stable & phases if the alloy is kept between 700 — 900 °C [179]. At the aging temperature higher
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than 900 °C, & phases precipitate directly from the grain boundaries. The 6 phase has DO0a
orthorhombic crystal structure (Fig.1.20a) and the same nominal composition with y” phase
(NisNb). Other elements like Al and Ti has been often found to substitute the Nb site, tailoring the
chemical composition and lattice parameter of & phase in different alloys [204]. The orientation
relationship between o precipitates and y phase has been studied by researchers in several systems
and can be expressed as follows [205]:

{111},|(010)4, and (110), ||{100).

The orthorhombic structure of & phase comprises of near-hexagonal stacking layer along the b-
direction with an ABAB-type stacking sequence perpendicular to the habit (111), plane. The
mismatch parameter between & phase and matrix are also anisotropic. For instance, in commercial
IN718 alloy, the lattice mismatch between the {010} planes of 6 phase and {111} planes of y
matrix is ~ 0.54% along [100]s direction and ~2.38% along the [001]s direction. Fig.1.20b shows
the TEM micrograph of the typical plate-like morphology of & precipitates with extremely high
aspect ratio [206].

Another type of precipitate with plate-like morphology that has been observed in nickel-
based alloys is 1 phase. The nominal chemical composition of n phase with D024 hexagonal crystal
structure is NizTi, as shown in Fig.1.20a [205,207]. The site of Ti can be substituted by other
elements like Al, Nb etc., resulting in the formation of m phase with different chemical
compositions. For instance, the n phase formed in Allvas 718 Plus nickel-based alloys has the
chemical composition of NigAINb [205]. The investigations about the orientation relationships
between 1 phase and matrix reveals that it follows the Blackburn orientation relationship [205]:
{111}, 11{0001},,, and (011}, [[(2110),,, (112),||{0110),,.

Unlike the anisotropy of lattice mismatch along different direction of & phase, the lattice
mismatch between the {0001} basal plane of  phase and {111} planes of matrix along the <011>y
direction is ~ 0.98%, whilst that along the <112>y direction is ~ 0.95% in Allvas 718 Plus alloy
[207]. Fig.1.20c shows the TEM micrograph of typical n phase with plate-like morphology.
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Figure 1.20 (a) Crystal structures of both 6 and n precipitates [208]. BF TEM micrographs of (b)
d precipitates [206] and (c¢) n precipitates. Inset is the corresponding SAD patterns. (d) HRTEM
micrograph showing the stacking sequence of & (ABABA-type) and  (ABACA-type)
precipitates [205].

Despite the difference in chemical composition, the crystal structures of 6 and n
precipitates are similar. The structure of 1 precipitates comprises the stacking layers along the ¢
direction with an ABAC-type sequence perpendicular to the habit (111), plane. Compared with
the ABAB-type stacking sequence of & phase, the only difference lies in the presence of a C-layer
than a B-layer in 1 phase [207]. Therefore, a fully coherent interface between the close-paced plane
of these two phases can form. Pickering et al. [205] and Messé et al. [207] have found the presence
of both hexagonal structured n phase and orthorhombic structured 6 phase in one large precipitate.

As shown in the HRTEM micrograph in Fig.1.20d, the interface between the close-packed {0001}
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plane of 1 phase (left) and {010} plane of & phase (right) is fully coherent in Allvas 718 Plus alloys
after annealing at 840 °C for 4 hours. The precipitation of 6 and 1 phases appears first at random
grain boundaries that serve as diffusion path for alloying elements, then followed by twin
boundaries, and at long time intragranularly [205]. There are two growth mechanisms have been
reported for the precipitation of & and n phases, i.e., by 1) discontinuous precipitation or ii) diffusion
of alloying elements and by the transformation of y’ phase (for n phase) or y” phase (for 6 phase).
The phase transformation involves structure changes, from D02 (y”) to D0a (8) or L12 (y’) to D024
(n), which requires higher activation energy. For discontinuous precipitation, there are three types
of reaction have been summarized as follows [209]:

Type l: 0’ — a+p

Type2:a’+e—a+e

Type3:a’+e—a+0

where o’ represent the single-phase supersaturated matrix, a is the solute depleted phase after
reaction, 3 and 0 are the stable precipitates formed, and ¢ is the prior coherent matrix precipitate.
The precipitation of 6 and 1 phase fit well with type 3 of discontinuous precipitation, where a is
the FCC structured y matrix, € refers to the coherent precipitates of y’ or y”” and 0 corresponds to
the stable 6 and 1 phases. Discontinuous precipitation usually results in a serrated grain boundaries,
similar phenomena have been reported in many nickel-based alloys [205,207,210].

v, v”, 6 and 1 phases are the primary precipitates that control the properties of nickel-based
alloys. The precipitation behaviors, including the type, size, shape, morphology and volume
fraction of precipitates are determined by the chemical composition and thermomechanical history
of the alloys. The precipitation behaviors of nickel-based alloys are determined by the alloying
elements [208]. For instance, Al, Ti, Nb and Ta are found to promote the precipitation of y* and y”
phases. Whereas excess level of Ti addition is beneficial to the precipitation of  phases. Excessive
level of Ta and Nb will promote the precipitation of & phases. Antonov et al. [208] systematically
investigated the thermal stability and compositional dependence on alloying elements in several
v’-y”-6-n Ni-base superalloys. They concluded that if the chemical compositional ratio of
Al/(Nb+Ta+Ti) smaller than 0.85, the precipitation of 6 and n phases dominates, whilst a velue
greater than 0.85 usually suggesting the precipitation of y’ phase. The precipitation of & and 1
phases is also controlled by the addition of alloying elements. The combinations of different type,

size, morphology and volume fraction of precipitates yield different types of nickel-based alloys.
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Hence, alloys that meet different demands of service conditions can therefore be designed by
optimizing the chemical composition of them.

Except the precipitates mentioned above, several other kinds of precipitates also play an
important role in the performance of nickel-based alloys at high temperatures. Carbides are one of
the primary precipitates and the role of it to the properties of nickel-based superalloys are complex
[211,212]. There are three kinds of carbides in nickel-based alloy: MC, M23Cs and MeC. MC
carbides form when the segregated C react with Mo, Ti and Cr during solidification. They are
mostly in discrete blocky shape and distribute in both intergranular and intragranular positions.
MC carbides have NaCl structures and tend to degenerate to secondary carbides at high
temperatures. M23Ce carbides usually precipitate at intermediate temperatures between 760 - 980
°C with irregular shape intergranularly. Specifically, these carbides tend to precipitate from
HAGBs with high interface energy. They can precipitate directly from the y matrix, or through the
reaction of [211]:

MC + vy — M23Cs + 7’

M23Cs carbides have a complex cubic structure that is similar with the structure of o precipitates.
Therefore, the degradation of o precipitates also leads to the formation of M23Ce through the
eutectoid reaction of:

o+ C — M23Cs +y

As for MeC carbides, they are more thermodynamically stable than M23Cs carbides. MeC carbides
present both in intergranular and intragranular positions through the reaction of:

MC +vy — MeC + v’

similar to the precipitation of M23Ce carbide. The difference is that MsC formed at higher
temperatures than M23Ce when the amount of Mo and W is between 6 — 8 wt.% [211].

The precipitation of other phases like Laves phase, 1 phase, § phase, P phase and Pt2Mo-
type long range ordered Ni2Mo or Ni>(Cr,Mo) phase etc. have been extensively investigated by
researchers as well [158,213-215]. The formation of these precipitates determines the performance
of nickel-based alloys at elevated temperatures, such as the strength, creep strength, oxidation and
corrosion resistance etc. Mechanical behavior is the focus of this project and a brief summary of
microstructure-mechanical properties relation of nickel alloys will be presented in the following

section.
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1.6.2 Microstructure-mechanical properties relation of nickel-based alloys

As aforementioned, mechanical behaviors of nickel alloys are a strong function of
microstructures [179,180,191,192]. Tensile strength, creep strength, thermo mechanical fatigue
properties and cyclic crack growth are of primary interests. The limitation of any of these four
properties determines the overall performance of the alloy.

The high strength or hardness of nickel-based alloys is mainly determined by the
precipitation of ordered y’ and y” phases [161,193,216]. While a dislocation glide through a
precipitate particle that grow coherently with matrix, the strengthening of the alloy can arise due
to several mechanisms like coherency strain hardening, order hardening, modulus hardening and
stacking faults hardening etc. [193,216]. For nickel-based alloys, prior studies suggest that the first
two are the primary strengthening mechanisms and the contribution of the rest are negligible. The
factors that influence the strengthening effect including the size, shape, density and morphology
of vy’ and y” phases. Generally, the increased volume fraction of ordered precipitates contributes
to the improvement in strength, but comes at the expense of processing capability or environment
resistance as tailoring of chemical composition of the alloys is required. Yan et al. [217] also found
that a critical value of y’ precipitates exist for the optimization of yield strength of IN740H alloys.
Fig. 1.21a and b show the blockage effect of y* precipitates to the movement of stacking faults and
dislocations in the y matrix channel of the single crystalline nickel-based alloy after tensile tests at

room temperatures and 900 °C, leading to the strengthening of the alloy [218].

Figure 1.21 TEM micrographs showing the blockage effect of y* precipitates to the movement of
stacking faults and dislocations in the y matrix channel of the single crystalline nickel-based
alloy after tensile tests at (a) room temperatures and (b) 900 °C [218].
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The creep resistance is another property of nickel-based superalloys that is essential to the
performance of them at high temperatures. The corresponding creep mechanisms at elevated
temperatures and different stress levels have been extensively investigated by researchers [219-
224]. In general, the extraordinary creep resistance of superalloys is largely attributed to the
resistance of precipitates to shearing. During creep, the dislocations must overcome the precipitate
in different manners, depending on creep conditions and microstructural parameters such as the
precipitates size, density and morphology. Several shearing mechanisms have been proposed,
including dislocation climb, looping, stacking fault related shearing and micro-twinning
[220,222,223]. The creep resistance depends largely on the size and spacing of y’ phases. Prior
studies reveal that highest creep life was achieved usually when the volume fraction of y’ phase
higher than 50% [224]. Fig.1.22a shows the relationship of volume fraction of y’ phases and creep
rupture life of single crystalline TMS-75 and polycrystalline IN713C nickel-based alloys [224]. It
shows that the strength peaks located at the position of 60% volume fraction of y’ phases. Once
dislocation glide through the narrow channel of matrix, the dislocation was forced to bow through
the channel due to the resistance of y’ phases to shearing (in Fig.1.22b). Similar v’
precipitates/dislocation microstructure has also been found in GTD-111 alloy when creep at 982
°C and 152 MPa, as shown in Fig.1.22c [220]. The creep behavior also dependents with
temperatures. At intermediate temperatures, stress usually insufficient for the shearing of 7y’
precipitates. While at high temperatures, shearing of y’ phase occurs, leading to the rapid
accumulation of microstructural damage and acceleration of tertiary creep rates. Detailed

information about the creep can be found in many other works [158,220].
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Figure 1.22 (a) Relationship of designed volume fraction of y* phases and creep rupture life of
single crystalline TMS-75 and polycrystalline IN713C alloys [224]. (b) TEM micrograph shows
that dislocations were forced to bow through the channel in CMSX-3 alloys [221]. (c) TEM
micrograph showing dislocation networks in y” phase during creep of GTD-111 alloy [220].

The effect of other precipitates that grow incoherently with the matrix to the strength of
superalloys are complex. The precipitation of 6 and n phases is generally detrimental to the
mechanical properties (both in strength and ductility), which is partially owing to the absence of
coherency strain hardening [204,205]. The other reason lies in that the precipitation of these phases
would be at the expense of alloying elements like Nb and Al etc. resulting in a reduced fraction of
v’ and y” density and therefore the strength. The stress concentration generated in the region that
close to the strip-like pu phase promotes the nucleation and propagation of cracks during creep,
resulting in a drastic creep reduction of creep life time for a 6%W nickel-based alloy [225].
However, the precipitation of other phases is not necessarily detrimental to the mechanical
properties of superalloys. The serrated grain boundaries formed due to the precipitation of  and 1)
phases are likely to improve the intergranular fatigue crack resistance. The pinning effect of
precipitates that decorated along grain boundaries has benefit to the grain stabilization [205]. For
carbide, fine blocky dispersed precipitates along grain boundaries can inhibit the grain boundaries
sliding and consequently, improving the creep and rupture strength. While if they present at the
grain boundaries as continuous films, the ductility of the alloys will be significantly sacrificed
[211].

In summary, the mechanical properties of nickel-based alloys are highly sensitive to the
precipitates formed within the y matrix. The precipitation behavior controlled both by the

thermomechanical history and chemical compositions of these alloys. Optimization of the
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metallurgy process and chemical components of nickel-based alloys that can meet the demands of

different service conditions is therefore achievable.

1.7. Motivation and objective

Two kinds of commonly used nickel-based alloys: Hastelloy C-22HS and IN718 were
studied in this project. The motivation of this project can be divided into two main parts. First is
to investigate the microstructure evolution and mechanical behaviors of GS C-22HS and IN718,
especially that of each individual layer of gradient structures. Second is to study the effect of
thermomechanical history to the precipitation behavior of GS nickel-based alloys, and the
corresponding properties (including mechanical and thermal stability) responses using
microstructural characterization techniques like SEM and TEM and in-situ micropillar
compression tests.

Gradient structures have been successfully introduced into several kinds metallic materials
by means of severely surface modification methods like SMAT, SMGT, SMRT etc. The
strengthening and work hardening mechanisms of gradient structures have also been studied.
However, the mechanical properties of different regions of GS materials are rarely studied. In this
thesis work, in-situ compression tests have been performed to study the mechanical properties of
specific regions of the gradient microstructures formed in nickel-based alloys, and the underlying
deformation mechanisms are discussed.

As aforementioned, the precipitation behaviors are critical to the properties of nickel-based
alloys. Prior studies also suggest that the precipitation behavior can be influenced by the initial
microstructure, such as grain size and dislocation density. For instance, cold rolling is found to
accelerates the of y’ and y” phases precipitate, and also the y” — & phase transformation. This is
attributed to the fact that high density of defects can serve as nucleation site of precipitates and
accelerate the diffusion rate of alloying elements through dislocation pipe diffusion rather than
lattice diffusion. In this study, SMGT was used for the processing of GS metals. SMGT has been
proven to be a more effective approach than other heavy plastic deformation techniques like ECAP
and HPT in metal deformation. Therefore, the precipitation behavior of gradient structure layer
formed in nickel-based alloys is different with the undeformed matrix. Consequently,

microstructures with precipitates size/type/density gradient are expected to be form in nickel-based
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alloys after heat treatment. The mechanical behavior and thermal stability of gradient C-22HS and
IN718 samples are studied using in situ micropillar compression tests and TEM. Detailed

precipitates evolutions in GS C-22HS and IN718 samples are captured and discussed.
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CHAPTER 2. EXPERIMENTAL

2.1 Fabrication: surface mechanical grinding treatment

SMGT was firstly invented by Lu et al. and co-workers for the severe surface modification
of metallic materials [85]. Similar design was adopted for introduction of gradient structures into
the surface of nickel-based alloys in this thesis ork. Fig.2.1la shows the setup of SMGT. A
MicroLux bench lathe with maximum rotation speed of 2500 rpm was modified to meet the
requirement of SMGT. The magnified processing stage of the machine is presented in Fig.2.1b.

As schematically illustrated in Fig.1.4, a hard and half-spherical tool penetrated into the
rotated rod surface and slided along the longitudinal direction during SMGT for the generation of
gradient structured surface layer. There are four parameters for the control of gradient structures
formed on the surface of metallic rod: (i) rotation speed of processed metal rod (v1), (ii) gliding
speed of half-spherical tool (v2), (iii) penetration depth of the tool into the rod surface (d) and (iv)
the total processing passes (n). The rotation speed v1 was adjusted accordingly to keep the shearing
rate of different samples are comparable. Significant surface scraping occurs at high shearing
speed and a proper rotation speed v1 is required to retain the gradient layer after SMGT. For
instance, for nickel-based alloys with poor machinability, a relative slow rotation speed of 400
rpm was adopted for the rod with diameter of 10 mm. The sliding speed was kept at ~ 10 mm/min
for all processed samples in this thesis work. The other parameter that is critical for the surface
quality of processed specimens is the penetration depth d. Scraping takes place when process
metals that exhibit poor work hardening ability or machinability with large penetration depth.
Penetration depth d ranges from 20 — 30 um was adopted in this thesis study. The specimens of
this thesis work were treated 6 — 10 passes according to the objectives of studies. Detailed
information about the processing parameters of each specimens will be presented in each chapter.

During SMGT process, one end of the processed bar was clamped by the chuck and the
other end was fixed by the dead center, as illustrated in Fig.2.1b, preventing the rod from bending
since significant axial force will be applied during surface grinding. Surface turning was performed
to the rod prior to surface grinding. The hard and half spherical tool with diameter of 6 mm was
made of tungsten carbide (WC). Other hard materials like silicon carbide (SiC) or diamond also
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suitable for grinding. Both commercial coolant and liquid nitrogen were used for temperature

control during SMGT for different cooling rate requirements.

Tallstoel

Figure 2.1 Set-up of surface mechanical grinding treatment (SMGT).

2.2. Microstructural characterization: TEM

TEM is indispensable for microstructure characterization of nanostructured materials,
including morphologies, textures and imaging of atoms etc. [226]. A classic TEM microscope is
composed of four main components: the electron gun (illumination), electrostatic lenses, sample
stage and imaging system, as illustrated schematically in Fig.2.2a [226]. Electrons are accelerated
through 80 — 300 kV accelerating voltage in the electron gun consisting a cathode and an anode.
The high energy electron beams that be ejected from the electron gun pass through a thin-film
specimen (normally less than 100 nm), yielding comprehensive information about the sample
[227]. For instance, the electrons direct transmit through the specimen can generate micrographs
which are generally known as bright filed (BF) images. Whereas those electrons be diffracted by
the lattice of specimen can be collected to take dark filed (DF) images, which are found to be
favorable for the characterization of defect. The coherent electron beam that is focused through

series condenser lenses (as shown in Fig.2.2a) strikes the specimens, parts of the beams are
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transmitted, and the rest are diffracted. By adjust the position of objective aperture, either the
transmitted or diffracted electron beams are selected, leading to the imaging of either BF or DF
micrographs.

Selected area diffraction (SAD) pattern of specimen is determined by the intermediate lens
aperture size when parallel electron beam transmits through the selected small area of the thin foil.
Similar to the working principle of X-ray diffraction (XRD), the formation mechanism of SAD is
governed by Bragg’s law:

/. = 2dsinf Equation 2.1

where A represent the wavelength for the incident beam, d is the spacing between crystallographic
plane, and 0 represents the angle between incident beam and the crystallographic plane. The SAD
pattern enables the crystallographic identification of different features like twin boundaries and
amorphous structures etc.

The other assistant function of TEM is the scanning electron microscopy (STEM). The
electron beam of STEM is focused to a spot and scanned sequentially over the sample when
transmit through the thin foil. Secondary electrons, X-rays and other signals are aroused during
the scanning process, leading to the contrast that reflect the atomic mass differences between
different scanned areas in STEM image. Hence, STEM mode is especially favorable to identify of
structures with atomic mass contrast and perform element composition mapping. It is typically
accompanied by chemical analysis techniques like mapping by energy dispersive X-ray (EDX)
spectroscopy and electron energy loss spectroscopy (EELS) etc.

TEM and STEM analyses in this thesis were performed using an FEI Talos 200X analytical
microscope, coupled with EDX detector, as shown in Fig.2.2b. Some high-resolution STEM
(HRSTEM) imaging for atomic scale characterization were performed in Birck Nanotechnology
Center at Purdue University using a ThermoFisher Themis Z TEM operated at 200 kV.
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Figure 2.2 (a) Schematic of main components of TEM microscope [226]. (b) Picture of an FEI
Talos 200X TEM microscope.

The fabrication of TEM specimens were performed using focus ion beam (FIB) technique
by following typical protocols. The SEM for TEM sample preparation using FIB consists of an
Omniprobe lift-out system, a highly focused Ga ion beam, and a gas injection system (GIS) for Pt
gas injection. The Ga ion beam is for precise machining and the angle between ion beam and
electron beam is 52°. During TEM sample preparation, a Pt protection layer was deposited on the
surface of specimen, preventing the sample from ion damaging during subsequent process. Then
a lamella beneath the Pt protection layer was lifted out using the Omniprobe system and mounted
onto a TEM Cu grip before final thinning. The thinning process consists of three steps: (i) thinning
the lamella to ~250 nm using 30 kV accelerating voltage with 0.3 nA current density, (ii) lowering
the accelerating voltage to 5 kV and further thin the lamella to ~ 120 nm and (iii) polishing the
lamella with even lower accelerating voltage of 2 kV and thin the TEM foil to < 100 nm. The

specific parameters of preparation process vary slightly from different samples.
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2.3. Mechanical behavior testing

Generally, the influence depth of SMGT process, or the thickness of gradient layer formed
on the surface of processed samples is limited to be several hundreds of micrometers. Hence,
conventional tensile or compression tests in macroscale are not applicable for the characterization
of mechanical properties of each individual layers of gradient structures. In situ micropillar
compression tests were therefore carried out. A Brukers- Hysitron P1 88 x R Picolndenter equipped
with diamond flat-punch indenter with different diameters were used. The in situ micropillar
compression testing system was assembled in a 15° tilted sample stage of an FEI Quanta 3D FEG
SEM, as illustrated schematically in Fig.2.3a. The morphological evolution of the micropillar was
captured during compression. The thermal drift rate was controlled to lower than 0.05 nm/s before
the compression tests were performed.

Micropillars for in situ compression tests were fabricated by FIB technique as well. The
diameter of micropillar was designed as ~ 2.0 um and the height-to-diameter aspect ratio of each
micropillars was kept at ~ 2.0 to avoid buckling during compression. A big trench with outer and
inner diameters of ~ 35 um and ~ 6 um, respectively, was fabricated first, as shown in Fig.2.3b.
The big trench was fabricated to guarantee that the whole morphology of the pillar that is fixed in
the 15° tilted sample stage can be captured by SEM, as shown in Fig.2.3c. The current density
applied for the milling of big trench was as high as 15 nA for efficiency. The current density was
then decreased gradually to 1 nA and 0.3 nA when further milling the pillar with 6.0 pm in diameter
to ~ 2.0 um (with height of ~ 4.0 um). Current density of 0.1 nA or 50 pA was adopted for final
surface polishing to minimize the ion milling damage. The sizes of pillars were measured before
the test based on the SEM image of pillar from 52° tilted view, as shown in Fig.2.3d. Both the
diameter of the pillar top (Dt) and bottom (Dy) were measured.

Vickers hardness of specimens were measured by using a LECO LM247 microhardness
tester with a Vickers indenter. Due to the limited measurement area of the thin gradient structured
layer formed after SMGT, a low applied load of 25 g was used to minimize the overlapping effect
of adjacent indents, with the holding time of 13 s. Generally, samples were mechanically ground

and polished before hardness measurements.

69



Pillar

mple stage_g

Figure 2.3 (a) Schematic illustrating the configuration of in situ micropillar compression testing
system in SEM chamber. (b) Top-down overview of micropillars prepared by FIB showing the
diameter of trench. (¢c) SEM image of pillar from 15° tiled view showing the configuration of
micropillar compression tests in SEM. (d) SEM image of pillar from 52° tilted view illustrating
how the sizes of pillar were measured.

2.4. Thermal treatment

Series heat treatments were carried out for either solid solution treatment or thermal
stability studies. The solid solution treatment was performed using a conventional tube furnace in
atmospheric environment. For the thermal stability studies, samples were heat treated in a vacuum
furnace system. Samples were loaded into the furnace before the vacuum system starts to work.
The vacuum system consists of a mechanical and a turbo vacuum pump. The mechanical vacuum
pump vented the tube furnace to the vacuum level < 1 x 10 torr before the turbo vacuum pump
was turned on. Heat treatment was carried out when the vacuum level reaches 2 x 107 torr. The
heating speed of the vacuum furnace is adjustable and ~ 50 °C/min was used in this thesis work.

Specimens was furnace cooled to room temperature after annealing.
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CHAPTER 3. MECHANICAL BEHAVIOR OF GRADIENT
STRUCTURED NICKEL ALLOY

The gradient structured nickel-based alloy was fabricated by Jie Ding and Dr. Sichuang
Xue. In situ micropillar compression tests and microstructure characterization were performed by
Dr. Jie Ding at Purdue University, with great help from Dr. Qiang Li, Dr. Jin Li and Dr. Zhe Fan.
The data analysis and writing were completed by Jie Ding with guidance and editing by Dr.
Xinghang Zhang.

The following chapter contains content reproduced with permission from “Jie Ding, Q. L1,
Jin Li, S. Xue, Z. Fan, H. Wang and X. Zhang, Mechanical behavior of structurally gradient nickel
alloy, Acta Materialia, 149 (2018): 57-67”. Copyright 2018 Elsevier Ltd.

3.1 Overview

Certain structurally gradient materials have shown a combination of high strength and work
hardening capability. The fundamental mechanisms behind such a unique mechanical behavior
remain less well understood. Here we processed NiCrMo based C22 HS alloys by surface
mechanical grinding treatment to achieve a gradient microstructure consisting of surface
nanolaminated layer, deformation twinned layer and severely deformed layers. In situ micropillar
compression tests performed inside a scanning electron microscope reveal different mechanical
behaviors of each layer. This study suggests that the increase of intergranular back stress may have

contributed to the high strain hardening behavior of the gradient material.

3.2 Introduction

Grain refinement via severe plastic deformation (SPD) has been investigated extensively
over the last two decades as fine-grained materials typically have high mechanical strength
[5,29,47]. Several primary SPD techniques, including equal channel angular pressing (ECAP)
[25,228], accumulative roll bonding (ARB) [46,229] and high-pressure torsion (HPT) [45], have
been used for grain refinement. However, these ultrafine grained (UFG) and nanocrystalline (NC)
materials fabricated by SPD techniques usually have limited tensile ductility, which has been a
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roadblock to hinder their practical applications [2,75]. The lack of plasticity can be ascribed to the
absence of strain hardening capability in nanograins. According to the Considére’s criterion, to
maintain a reasonable ductility, a higher strain hardening rate is necessary to surpass the flow stress
[47,80,230]. To improve the ductility of NC materials, several strategies have been proposed,
including bimodal microstructure [83], transformation-induced plasticity (TRIP) [231,232],
twinning-induced plasticity (TWIP) [233], nanoparticle hardening [69] etc.

Recently gradient microstructures have been introduced into metallic materials to improve
both strength and ductility [67,73,85]. Gradient structured (GS) materials refer to the materials
with gradient distribution of nanoscale to microscale grain sizes [73]. GS metallic materials
generally contain several layers according to the grain size and defect distributions: an outermost
NC/nanolaminated (NL) layer with an average grain size smaller than 100 nm; a UFG or ultrafine
laminated (UFL) layer with an average grain size ranging from 100 to 500 nm; a deformed CG
layer characterized by dislocation tangles or dislocation cell walls with grain size varying from
submicrons to microns; and the unaffected CG core. To synthesize GS materials with NC surface
layer, several surface plastic deformation techniques have been proposed, including surface
mechanical attrition treatment (SMAT) [86,87,95], surface mechanical grinding treatment (SMGT)
[94,136] and surface mechanical rolling treatment (SMRT) [92,103]. An important parameter that
controls the grain refinement mechanism is the stacking fault energy (SFE) of metallic materials.
Deformation twinning dominates the grain refinement process for metallic materials with low SFE,
whereas dislocation activities control the grain size evolution for materials with high SFE [94,97].

GS materials with hard NG surface layer and soft inner core have shown unique mechanical
behaviors [73,86]. For instance, interstitial free (IF) steel with gradient structures synthesized by
Wau et al. [86] through SMAT exhibited a yield strength that is several times higher than that of
untreated ones with a slightly decreased ductility. GS Cu [85] has a maximum tensile strength of
~660MPa, 10 times higher than CG Cu without sacrificing tensile ductility. In addition, Huang et
al. [103] reported that the GS 316L stainless steel treated by SMRT technique showed significantly
enhanced fatigue performance. Zhu’s research group reported that the plastic strain incompatibility
in GS materials promoted the accumulation of geometrically necessary dislocations (GNDs)
during deformation, which resulted in significant back stress and strain hardening [93,95]. The
extraordinary tensile ductility of GS Cu prepared by SMGT, reported by Lu’s group [85], was
attributed to the deformation induced grain coarsening.
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In spite of the success in fabricating gradient microstructures, the deformation behaviors
of each individual layer of GS materials at microscale are less well understood; consequently, the
contribution of each layer to the overall mechanical properties of GS materials remains unclear. In
this study, GS has been introduced into a C-22HS alloy by SMGT. The microstructural evolution
has been examined by transmission electron microscopy (TEM), and the corresponding grain
refinement mechanism is clarified. In situ micropillar compression tests have been carried out to
investigate the mechanical behavior of each layer of the gradient microstructure, and the

underlying deformation mechanisms are discussed.

3.3 Experimental

3.3.1 Materials and processing

The materials used in this work are Hastelloy C-22HS Nickel-based alloy, which has a
chemical composition (in Wt.%) of Cr 21.0, Mo 17.0, Fe 2.0, C 0.01, Si 0.08, balanced by Ni.
Prior to processing, the C-22HS alloy was annealed at 1100 °C for 1 hour, followed by air cooling.
During the SMGT processing, the annealed C-22HS bar with a diameter of 12 mm and a length of
100 mm rotated at a velocity of 400 rpm, while a WC/Co tool penetrated into sample surface by
20 um and slide along axial direction at a velocity of 10 mm/min. The sample is considered as
being treated by one pass as the tool tip slides from one end of the rod surface to the other end. To
increase the plastic strain, the samples used in this work were treated by 6 passes. Cooling oil was
used for temperature control during processing.

3.3.2 Microstructure characterization

Cross-sectional microstructures of C-22HS alloy were analyzed by electron back scatter
diffraction (EBSD) and focused ion beam (FIB) imaging technique. A Philips XL-40 microscope
with EBSD attachment and a Quanta 3D FEG microscope with Ga ion beam source were used to
obtain EBSD and FIB images, respectively. All observations were made at 30 kV acceleration
voltage and a working distance of 10 mm. Transmission electron microscopy (TEM) experiments

were performed on an FEI Talos 200 X operated at 200 kV. The cross-section TEM specimens of
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the SMGTed C-22HS alloys were prepared by FIB technique using an FEI Quanta 3D FEG Dual
beam FIB/SEM following typical protocols [63,64].

3.3.3 Mechanical testing

Microhardness measurement along the depth direction from cross-section specimens was
conducted by using a LECO LM247 microhardness tester with a Vickers indenter tip. The
maximum applied load for this study was 25g, with a holding time of 13 s. Micropillars were
prepared by using FIB technique from each representative region of the GS C-22HS Ni alloy. The
height-to-diameter aspect ratio of pillars was kept at 1.8-2.1 to avoid buckling during compression
and the average pillar diameter is ~ 2 um. The taper of the pillars was approximately 3° on average.
The in situ microcompression tests were performed in an FEI Quanta 3D FEG SEM by using a
Brukers-Hysitron PI 87xR Picolndenter equipped with a 5 um diamond flat-punch indenter tip.
The collection of force-displacement data was enabled by the piezoelectric actuator in the
capacitive transducer. A real-time video recorded the morphological evolution of the micropillar
during compression. All micropillars were compressed under displacement controlled mode until
up to 18% of strain, followed by 0.5 s holding before unloading. A constant strain rate of (€) of 1
x 10%/s was used for most studies. The loading-fully unloading tests were also performed at the
same strain rate with a total of 7 unloading cycles.

Pillar diameter, measured at the half-height of the pillar, was used for the calculation of
engineering stress. Given the taper of pillars by ~ 3°, the engineering stress calculated in this study
represents an approximate average value. In order to obtain an accurate measurement of strain, the

equation derived by Sneddon was applied to calculate displacement, x, [234,235]

— _ 1-v® (Fmeas) _ 1-vp? (Fmeas) ;
X = Xmeas E; Dy £y D, Equation 3.1

where Xmeas and Fmeas represent the measured displacement and force, respectively. vi and Ei are
the Poisson’s ratio and Young’s modulus of diamond punch taken to be 0.07 and 1220 GPa,
respectively, while vy and Ep represent the Poisson’s ratio and Young’s modulus of nickel taken
to be 0.31 and 205 GPa, respectively. After correcting the displacement, the engineering stress-
strain curves were obtained, and subsequently converted to true stress-strain curves by using the

homogeneous deformation model (assume no volume change during the deformation).
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The strain hardening behavior of the pillar at a strain level ranging from yielding point, ey,
to ~10% can be described by the power-law strain hardening equation, i.e. Ludwik’s equation as
follow: [236,237]
oc=K +K; &" Equation 3.2
where Ky represents the initial stress of the strain hardening stage, Kz is the strengthening
coefficient (i.e. the stress increment due to strain hardening when plastic strain gp = 1), and n
represents the strain hardening exponent. The strain hardening parameters of the pillars were
derived by fitting the true stress-strain curves using equation (2).

The calculation of back stress on was carried out by using the equation proposed by Yang
et al. [93] as follows:

ortoy

Op = 2

Equation 3.3

where or and oy represent the reload and unload yield stress derived from the unloading-reloading
hysteresis loops. In this study, the yield points were determined by a plastic offset strain by 10,
which has been used by several others previously [238]. Detailed information about the derivation

of op can be found in Ref. [93].

3.4 Results

3.4.1 Overview of microstructure and hardness

The EBSD images of annealed C-22HS alloys (Fig.3.1a) show equiaxed grains with an
average grain size of ~90 um. High-angle grain boundaries (GBs) and twin boundaries (TBs) are
represented by black and yellow lines, respectively. The gradient microstructure along depth
direction introduced by the SMGT process was revealed by FIB image (Fig.3.1b). Prominent
microstructure changes were observed in the top ~ 50 um thick layer of treated specimens
(although only the top 20 um thick surface layer is shown). The plastically deformed regions can
be divided into 3 layers according to their distinct microstructures. The outermost surface layer,
~7 um in thickness, has microstructures that are too fine to be resolved under SEM. As shown by
TEM observation in following section, the fine structures in this layer contain nanolaminated (NL)
grains and hence is referred to as NL region hereafter. The adjacent 7 um thick subsurface layer
has high-density deformation twins (DTs) as identified by TEM observations, and is denoted as
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DT layer. The region of 15-50 um from surface has severely deformed (SD) structure characterized
by parallel shear band (SB) and DTs and is named as SD layer.

The corresponding hardness profile (Fig.3.1c) reveals that the hardness decreases
drastically from 6.0 GPa in NL layer to ~ 5.3 GPa in the DT layer, and then gradually decreases
from 5.0 GPa to 3.0 GPa into the SD layer over a depth of 15-95 um. The hardness of unaffected

matrix (2.16 GPa) is labeled with a dash line as a reference.
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Figure 3.1 (a) EBSD image of an annealed C-22HS alloy. (b) FIB ion microscopy image of
gradient structure of C-22HS alloy processed by SMGT showing a NL layer, DT layer, and SD
layer. SBs formed in SD layer. (c) Variation of average Vickers microhardness along the depth

direction of the processed C-22HS samples.

3.4.2 Microstructure of the SD and DT layer

Cross-section TEM experiments were performed to examine the microstructure of NL layer,
the DT layer at a depth of ~10 um, and SD layer at a depth of ~20 um

Microstructures at positions deeper than 15 um (in Fig.3.2a) show large grains with SBs
and scattered DTs. High-density dislocations and laminar boundaries were observed in the SBs.
The inserted selected area diffraction (SAD) pattern indicates the formation of low angle GBs and
TBs. The structure consisting of both DTs and SBs is in agreement with prior studies on the
deformation of alloys with low SFEs [239]. The thickness of lamellae in the SBs is much thinner
than that in adjacent area with DTs. The formation of such microstructure in SB zone will be
discussed later. Fig.3.2b shows a typical laminar boundary in the SB zone with 12° misorientation
angle as confirmed by the inserted fast Fourier Transformation (FFT), indicating that the laminar

boundaries are indeed mostly low angle grain boundaries.
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At a depth of 7-15 um from surface, abundant nanolaminated structures form with lamellar
thicknesses varying from several to ~100 nm as shown in bright field (BF) and dark field (DF)
TEM micrographs in Fig.3.2c-d. The inserted SAD pattern (from representative laminate
interfaces) shows characteristic twin diffraction spots. Most diffraction spots are curved, implying
small misorientation among TBs. The DF TEM image in Fig.3.2d shows the formation of high-
density dislocations trapped within the lamellae. The laminate interfaces and TBs in the DT layer
has formed a greater average inclination angle to the shear direction (as indicated by arrow) than
that in the SD layers, an indication of higher shear strain level in the DT layer. High resolution
TEM (HRTEM) image in Fig.3.2e shows high-density TBs with an average twin thickness of
several nm. Higher magnification HRTEM micrograph in Fig.3.2f shows that a typical TB (in box
f in Fig.3.2e) is decorated by several layers of stacking faults (SFs), implying that a strong twin-
dislocation interaction could have taken place during deformation.
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Figure 3.2 Comparison of microstructure of the (a-b) SD layer and (c-f) DT layer. (a) Cross-
sectional BF TEM image of the SD layer, at a depth of ~20 um from surface, shows the lamellar
structure of SBs and scattered DTs. Arrow indicates shear direction. (b) HRTEM image of the
SB zone and corresponding FFT pattern showing the formation of a low angle grain boundary.
(c-d) Cross-sectional BF and DF TEM images of DT layer at a depth of ~10 um. Arrow indicates
shear direction. (e) HRTEM image showing high-density twin boundaries in DT layer and
corresponding FFT pattern. (f) HRTEM image of the dashed square box f in Fig.e showing a
twin boundary decorated with SFs.

3.4.3 The microstructure of the NL layer

In the topmost NL layer (Fig.3.3a-b), lamellar structures have thickness ranging from
several to ~60 nm. The inserted SAD pattern shows rings with (111) texture orthogonal to the layer
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interfaces. HRTEM image (Fig.3.3c-e) shows DTs, several nm in thickness, and SFs. Some wavy
patterns decorated along the layer interfaces are also observed (as shown in the box e). The FFT
(Fig.3.3d2) reveals that the {111} atomic planes of the adjacent lamella with 23° inclination angle.
This evidence indicates that high-angle GBs formed in the NL layer. Fig.3.3el shows an array of
SFs and the corresponding FFT (Fig.3.3e2) confirms the formation of twisted 9R phase.

Figure 3.3 Cross-sectional BF and DF TEM images of surface NL layer at a depth of 5 um
showing fine lamellae. Shear direction is indicated by the arrow. (c) HRTEM image showing the
microstructure of the lamellae consisting of deformation twins and SFs. (d1) HRTEM image and

(d2) corresponding FFT pattern of the dashed square box d in Fig.c showing a high angle grain
boundary. (el) HRTEM image and (e2) corresponding FFT pattern of the dashed box e in Fig.c
shows twisted 9R phase.

3.4.4 The mechanical behavior of unaffected matrix

The positions selected to fabricate micropillars from unaffected matrix are at a depth of

500 um away from the treated surface. Given that the average grain size of the annealed grain is
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90 um, and the designed diameter of micropillar is 2 um, the pillars in this region are more likely
made of single crystals. The true stress-strain curve for the in situ compression tests in Fig.3.4a
shows a yield strength of ~ 450 MPa, followed by numerous shear serrations as indicated by stress
drops, which may result from the initiation and penetration of slip bands during compression. The
fitting of the strain hardening stage by using Equation (2) derives that n = 0.43. Fig.3.4b is the
SEM image of the pillar before compression taken at a 75° tilt angle. During compression, 3 major
slip bands were generated from the free surface and penetrated through the pillar. The 3 slip bands
took place at the strain of 2.2, 6.0 and 11.5%, respectively as shown in the snapshot in Fig.3.4c-
4e, and each slip band corresponds to a major load drop. Similar phenomenon has also been
observed in other in situ compression study [240]. The SEM image of the pillar after compression

test (Fig.3.4f) reveals 3 major and several tiny slip bands, with no sign of barreling.
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Figure 3.4 In situ micropillar compression test of unaffected matrix area. (a) True stress-strain
curve at a strain rate of 1 x 10-%/s showing strain hardening exponent of 0.43 with prominent
shear serrations. The inserted schematics indicates the position of micropillars selected for in situ
compression tests in the red shaded zone. (b) SEM image of the pillar before compression. The
image was taken at an angle of 75° relative to the normal direction to the bulk surface. (c-e) SEM
images of the pillar at a true strain (¢) level of 2.2, 6.0 and 11.5% respectively, corresponding to
the initiation of 3 major slip bands, labeled by (1), 2 and (3) respectively. The formation of slip

bands corresponds to the load drops shown in Fig. a. (f) The pillar after compression test
contains several major slip bands.

3.4.5 The mechanical behavior of the SD and DT layers

The pillars for the in situ compression tests of the SD and DT layers were located at a depth
of ~18 um and ~10 um from the treated surface, respectively. The true stress-strain curves of the
SD layer (Fig.3.5a) and DT layer (Fig.3.6a) behave similarly, where elastic region followed by a
strain hardening stage and subsequent stress plateau before unloading. The n values of these two
layers are 0.51 (SD) and 0.48 (DT), respectively. Comparing with the true stress-strain curve of
unaffected matrix area (Fig.3.4a), the stress-strain curves of SD and DT layers are comparably
smooth and no stress drops appeared during compression. SEM snap shots of the deformed SD
layer in Fig.3.5b-d show two major slip bands at the strain of 10.0 and 14.3%, respectively.

Similarly, for the DT layer, there are several major slip bands (Fig.3.6¢c-e) shown by snap shots
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taken at the strain of 10.0 and 15.6%, respectively. The 2" and 3" major slip band appear almost
simultaneously. The SEM images of the deformed pillars of SD and DT layers (Fig.3.5f and 3.6f)
show that both shearing and slight barreling took place during compression.
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Figure 3.5 In situ micropillar compression test results of the SD layer. (a) True stress-strain curve
at a strain rate of 1 x 107%/s showing a strain hardening exponent of 0.51. (b) SEM image of the
pillar before compression. (c-e) SEM images of pillar at a true strain (¢) level of 5.0, 10.0, and

14.3% respectively, slip bands appears during compression labeled by (1) and (2). (f) SEM image

of the pillar after compression showing shearing and barreling of the pillar.
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Figure 3.6 In situ micropillar compression test results of the DT layer. (a) True stress-strain
curve at a strain rate of 1 x 10-%/s showing a strain hardening exponent of 0.48. (b) SEM image
of the pillar before compression. (c-e) SEM images of pillar at a true strain (g) level of 5.0, 10.0,

and 15.6% respectively, slip bands appearing during compression are labeled by @, @ and 3.
(f) SEM image of the pillar after compression showing shearing and barreling.

3.4.6 Mechanical behavior of the NL layer

The true stress-strain curve of the top surface NL layer (Fig.3.7a) is different from the other
layers as there are apparently two strain hardening stages. The first stage between yielding and a
strain of ~ 6.3% has n; of 0.79, and the 2" stage has n, of 0.48. The high n value observed in the
first strain hardening stage will be discussed later. The SEM snap shots taken at the strain of 6.3,
10.0 and 14.0% (Fig.3.7c-e) show that there were no major slip bands during compression. After

18.0% of compression strain, a slight barreling appeared at the top portion of the deformed pillar
(Fig.3.7f).
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Figure 3.7 In situ micropillar compression test results of surface NL layer. (a) True stress-strain

curve at a strain rate of 1 x 10-%/s. Two strain hardening regimes are identified with exponent of

0.79 and 0.48, respectively. (b) SEM image of the pillar before compression. (c-e) SEM images

of pillar at a true strain (g) level of 6.3, 10.0 and 14.3% respectively. (f) SEM image of the pillar
after compression showing barreling of the pillar.

Fig.3.8a shows the compiled true stress-strain curves of each layer. Compared to unaffected
matrix, the flow stresses increase in the sequence of SD, DT and NL layers. It’s interesting to note
that the yield strength of the pillars in DT and NL layers is almost identical (~ 1650 MPa), while
the flow stress of NL layer (~ 2150 MPa) is higher than that of DT layer (~ 2030 MPa). The high
n value at the first strain hardening stage of NL layer may contribute to the higher flow stress and
details will be discussed later. Fig.3.8b shows the evolution of n value with the depth from the
treated surface. It is clear that, except the extraordinary high n value during the first work hardening
stage of the NL layer, the n values remain similar in different layers of the deformed region before
seeing a slight decrease in the unaffected matrix area.
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Figure 3.8 (a) Comparison of true stress-strain curves of each layer of GS C-22HS alloy. (b) The
strain hardening exponent, n as a function of depth from the treated surface. The NL layer has
two strain hardening exponents.

3.5 Discussion

The microstructural evolution, such as grain refinement, in bulk metallic materials
processed by severe plastic deformation has been extensively studied in the past [22,61,62].
Generally, dislocation slip and twinning are the two main mechanisms to accommodate the plastic
deformation, especially at ambient temperature. For metals with medium-to-high SFEs,
dislocation slip plays a dominant role, while for metals with low SFEs, twinning is the favorable
deformation mechanism [106,241]. The C-22HS alloys employed in this work have chemical
composition similar to the C-2000 alloy (C 0.01, Si 0.08, Cu 1.6, Mo 16.0, Cr 23.0 and Ni balance).
The C-2000 alloy has an extremely low SFE, thus we speculate that the SFE of C-22HS is more

likely in the low-to-medium range.

3.5.1 The microstructure of the SD layer

During SMGT, the accumulated shear strain in the SD layer is comparable to that
introduced by conventional SPD techniques, and consequently the microstructures formed are
similar to those in heavily deformed bulk metallic materials. In the SD layer close to the unaffected
matrix region, dislocation arrays and grids attributed to the inhibition of cross-slip of dislocations
are usually observed [21,97]. It is generally believed that the critical shear stress necessary for the
initiation of deformation twinning deceases with the decrease of the SFE. Higher strain rate will

further facilitate the twinning process by suppressing the thermally activated dislocation process
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[97]. As C-22HS alloy has low SFE, DTs with several nanometers in thickness were frequently
observed and the TBs subdivided the original coarse grains into lamellae (Fig.3.2a).

Most DTs are distributed in a parallel fashion and no twin-twin intersections are observed,
similar to the DTs formed in Inconel 600 alloys, prepared by SMAT, with low-medium SFE. For
metals with even lower SFEs, like C-2000 nickel-based alloy and AISI 304 stainless steel, twin-
twin intersection is a prominent feature in the region where strain and strain rate are comparable
to those of the SD layer in this study [21,97]. One possible reason for the absence of twin-twin
intersections in the SD layer of our C-22HS is that the driving force needed for secondary
deformation twinning to overcome the barrier of the primary DTs is too high compared with that
in metals with lower SFEs. Also, the uniform shearing condition during SMGT process may inhibit
twin-twin intersection, as a favorably stressed orientation other than that for primary deformation
twinning is needed for the activation of secondary twins [106].

Localized deformation occurs in the form of SBs when further work hardening becomes
difficult [106]. The much higher strain and strain rate that SB regime experienced than the adjacent
DT populated regime result in finer lamella thickness (Fig.3.2a). Within the SBs, shear strain twists
the TBs and leads to the formation of randomly oriented nanolaminate. Similar elongated grains
formed by the breakdown of twin/matrix lamella and rotation of fine crystallite have also been
observed in dynamic plastically deformed copper [242]. With the increase of strain and strain rate,
preexisting SBs thicken at the expense of adjacent twin/matrix lamellae, forming alternating SBs
and DTs.

3.5.2 The microstructure of the DT layer

With the increasing strain, the DT layer has a significant increase in twin density, and the
nanotwins subdivide the lamellae into even finer ones. The average twin thickness in DT layer is
~30 nm, much smaller than the lamellae in the SD layer, ~ several hundred nanometers. To
accommodate the large shear strain, TBs become curved and decorated with high-density

dislocations (Fig.3.2f). Similar curved TBs have been observed in severely deformed C-2000
nickel based alloy as well [21]. Also, sessile unit dislocations with a Burgers vector of%[ﬁo]

were observed in C-2000 nickel based alloys. A sessile unit dislocation can be introduced by the

86



reaction between an immobile Frank partial dislocation in a TB and a Shockley partial dislocation
traveling along the TB via an equation shown below [21]:

=[112] +[111] = 2 [110] Equation 3.4

This dislocation creates a step in the TB, and the array of these steps eventually results in the curvy
TB.

3.5.3 The microstructure of the NL layer

The NL layer experiences the highest strain and strain rate during SMGT comparing to the
other layers. In general, a high strain rate facilitates the generation and suppresses the annihilation
of dislocations [94]. More importantly, the presence of strain gradient introduces geometrically
necessary dislocations (GNDs) in addition to the statistically stored dislocations to maintain the
crystal continuity [94]. Hence, the higher strain rate and strain gradient introduced more
dislocations in the NL layer than the other layers of the GS specimens. These high-density
dislocations were trapped between TBs. As fine twins inhibit the formation of dislocation clusters
or cells, these dislocations piling up against TBs may gradually increase the misorientation
between the matrix and twinned lamella, which eventually results in the formation of high-angle
GBs among nanolaminates in the NL layer [97].

High strain rate also facilitates deformation twinning. Nanotwins with thickness of several
nanometer have been observed in the surface layer of SMGT processed pure nickel with the high
SFE (~ 120 mJ/m?) [243], in which a high strain rate in the range of 10%-10%/s was imposed [94].
In this study, DTs with thickness of a few nanometers (Fig.3.3) were introduced in nanolaminates
to accommodate plastic strain. The fine nanolaminates may promote the formation of these DTs
due to size effect. Prior studies show that twin-twin and twin-dislocation interactions can gradually
subdivide the nanolaminate into equiaxed nanocrystalline grains [97]. But this phenomenon was

not observed in the current C-22HS alloys.

3.5.4 The mechanical behavior of gradient structures

In situ micropillar compression tests provide opportunity to evaluate the mechanical
behaviors of each layer in GS C-22HS alloys. The yield strength of NL and DT layers is ~ 1650
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MPa, much greater than that of matrix, ~ 450 MPa. The fine nanolaminates and nanotwins may
account for the significant strengthening in the NL and DT layers. It is also worth mentioning that
most slip bands in deformed SD and DT layers didn’t penetrate through the pillars even after a 18%
compressive strain, different from the prominent slip bands in the deformed pillars in unaffected
matrix area. This difference may arise because the propagation of ship bands was blocked by
laminar boundaries and twin boundaries within the SD and DT layers. The blockage of slip band
also contributes to the absence of stress drops (serrations) during compression for the SD and DT
layers.

The large, two-stage strain hardening of NL layer is surprising as NC metals with similar
dimensions typically suffer from poor work hardening ability and low deformability. The limited
dislocation activities in nanograins and accelerated dynamic recovery process result in the absence
of apparent strain hardening in a majority of NC metals [2,64].

Several mechanisms have been identified in few cases where NC/UFG metals and alloys
possess considerable ductility. Fang et al. [85] reported that deformation induced grain coarsening
took place in NC copper. The dislocation-free coarse grains enable the accommodation of more
dislocations and improve the plasticity of the nanograined structures. BF and DF TEM micrograph
in Fig.3.9a-b show the deformed micropillar of the NL layer (4 um from the treated surface) after
72% of compression strain, examined from the longitudinal direction. No dislocation-free grains
appear after compression, and the average lamellar thickness is ~ 28 nm. Fig.3.9c shows the
lamellar thickness in as-treated NL layers increases gradually from ~ 20 nm (at 2 um depth) to ~
50 nm at a depth of 7 um. The thickness of lamellae barely changes after compression. The absence
of grain coarsening after compression is not unexpected as NL structure has been shown to be
more stable than equiaxed nanograin with a similar dimension [99]. Deformation induces grain
coarsening for equiaxed grains in NC metals by grain rotation and/or GB sliding under shear stress
[85,244]. However, both grain rotation and GB sliding are difficult in the nanolamellae in this

study.
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Figure 3.9 (a,b) BF and DF TEM images of the pillar in NL layer after 72% of compression
strain examined along longitudinal direction. Inserted SAD pattern implies the polycrystalline
nanostructure of NL layer. (c) The evolution of lamellae thickness of NL layer with depth from

treated surface before and after compression tests. The laminate thickness after compression is ~
28 nm, slightly thinner than that before compression, ~ 31 nm, from cross sectional view at a
depth of 4 um.

Recent studies show that the hardness gradient of GS materials generally results in
mechanical incompatibility and strain gradient during deformation process [86,95]. To
accommodate the deformation incompatibility between adjacent layer of GS materials, GNDs are
generated, and consequently, the back stress induced by GNDs may introduce work hardening in
GS materials [238,245]. In this study, the significant hardness gradient in the SPDed NL and DT
layer may also lead to mechanical incompatibility during pillar compression as the prior study
claimed [86,95], and further results in the generation of GNDs. In the gradient structure of this
work, the NL layers may have a larger strain gradient than the other two and consequently high-
density GNDs. To investigate if back stress indeed exists in the GS Ni alloys, a series of in situ
loading-unloading-reloading tests were performed for the NL layer and DT layers (Fig.3.10a).
Hysteresis loops were observed in both NL and DT layers (but not in the SD layers and matrix).
Fig.3.10b represents the details for determination of 6y and or in the loops of NL and DT layers at
a strain of ~ 6.8 and 6.5%, respectively. The back stresses calculated according to Eqg.3.3 with
increasing strain are shown in Fig.3.10c. The back stress in the NL layer rises to a maximum value
at the strain of ~ 6.8% before gradual decline at increasing strain level, whereas the back stress in
the DT layer decreases monotonically from the beginning. Interestingly, the strain (6.8%) at the
highest back stress in the NL layer coincides with the strain that demarcates the two strain
hardening stages (~ 6.3%) (Fig.3.7). This study suggests that the much greater strain hardening
exponent in stage | (~ 0.79) than that in stage Il (~ 0.48) in the NL layer may arise from the large
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back stress. From the microstructure point of view, the back stress induced hardening in the NL

layer may be attributed to the accumulation of GNDs after yielding.
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Figure 3.10 Successive unloading and reloading test hysteresis loops measured for the NL and
DT layers at a depth of ~ 5 and 12 um, respectively. (b) Measured hysteresis loops from NL and
DT layers at a strain of ~ 6.8 and 6.5%, respectively, with oy and or defined. The unloading and
reloading yield points are determined by a plastic strain offset of 5 x 10™. (c) Evolution of back

stress op With increasing strain for the NL and DT layers.

The evolution of back stress with strain warrants further discussion. In general, the long-
range back stress is composed of two ingredients, intergranular back stress and intragranular back
stress. The intergranular back stress is derived from the plastic strain incompatibility among grains,
while the intragranular back stress arises from the heterogeneous distribution of dislocations inside
grains [238,245,246]. The new generated GNDs during compression tests of this study may pile
up against both the grain boundaries and the pre-existing dislocation clusters inside grains, and
consequently lead to both intragranular and intragranular back stress. The changes of the two
components with increasing plastic strain can lead to the evolution of back stress into 3 stages
[238]. In the first stage where plastic strain is low, GBs act as a strong barrier to the movement of
dislocations. With the increase of strain, dislocations pile up against the GBs and, consequently,

impose a back stress, which is intergranular back stress. The intragranular back stress is not
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activated at this stage since no dislocation distribution change takes place. With the further increase
of plastic strain, in stage Il, cross-slip and multiple slip systems are activated to maintain the plastic
strain compatibility among grains, consequently intergranular back stress decreases. Meanwhile,
the slip also promotes the heterogeneity of dislocation structures inside grains, the result of which
is to increase the intragranular back stress [238]. The overall trend of back stress in stage Il is
declining with strain. In stage Ill, the effect of intergranular back stress disappears and the
intragranular back stress become the only component.

In this study, the nanolamellae in the NL layer contains DTs and laminar boundaries that
act as effective barriers to the slip of dislocations. Hence, a significant increase of back stress with
increasing strain is observed in stage |. After the strain exceeds 6.8%, cross-slip and slip
transmission across GBs take places in NL layer, leading to the decrease of back stress in stage I1.
In the DT layer, although TBs can block dislocations, at increasing strain the interaction of
dislocations with TBs may lead to the TB migration due to the existence of abundant Shockley
partials. Consequently, back stress decreases rapidly with increasing strain. However, the decrease
of back stress in stage Il did not results in the strain softening in both NL and DT layers, which
may be attributed to the increasing effective stress originated from multiple slip of dislocations
[238]. In summary, the localized gradient structures in NL layers support back stress due to GNDs
that derived from the hardness gradient of GS C-22HS alloy, and thus enable significant strain
hardening capability.

3.6 Conclusion

Gradient structures have been introduced into C-22HS nickel-based alloy by SMGT
technique. The microstructure of gradient structured C-22HS samples evolves from NL to DT
layers and subsequent SD layers adjacent to the unaffected matrix. In situ micropillar compression
tests coupled with microscopy studies show the followings.

(1) The strengths of NL and DT layers are significantly greater than that of the unaffected matrix.

(2) The NL layer has a two-stage work hardening behavior, and the first stage has a large work
hardening exponent.

(3) Back stresses develop in NL and DT layers during deformation due to the existence of GNDs.

(4) The lamella structure of the NL layer is stable during compression, with little grain coarsening.
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CHAPTER 4. THICK GRAIN BOUNDARY INDUCED
STRENGTHENING IN NANOCRYSTALLINE NICKEL ALLOY

The gradient structured nickel-based alloy was fabricated by Jie Ding and Zhongxia Shang.
In situ micropillar compression tests and microstructure characterization were performed by Dr.
Jie Ding at Purdue University, with great help from Dr. Qiang Li and Ruizhe Su. The molecular
dynamic simulation was performed by Dajla Neffati with guidance by Dr. Yashashree Kulkani at
University of Huston. The data analysis and writing were completed by Jie Ding with guidance
and editing by Dr. Xinghang Zhang.

The following chapter contains content reproduced with permission from “Jie Ding, D.
Neffati, Q. Li, R. Su, Jin Li, S. Xue, Z. Shang, Y. Zhang, H. Wang, Y. Kulkarni, and X. Zhang,
Thick grain boundary induced strengthening in nanocrystalline Ni alloy, Nanoscale, 11 (2019):
23449-23458”. Copyright 2019 Royal Society of Chemistry.

4.1 Overview

Grain refinement has been extensively used to strengthen metallic materials for decades.
Grain boundaries act as effective barriers to the transmission of dislocations and consequently lead
to strengthening. Conventional grain boundaries have a thickness of 1-2 atomic layers, typically
~0.5 nm for most metallic materials. Here we report, however, the formation of ~3 nm thick grain
boundaries in nanocrystalline Ni alloy. In-situ micropillar compression studies coupled with
molecular dynamics simulations suggest that the thick grain boundaries are stronger barriers than
conventional grain boundaries to the transmission of dislocations. This study provides a fresh
perspective for the design of high strength, deformable nanostructured metallic materials.

4.2 Introduction

The contribution of grain boundaries (GBs) to the strength of polycrystalline metals has
been intensively investigated since the beginning of 1950s, when Hall and Petch reported the
dependence of strength on grain size of metallic materials by using the Hall-Petch equation [7,8]:

o, = 0y + kd=1/? Equation 4.1

y
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where oy is yield strength, oo is friction stress, k is a coefficient describing the barrier resistance of
GB:s to slip transmission of dislocations, and d is the average grain size [7,9,247]. The grain size
dependent strengthening mechanisms have been studied extensively for various types of
boundaries or interfaces in nanostructured metallic materials fabricated by plastic deformation
[9,47,74,248], electrodeposition [75,249,250] and magnetron sputtering [251-258].

As predicted by the Hall-Petch equation, the strengthening effect becomes more prominent
with a higher k value. The coefficient k characterizes the intrinsic resistance of GBs to the slip
transmission of dislocations. It has been proven that the character and structure of GBs play an
important role in impeding dislocation slip in metallic materials [259]. Sangid et al. [259] studied
the effect of energy barrier to dislocation transmission through GBs and dislocation nucleation
from GBs, and showed that the coherent (X£3) twin boundary is a stronger barrier to the
transmission of dislocations than other types of GBs, such as the £13 and X19 GBs. Koning et al.
[260] also found that the slip transmission resistance of GB is determined by three variables: the
ratio of resolved stress on the incoming slip system to that on the outgoing slip system, the
magnitude of any residual Burgers vector content left in the GB, and the angle between the traces
of the incoming and outgoing slip planes. Several other mechanisms on interfaces induced
strengthening, including modulus and lattice parameter mismatch [253,255,261,262], interfacial
shear strength [261-264], have also been discussed. Prior study also showed that nitrogen increases
the k value of austenitic steel (Cr18Ni16Mn10) significantly by blocking dislocation source in
grains [265]. Hu et al. [250] reported that annealing of the electrodeposited nanocrystalline (NC)
NiMo alloy led to high hardness, 11.0 GPa, due to the segregation of Mo nanoclusters to GBs.

GB segregation and the formation of GB complexions, have been investigated previously
[152,266-274]. GB complexion was first reported in ceramic systems [275], and has since also
been observed in metallic materials. For instance, the segregation of Ga in Al GBs is believed to
play an important role in embrittlement due to the formation of GB complexion [266]. Similar
phenomena have also been observed in Cu-Bi [270], Ni-Mo [268] and W-Ni [267] systems. While
for the Zr doped nanograind Cu powders, the mechanical tests showed a yield strength exceeding
1 GPa and a strain to failure of more than 50%, which is rare in traditional Cu alloys [274]. The
combination of high strength and good ductility of the Cu-Zr powder is attributed to the formation

of amorphous intergranular films in the Cu GBs, as the amorphous intergranular films can increase
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the GB tolerance to the transmission of dislocations by absorbing dislocations and acting as an
effective defect sinks [152,274].

Most previous studies focus on the strengthening effect of GBs with thickness of 1-2
atomic layers, ~0.5 nm. The influences of thick GBs or GB complexions on the mechanical
properties of metallic materials, especially for bulk metallic materials, are largely unclear. In this
study, we reported the formation of thick GBs, with an average thickness of ~3 nm, in
nanocrystalline (NC) Ni alloy fabricated by severe plastic deformation. The thick GBs formed by
Mo segregation to the GBs during heat treatment. In-situ micropillar compression tests show that
thick GBs induced much more pronounced strengthening effect than conventional GBs. Molecular
dynamics (MD) simulations provide atomistic insights into the underlying strengthening

mechanism of thick GBs.

4.3 Experimental

4.3.1 Materials and processing

A Hastelloy C-22HS Ni alloy rod (12 mm in diameter), with a chemical composition (in
W1.%) of Cr 21.0, Mo 17.0, Fe 2.0, C 0.01, Si 0.08, balanced by Ni, was subjected to SMGT at
room temperature. Prior to processing, the C-22HS alloy was annealed at 1100 °C for 1 hr,
followed by air cooling. Details on the SMGT technique can be found elsewhere [276]. During
processing, the rod rotated at a speed of 400 rpm, while a hemispherical WC/Co tool tip penetrated
into sample surface by 30 um and slid along axial direction at a velocity of 10 mm/min. The
process was repeated 8 times to generate subsequent deformation zones underneath the surface.

Heat treatment of the processed alloys was carried out at 650 °C for 5 hr in a tube furnace.

4.3.2 Microstructure characterization

The microstructure and composition analysis of the specimens were carried out on an FEI
Talos 200X analytical transmission electron microscope operated at 200 kV, equipped with a
supper X energy-dispersive X-ray spectroscopy (EDS) detector. TEM specimens were prepared
by focused ion beam (FIB) technique using an FEI Quanta 3D FEG Dual beam FIB scanning
electron microscope following typical protocols.
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4.3.3 In-situ micropillar compression tests

Micropillars were prepared using FIB technique along the longitudinal direction of both
as-processed and heat-treated C-22HS alloy in the NC layer. The micropillars have a diameter of
~2 um and height of ~ 5 um with a height-to-diameter aspect ratio of ~2.5 to avoid buckling during
compression tests. In-situ microcompression tests at a constant strain rate of 1 x 103s* were
performed in an FEI Quanta 3D FEG SEM microscope using a Brukers-Hysitron Pl 88xR
Picolndenter equipped with a 5 pum diameter diamond flat-punch indenter tip. The force-
displacement data were collected by the piezoelectric actuator in the capacitive transducer. The
morphological evolution of the micropillar during compression was recorded by SEM video. All
micropillars were compressed under displacement control mode until ~18% of strain, followed by
0.5 s holding before unloading. The drift rate was measured to be 0.1 nm/s.

Pillar diameters, measured at the half-height of the pillar, were used for the calculation of
engineering stress. The engineering stress calculated in this study represents an approximation
considering the small taper angle of pillars, < 3°. To obtain an accurate measurement of strain, the

equation derived by Sneddon [234] was applied to calculate displacement, x:

— 1_‘/? (Fmeas) 1_"127 (Fmeas) .
X = Xmeas E; D, 5 \ D, Equation 4.2

where Xmeas and Fmeas represent the measured displacement and force, respectively. vi and E; are
the Poisson’s ratio and Young’s modulus of diamond punch, taken to be 0.07 and 1220 GPa,
respectively. vy and Ep for Ni are 0.31 and 205 GPa, respectively. Dt and Dy are the diameter of
the pillar near the top and bottom portion, respectively. The engineering stress-strain curves were
obtained after the correction of displacement, and subsequently converted to true stress-strain
curves by using the homogeneous deformation model (assume no volume change during the

deformation).

4.3.4 MD simulation details

MD simulations were performed on two different sets of NiMo bilayers with pre-existing
GBs using the Large-scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [277] and
the results were visualized using Ovito [278] and DXA [279]. The bilayers are 11 nm x 11 nm X

10.5 nm and are periodic in the z-direction. The GBs separate two grains of equal thicknesses in
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the y-direction. The first simulation is intended to study the effect of a regular £5 GB on dislocation
nucleation and motion. To investigate the effect of a thick GB, we take a sample with a similar
setup as the one previously described and create an amorphous boundary separating the two grains
following the steps in Ref.[280]. First, the atoms are held rigid except for a 1.5 nm slab around the
GB that is melted to 1600K and held for 200 ps. Then, the melted atoms are quenched from 1600K
to 800K over 200 ps. Later, to relax the system, the fixed atom constraint is removed and the entire
sample is quenched from 800 to 300K over 40 ps. Finally, the sample is relaxed at 300K under the
NVT ensemble with a Nose-Hoover thermostat for an additional 20 ps, resulting in a bilayer with
a thick amorphous boundary of ~2.5 nm. In both samples, a thin layer of 10 nm in thickness and
5.5 nm in width is removed to create a step that acts as a dislocation nucleation site. Eventually,
both structures undergo equilibration at 300K for 50 ps under the same ensemble previously used.
Tension is applied for 600 ps in the x-direction at a strain rate of 108 s. The Ni-Mo, Ni-Ni and
Mo-Mo atomic interactions are described by the embedded-atom method (EAM) potential
developed by Zhou et al. [281].

4.4 Results

4.4.1 Microstructure characterization

The microstructure of the as-processed sample in Fig.4.1 reveals that NC grains, as verified
by the inserted selected area diffraction (SAD) pattern, have formed after SMGT (Fig.4.1al). The
average grain size is ~ 37 nm at ~ 8 um from treated surface. The scanning transmission electron
microscopy (STEM) image and corresponding EDS maps in Fig.4.1a2 show that the major
chemical elements (Ni, Mo, Cr) are distributed uniformly in the as-processed specimen. High
resolution TEM (HRTEM) image in Fig.4.1a3 shows deformation twins (DTs), several nanometers
in thickness, and stacking faults (SFs) inside grains. The GBs (as labeled by white dotted lines)
are sharp and narrow. However, after heat treatment at 650 °C for 5 hr, the average grain size of
NC grains at the same depth coarsened to ~ 53 nm (Fig.4.1b1). The EDS maps in Fig.4.1b2 show
the enrichment of Mo along GBs, accompanied by the depletion of Ni in the heat-treated Ni alloy.
An EDS map at lower magnification including multiple grains in Fig.4.2 shows that most GBs in
the heat-treated specimen are enriched in Mo. The corresponding compositional line profile across

a typical GB in Fig.4.2c (as marked by the dash line in STEM image in Fig.4.2b) also verifies the
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Mo-enrichment of GBs, and the thickness of Mo-rich zone is several nanometers. The HRTEM
image in Fig.4.1b3 reveals that the thickness of Mo rich GBs is ~ 3 nm, which is much thicker
than those in the as-processed alloy, ~ 0.5 nm. The atomic arrangement within the thick GB region
is disordered, as indicated by the yellow dashed circles. The corresponding fast Fourier Transform
(FFT) of the image exhibits a combination of diffraction spots and amorphous ring, indicating the

coexistence of crystalline and disordered structure within the thick GB region.

Figure 4.1 Comparison of the microstructures of the nanocrystalline surface layers of (a) as-
processed and (b) 650 °C/5h heat-treated C-22HS specimens. (al, bl) TEM images showing
nanocrystalline grains of specimens before and after heat treatment. (a2, b2) The STEM images
and corresponding EDS maps showing the uniform distribution of major chemical elements (Ni,
Mo, Cr) in as-processed specimen vs Mo enrichment in the GBs of the heat-treated specimen.
(a3, b3) HRTEM images showing DTs and SFs inside grains of the as-processed specimen, and
the thick Mo enriched GBs in the heat-treated specimen.
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Figure 4.2 (a) The STEM image and corresponding EDS maps showing the distribution of major
chemical elements (Ni, Mo, Cr) of heat-treated Ni alloy sample. (b and ¢) The STEM image and
corresponding EDS line scanning results along the line that crossing thick GBs in the STEM
image in Fig.b showing the enrichment of Mo and depletion of Ni in the boundary area.

4.4.2 Mechanical properties

In-situ micropillar compression tests were performed in the NC layer of both as-processed
and heat-treated specimens. The true stress-strain curves in Fig.4.3al and 4.3b1 show that the flow
stress of as-processed specimen with thin GBs (refers to thin GB sample hereafter) is ~ 1.8 GPa,
whereas the flow stress of heat-treated specimen with thick GB (refers to thick GB sample
hereafter) increases to ~ 2.4 GPa. Multiple micropillar compression tests were performed and the
results are reproducible. The SEM snapshots of the video captured during compression of the thin
GB specimens in Fig.4.3(a2-a6) show the uniform deformation of pillar as evidenced by classical
barreling near the top of the deformed pillar. The corresponding pillar morphology evolution of
the thick GB specimen in Fig.4.3(b2-b6) reveals similar uniform deformation behavior up to the
compression strain of ~ 20%.
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Figure 4.3 In-situ compression test results of pillars obtained from thin GB and thick GB
specimens. (al and bl) The true stress-strain curves of thin GB and thick GB specimens. (a2-a6
and b2-b6) Corresponding SEM images of the specimens showing the pillar morphology
evolution during compression tests.

4.4.3 Hall-Petch relationship

Gradient structure with increasing grain size along the depth direction is produced after
SMGT. To reveal the relationship of grain size and mechanical properties of both thin GB and
thick GB specimens, the statistical studies of grain size along the depth direction were performed,
and the corresponding Vickers hardness evolution was investigated. Fig.4.4a shows the evolution
of grain size and Vickers hardness of the thin GB and thick GB specimens. The grain size of thin
GB sample was ~ 33 nm at the depth of ~ 4 um under the treated surface, then increased to ~ 104
nm at the depth of ~ 30 um. Meanwhile, the hardness of the corresponding region decreased from
~ 5.8 GPa from the surface layer to ~ 4.3 GPa at the depth of ~ 40 um from surface. After heat
treatment at 650 °C for 5 hr, the average grain size coarsened slightly, from ~ 42 nm near the
surface to ~ 120 nm at a depth of ~ 30 um from surface. However, the Vickers hardness of thick
GB sample is much higher than that of the thin GB one. The Vickers hardness on the topmost layer
is ~ 7.7 GPa, then decreased to ~ 5.6 GPa at the depth of ~ 40 um. Fig.4.4b shows the comparison
of the Hall-Petch plot of the thin GB and thick GB specimens in this work with those data on NC
Ni [13,17,18,282-287]. It reveals that the thin GB sample has similar Hall-Petch slope (as shown

99



by the red dash line) compared to the published data. While the hardness of the thick GB specimens
is much higher than the thin GB specimen with similar grain size, and thus resulting in a greater

Hall-Petch slope (red solid line) than other Ni alloys in Fig.4.4b.
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Figure 4.4 (a) The evolution of average grain size and Vickers hardness of thin GB and thick GB
samples along the depth direction. (b) Comparison of the Hall-Petch plot from this study to
published work on NC Ni [43-51].
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4.5 Discussion

45.1 The formation of Mo-rich thick GB

The GB segregation and the formation of GB complexion have been studied extensively.
The GB segregation phenomena in several binary systems, such as Cu-Zr [274,288], Cu-Nb [288—
290], Cu-Bi [270], Cu-Fe [289,290], Cu-Ag [290], Ni-Zr [288], Ni-Mo [268], W-Ni [267] and
alloys such as Fe-Mn-C steels [291] reveal that GB segregation by heat treatment is an effective
approach for tailoring the mechanical properties of metallic materials. Six types of complexions
have been classified by Dillion et al. [292] according to their thickness, ordering and composition,
while the disordered versions can be further classified as amorphous intergranular films (AIFs).
The Mo-rich thick GB with disordered atomic structures observed in this study can be treated as
AlFs. In literature, the formation of complexion at the GB are controlled by the enthalpy of
segregation (AHseg), enthalpy of mixing (AHmix) and atomic radius mismatch. AHseg and AHmix are
the primary factors determining the type of complexions, and the atomic radius mismatch
determines the stability of AIFs [288]. A positive AHseg coupled with a negative AHmix may
promote the formation of AIF in alloys [288]. In this study, the Ni-Mo binary system possesses
positive AHseg and negative AHmix [293], a nanoscale AIF with disordered atomic structures along
the GBs is therefore expected to form after heat treatment, consistent with the experimental

observations.

4.5.2 Experimental evidence of thick GB induced strengthening

The microstructure characterizations show that the heat treatment induced grain coarsening
by over 30% within 10-15 micron near surface (Fig.4.4a). However, the in-situ micropillar
compression tests reveal that the flow stress of pillars increased from 1.8 GPa for the thin GB
sample to 2.4 GPa for the thick GB one, consistent with the Vickers hardness measurement at
similar depth. The strengthening effect accompanied with the grain coarsening is surprising as
conventional wisdom suggests that smaller grains often lead more pronounced strengthening [18].
Meanwhile other widely discussed conventional strengthening mechanisms arising from higher

density defect or precipitates [22,294-297], solute atoms [298,299] are also absent in this case.
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These observations imply that the thick Mo enriched GB may play a critical role in annealing
induced strengthening in NiCrMo alloy.

Hall-Petch mechanism typically dominates the grain size dependent strengthening of
metallic materials when grain size is larger than 30 nm [260-262]. The Hall-Petch slope k is a
measure of the GB resistance to slip transmission of dislocation and can be described by [300]:

k= |ZED Equation 4.3

n(1-v)
where t* is the critical shear stress required for slip transmission of dislocation across boundaries
and is an indication of boundary barrier strength, p is the shear modulus, b is the magnitude of
Burgers vector and v is the Poisson’s ratio. The measured Hall-Petch slope for Vickers hardness
plot KHardness Can be converted to k by considering a Taylor factor of 3.1 and a hardness-to-flow
stress conversion factor of 2.7 (k = kygraness/3-1/2.7) [268,269]. The measured Hall-Petch slope

for the thin GB and thick GB samples is 23.87 GPayv/nm and 42.54 GPa+v/nm, respectively. Thus,

we obtain knin = 2.85 GPay/nm and Kinick = 5.08 GPay/nm for the thin GB and thick GB specimens.
By using p = 80 GPa, b = 0.248 nm and v = 0.30 for Ni alloy, the boundary barrier strengths of
thin GB and thick GB samples are calculated to be t;,;, = 0.90 GPa and t;;,;,, = 2.86 GPa,
respectively. These analyses suggest that the thick GB is a much stronger barrier to the
transmission of dislocations than the conventional GB of the thin GB Ni alloys.

To investigate the response of thick GBs to deformation, post compression TEM analyses
were performed on the deformed pillars of thick GB specimen (36% of compression strain). The
bright field and dark field TEM images in Fig.4.5a and b show that there is an insignificant grain
size variation in the deformed pillar. HRTEM image showing the interior of grains in the deformed
region (Fig.4.5¢) reveals high-density SFs generated during compression (indicated by orange
arrows), as verified by the corresponding FFT pattern in Fig.4.5d. The FFT patterns of the grains
on the left and right side of thick GB in Fig.4.5¢ reveal that there was only a ~ 5° tilting between
the (111) planes of these two grains. Interestingly, these SFs in the left grain were mostly blocked
by the ~ 3 nm thick GB (labeled by double white dash lines). HRTEM image in Fig.4.5e (the
magnified box e from Fig.4.5c) shows the SFs (indicated by white arrows) were not able to transmit
across the thick GB.
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Figure 4.5 (a) BF and (b) DF TEM image of the deformed pillar from the heat-treated specimen
after 36% of compression strain. (¢) HRTEM image of grains after compression showing high
density SFs (as indicated by orange arrows). These SFs were blocked by a thick GB. (d) The SFs
are verified by the corresponding FFT pattern. (€) The HRTEM image of the white box e in
Fig.4c showing the blocking of SFs (indicated by white arrows) by the thick GB.

Most prior studies focused on the formation mechanism of GB complexion after heat
treatment [288,301]. However, the influence of GB complexion on the mechanical properties of
metallic materials has rarely been reported. Khalajhedayati et al. [152,274] systematically
investigated the formation of GB complexions in nanocrystalline Cu-Zr alloys and the
corresponding response of mechanical properties. Their study reveals that AlFs form after heat
treatment above 850 °C and the Cu-Zr alloy with amorphous interfaces exhibits a yield strength
exceeding 1 GPa and a strain to failure of more than 50%. The extraordinary mechanical properties
are attributed to two factors: the crystalline/amorphous interface that impacts the nucleation and
transmission of dislocations, and the reduced boundary energy resulting from GB [152,274]. Vo
et al. [289,290] also attributed the strengthening of nanocrystalline Cu-Nb, Cu-Fe and Cu-Ag
alloys with GB segregations to the reduced GB energy comparing with the pure Cu. Both MD
simulations and experimental results reveal that the strength increases monotonically with
reduction of GB energy [152,274,289]. Khalajhedayati et al. [274] argued that reducing GB energy
may make the nucleation and propagation of dislocation harder during deformation. Rupert et al.
[302] also attributed the strengthening to the reduction in the number of available sources for
dislocation emission. Both experiments and MD simulations have suggested that the solute
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segregation to GBs can reduce GB energy. By ignoring the entropy change of the system on adding
solutes to GBs, the GB energy (y) can be calculated by [290,303,304]:

Y =Yoo — 'dHg,, Equation 4.4

where yo is GB energy of undoped state, I' represents average coverage of solute in the GB
(proportional to solute concentration) and AHseg IS the enthalpy of segregation. As stated in the
previous section, the AHseg is positive for Ni-Mo system. It implies that the segregation of Mo in
GB beneficial to the reduction of GB energy, leading to the formation of thick GB. The underlying
strengthening mechanism due to thick GBs will be discussed in detail via MD simulation results
in the following section.

4.5.3 Strengthening mechanisms revealed by MD simulations

The following MD simulations were performed by Dr. Dajla Neffati and Dr. Yashashree
Kulkani at University of Huston.

Foregoing discussions confirm that thick GBs are indeed strong barriers to the transmission
of dislocations. The fundamental mechanisms behind thick GB induced strengthening, however,
remain largely unclear. In what follows, we discuss the strengthening mechanisms revealed by
MD simulations.

MD simulations were performed on model NiMo alloys containing a thin (conventional)
>5 GB (2-3 atomic layers) and a 2.5 nm thick amorphous boundary (mimicking the experimental
observation of amorphous like disordered thick GBs). The stress strain response in Fig.4.6a reveals
that the sample with thin GBs yields at ~ 2.9 GPa, whereas the yielding of the thick GB specimen
occurs at higher stress, ~ 3.5 GPa, consistent with the experimental studies. The magnified stress-
strain curves in Fig.4.6b show a couple of labels at various strain levels, and the microstructure

evolution at positions will be shown next.
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Figure 4.6 MD simulations of NiMo alloy with thin and thick GB. (a) The comparison of stress-
strain curves for NiMo alloy with thin and thick GB under tension. The yield stress of the thin
GB sample is ~ 2.9 GPa, whereas that of thick GB sample reaches ~ 3.5 GPa. (b) The magnified
stress-strain curves showing the yielding behaviors of thin and thick GB samples. Evolution of
atomistic configurations of (c) thin GB and (d) thick GB samples at different strains illustrated in
Ovito using common neighbor analysis. FCC atoms are colored in green, HCP atoms are colored
in red and amorphous atoms are colored in gray. Using dislocation analysis, the green and purple
lines represent Shockley partials and stair-rod dislocations, respectively.

The evolution of atomistic configurations for both samples under tension with increasing
of strain are illustrated in Ovito using common neighbor analysis and represented in Fig.4.6¢ and
4.6d, respectively. FCC, HCP and amorphous atoms are colored in green, red and gray,
respectively. The (111) planes of lower and upper grain forming X5 grain relationship in simulation
cell are labeled in Fig.4.6cland 4.6d1. The detailed microstructure evolutions in the dashed boxes
in Fig.4.6¢1 and 6d1 are shown in Fig.4.6¢2-6¢5 and Fig.4.6d2-6d5. Using dislocation analysis,
the green and purple lines represent Shockley partials and stair-rod dislocations, respectively. FCC

atoms were removed for clarification. For thin GB sample, Shockley partials nucleated and
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thereafter disappeared frequently under tension to accommodate the strain. The first set of stable
Shockley partials (#1) was captured until the strain increased to ~ 3.32%, as shown in Fig.4.6¢2.
The stable Shockley partials propagated towards and then blocked by the thin GB when strain
increased to ~3.76%, as illustrated in Fig.4.6¢3. A further increase of the strain resulted in the
transmission (in Fig.4.6¢4) and further propagation (in Fig.4.6c5) of Shockley partials (#11)
through the thin GB, contributing to the drastic stress drop as shown in Fig.4.6b. The snapshot
reveals that the Shockley partials transmitted through the thin GB follow the X5 twinning
orientation relationship. Similar transmission phenomena have been reported in other MD
simulation studies as well [305,306].

For the thick GB sample, the dislocation activity before yielding is similar with the thin
GB sample. The difference is that the first set of stable Shockley partials doesn’t captured until the
strain increased to ~ 3.93%, as shown in Fig.4.6d2, higher than that (3.32%) of thin GB sample.
The Shockley partial then propagated towards the thick GB and was blocked. When the tensile
strain increases to ~ 4.28%, plastic yielding took place, as shown in Fig.4.6d3. Comparing to the
Shockley partial transmission induced yielding for thin GB sample, the yielding of thick GB
sample was attributed to the nucleation and propagation of more Shockley partials in the lower
grain, as shown in Fig.4.6d4 (#1-3). At this stage, several pre-existing Shockley partials nucleated
before yielding (as labeled by black dotted circles in Fig.4.6d3) disappeared, presumably due to
their absorption by the thick GB. With the further increase of the strain, a new Shockley partial
(#5) nucleated and propagated above the thick GB at the strain of ~ 4.44% (as illustrated in
Fig.4.6d5), leading to the further stress decease. It is worth mentioning that the new Shockley
partial (#5) in the upper grain did not occur at the coincident site where the Shockley partials (#1-
4) intercept with the thick GB. The comparison of the evolution of new activated Shockley partials
in the upper grain for both samples are presented in Fig.6.7. It shows two Shockley partials have
transmitted cross the thin GB (at the same incident sites) after yielding and propagated upwards,
as illustrated by the black arrows in Fig.6.7a. In contrast, Shockley partials (#1-4) once blocked
by the thick GBs, often propagated along directions parallel to the GB, as denoted by arrows in
Fig.6.7b. These evidences suggest that the deformation mechanisms of thin GB and thick GB
samples are different. Transmission of Shockley partials across the thin GB attributes to the

yielding of the thin GB sample. For thick GB sample with amorphous boundary, however, no
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apparent transmission phenomenon has been observed during deformation. And the plastic

yielding is derived from the renucleation of new Shockley partials on either side of thick GBs.

Figure 4.7 Evolution of atomistic configurations showing (a) the transmission of Shockley
partials across the thin GB and thereafter propagate upwards, (b) the renucleation of a new
Shockley partial on the other side of thick GB and thereafter propagate parallelly with the thick
GB. Fig.a4 reveals that the two Shockley partials transmitted through the thin GB follow the X5
twinning orientation relationship with those in the lower grain. Whereas the new Shockley
partials nucleated randomly on the upper grain for thick GB sample after yielding in Fig.b4.

Previous studies on Cu/amorphous CuZr multilayers show that during deformation, the
glide dislocations nucleated in Cu layer were absorbed by the crystalline/amorphous interface, and
alleviate the atomic shear strain concentration on amorphous layer [307,308]. These observations
imply that the interface between crystalline and disordered structure could be an effective
dislocation sink during deformation. Upon absorption by the interface, the dislocation core will
dissociate or spread, and thus the stress/strain concentration at the interface will be smeared.
Consequently, the singularity that enables the dislocation to slip through lattice is lost, and a higher
stress is necessary to promote the transmission of dislocations across the interface, resulting in
higher yield stress. MD simulations on Cu/Nb multilayers with FCC/BCC structure also reveal
that a single dislocation cannot slip through the Cu/Nb layer interface even at a resolved shear
stress of 1.0 GPa [261]. In this study, the strengthening from the thick disordered GBs may also
arise from the absorption of dislocations by the GBs. To verify our hypothesis, the evolution of

total length of Shockley partials of both samples with increasing strain has been statistically
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calculated and plotted in Fig.4.8a. It shows that the length of Shockley partials (dislocation density)
for thin GB sample increased drastically after straining beyond ~ 3.0%. The total length increased
from ~ 400 nm to over 1100 nm after yielding, resulting from the transmission and propagation of
Shockley partials through the thin GB. In comparison, for the thick GB specimen, the total length
of Shockley partials didn’t increase until being strained to ~ 3.3%, and the corresponding increase
of dislocation length is much less than the thin GB sample. Fig.4.8b reveals that the partials have
indeed been absorbed by the thick GB during deformation. The absorption of partials smeared the
stress/strain concentration at the boundary and prevented the transmission of Shockley partials
from happening. Consequently, the yielding of thick GB sample takes place at higher strain and

stress level compared with the thin GB sample.
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Figure 4.8 (a) The evolution of total length of Shockley partials for thin and thick GB samples
with increasing of strain. The total length of Shockley partials is much greater for the thin GB
specimen and increases sharply after yielding. (b) Evolution of atomistic configurations
showing the absorption of Shockley partials by the amorphous thick GB

4.6 Conclusion

In summary, we reported the formation of ~3 nm thick GBs in nanocrystalline NiCrMo
alloy after heat treatment. The Ni alloy with thick GBs is much stronger than the nanocrystalline
Ni alloys with conventional (thin) GBs. The thick GBs effectively block the transmission of
dislocations by acting as dislocation sinks, as confirmed by explicit MD simulations. This study

provides new perspective for the design of high-strength, deformable nanocrystalline metals.
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CHAPTER 5. TAILORING THE THERMAL STABILITY OF
NANOCRYSTALLINE NICKEL ALLOY BY THICK GRAIN
BOUNDARIES

The gradient structured nickel-based alloy was fabricated by Jie Ding and Zhongxia Shang.
The data analysis and writing were completed by Jie Ding with guidance and editing by Dr.
Xinghang Zhang.

The following chapter contains content reproduced with permission from “Jie Ding, Z.
Shang, Y. Zhang, R. Su, Jin Li, H. Wang, and X. Zhang, Tailoring the thermal stability of
nanocrystalline Ni alloy by thick grain boundaries, Scripta Materialia, 182 (2020): 21-26".
Copyright 2020 Elsevier Ltd.

5.1 Overview

Nanocrystalline (NC) metals have high strength, but are highly susceptible to grain growth
at elevated temperatures due to the driving force to reduce the energy stored at grain boundaries
(GBs). In this study, we compared the thermal stability of NC Ni alloy with conventional thin GBs
and thick GBs. Thermomechanical treatment was applied to induce thick GBs in the Ni alloy. After
annealing at 800 °C, significant grain growth occurs in the Ni alloy with thin GBs; whereas the
nanograins with Mo-rich thick GBs remain stable. This study provides a fresh perspective on

improving the thermal stability of NC alloys.

5.2 Introduction

Nanocrystalline (NC) metals that are characterized by high volume fraction of grain
boundaries (GBs) have demonstrated remarkable mechanical properties including increased
strength [52,309,310] and wear resistance [132,311,312] than the CG counterparts. However,
while GBs contribute to the high mechanical strength, they often deteriorate the thermal stability
of NC materials [313-319]. The high interfacial energy of nanograins provides a large driving
force for grain coarsening through the removal of excess GBs. For instance, grain growth occurs
at temperature as low as 200 °C for pure NC Ni, accompanied by substantial softening [318]. This

tendency of grain growth prevents the widespread application of high strength NC metals.
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One of the important parameters that describe the grain growth behavior of NC metals is
GB velocity (v), which can be expressed as [148,149]:
vV =My Vgp K Equation 5.1
where Mgy represents the GB mobility, ygp IS the GB energy and « is the local boundary curvature.
Eq.1 implies that the grain growth process of NC materials is controlled by both kinetic and
thermodynamic components. In general, two approaches have been proposed to hinder grain
coarsening and improve the thermal stability of NC materials [149,152,173,320]. One is kinetics-
driven stabilization approach in which GBs are pinned by solute drag [150,321] or second phase
Zener drag [16,151,153,321-323] to decease the GB mobility. The other one is the
thermodynamics-driven stabilization approach in which solute segregation to GBs reduces the
driving force for grain growth as it is energetically favorable for solutes to reside at GBs
[152,153,322,324-326]. Both kinetic and thermodynamic approaches are associated with alloying
elements [149,153]. Using the kinetic stabilization approach by introducing thermally-stable y’
precipitates, Sun et al. [173] reported that the NC Inconel 718 Ni-based alloy exhibits remarkably
improved thermal stability close to 700 °C (0.62 Tm, Tm represents melting temperature in K).
Zheng et al. [327] also found that finely dispersed 3’ phase plays a critical role in inhibiting
coarsening of ultra-fine-grained Mg alloy. Similar stabilization strategy has been successfully
applied in Al alloys [328], Ti alloys [329,330] and steels [153,326,331-333]. Using
thermodynamic stabilization strategy by lowering the GB free energy, several thermally stable
binary alloys, such as W-Ti [324], Fe-Mg [326] and Cu-Zr [152], have been fabricated. Recent
studies reveal that amorphous intergranular films (AIFs) observed in some alloys provide an
alternative route other than conventional solute segregation to lower GB energy, and therefore
hinder grain growth [149,152,292,334]. Rupert et al. [152,325] reported no apparent grain
coarsening in the NC Ni-W alloy with AIF even after annealing at 1100 °C. The grain size of NC
Cu-Zr alloy with AIF only coarsened from 20 nm to 54 nm after a week of annealing at 950 °C
(98% of solidus temperature) [152]. However, the formation of AIF is limited to certain alloying
systems. Schuler and Rupert [288] found that a negative enthalpy of mixing (AH™*) coupled with
a positive enthalpy of segregation (AH*?) promotes the formation of nanoscale AIFs in binary
metallic alloys. Koch et al. [320] compared the effectiveness of both thermodynamic and kinetic
approaches in stabilizing several NC metallic systems and concluded that Zener pinning by

nanoparticles is perhaps more effective than the thermodynamic stabilization strategy.
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Inspired by previous discussions, this letter reports simultaneous introduction of AlFs and
nanocrystalline phase to the GBs of NC metallic materials to limit grain growth at high
temperatures. A NC Ni-based alloy with thick GBs consisting of disordered amorphous structure
and intermetallic nanoparticles was obtained by employing thermomechanical treatment. The
thermal stability of these alloys with thin and thick GBs was investigated at various annealing
temperatures ranging from 600 to 900 °C. The underlying stabilization mechanism was discussed

by investigating the microstructure evolutions of both alloys.

5.3 Experimental

The Hastelloy C-22HS Ni-based alloy used in this study has a chemical composition (in
wt.%) of Cr 21.0, Mo 17.0, Fe 2.0, C 0.01, Si 0.02, balanced by Ni. The NC sample was prepared
via surface mechanical grinding treatment (SMGT) technique. The thick GBs was formed by
annealing the NC sample at 650 °C for 5 hours followed by air cooling [335]. To compare the
thermal stability of the alloys with thin and thick GBs, samples were annealed in a vacuum furnace
over 600 - 900 °C for 1 hour, followed by furnace cooling. Annealing was conducted when the
vacuum level reaches 2 x 107 torr. The microstructure evolutions of the alloys were examined on
an FEI Talos 200 X transmission electron microscope operated at 200 kV, equipped with a supper
X energy-dispersive X-ray spectroscopy (EDS) detector. Transmission electron microscopy (TEM)
samples were prepared using focus-ion beam (FIB) lift-out technique in a Quanta 3D FEG
scanning electron microscope by following typical protocols [276]. Mechanical properties were
characterized by Vickers hardness using a LECO LM247 microhardness tester. The maximum

applied load was 25 g, with a holding time of 13 s.

5.4 Results

Nanograins were observed in the as-processed Ni alloy as shown in bright-field TEM
image in Fig.5.1a. The inserted selected area diffraction (SAD) pattern shows continuous
diffraction rings, an indication of the nanocrystalline character of the sample. The high resolution
TEM (HRTEM) micrograph in Fig.5.1b shows conventional thin GBs (labeled by white dotted
lines in Fig.5.1b). The STEM micrograph and corresponding EDS mapping results in Fig.5.1c
reveal that the major chemical elements (Ni, Cr and Mo) were distributed uniformly. The statistic
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of grain size in Fig.5.1d shows that the average grain size is ~ 37 nm. TEM image in Fig.5.1e
shows that the nanograined structure of NC Ni alloy retained after annealing at 650 °C for 5 hours,
as verified by the inserted SAD pattern. The corresponding HRTEM image in Fig.5.1f reveals the
formation of thick GB networks after annealing, and the average thickness of GB is ~ 3 nm. The
inserted fast Fourier transform (FFT) pattern of the dotted box shows that the thick GBs exhibit a
disordered structure, somewhat similar to the AIF that was reported in literature [149]. The
formation of AIF in Mo-Ni binary alloy may be related to the fact that the alloy has a positive
AH*9 coupled with a negative AH™* [288]. The positive AH*? suggests that the alloy favors GB
segregation of Mo, and the negative AHmix promotes formation of thick GBs [147]. Schuler et al.
reported that the formation of either amorphous-like structures or intermetallic phases may be
correlated to the magnitude of AHmix, since a very negative value may lead to the formation of
intermetallic phases. Other factors may include the alloying of other elements like Cr and Fe, and
the grain boundaries characteristics.

Another factor that may influence the formation of either amorphous or intermetallic phase
at the thick GBs may be the thickness of the GBs. The distribution of the GB thickness in Suppl.
Fig.S1 reveals that the average thickness of amorphous-like structures is ~ 3.2 nm, much thinner
than that of intermetallic phases, ~ 13 nm. Although the fundamental mechanisms behind such a
thickness dependent formation of amorphous and intermetallic thick GB remain unclear, the strain
energy between the GB phase and matrix may play some role. For instance, the thin intermetallic
phase (2-3 nm in thickness) could form a coherent or semicoherent interface with the matrix, and
thus increase the strain energy of the system. Consequently, the formation of thin amorphous phase
may reduce the strain energy of the system. On the other hand, when the GB phase has a much
greater thickness (~ 10 nm), the coherency stress has been released, and thus a thick intermetallic
phase may prevail along the GBs. Such a hypothesis requires more systematic experimental
investigations and MD simulations.

In addition to the amorphous structure, intermetallic patches with crystalline structure were
frequently identified along the thick GBs, as indicated by arrows in Fig.5. 1f. The formation of
intermetallic phase may be related to the existence of other alloying elements, such as Cr and Fe.
Another noteworthy phenomenon is that thin GBs still exist (as indicated by yellow dashed lines
in Fig.5.1f). The statistic study reveals that ~ 65% (length fraction) of GBs have been transformed
to the thick GBs. The STEM image and the associated EDS maps in Fig.5.1g reveal the enrichment
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of Mo along thick GBs, accompanied by the depletion of Ni. The distribution of Cr is uniform
across the thick GBs. The EDS line scan results in Chapter IV have confirmed the enrichment of

Mo and depletion of Ni of thick GBs. The statistic distribution in Fig.5.1h reveals that the average

grain size coarsened to ~ 53 nm after 5 hours of annealing.
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Figure 5.1 Comparison of microstructure of NC Ni alloy with (a-d) thin and (e-h) thick GBs. (a-
b) TEM and HRTEM micrograph of NC Ni alloy with conventional thin GBs. (c) The STEM
micrograph and corresponding EDS maps show that the major elements (Ni, Mo, Cr) are
distributed uniformly. (d) The corresponding statistic distribution of grain size reveals that the
average grain size is ~ 37 nm. (e-f) TEM and HRTEM micrograph showing NC Ni alloy with
thick GB networks. (g) STEM image and corresponding EDS maps showing the enrichment of
Mo along thick GBs. (h) The corresponding statistic distribution reveals an average grain size of
~53 nm.

Separate samples with conventional thin GBs and thick GBs were then subjected to
annealing treatment at different temperatures ranging from 600 to 900 °C and the microstructure
evolution was examined by TEM. As shown in Fig.5.2a, the average grain size (~ 37 nm) of NC
Ni alloy with thin GBs coarsened to ~ 67 nm after annealing at 700 °C. Scattered large grains, ~
200 nm or greater in size, were observed, as labeled by arrows in the both TEM image and
statistical results in Fig.2a. Annealing at 800 °C coarsened the grain size further to ~ 113 nm,
accompanied by abnormal grain growth, as shown in Fig.5.2b. The size and area fraction of coarse
grains is ~ 418 nm and 60%, respectively. The inhomogeneous accumulation of dislocations during

SMGT resulted in a large difference in the stored energy within grains and at different types of
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GBs [35]. It is anticipated that the recrystallization during annealing preferentially occurs in the
region with greater stored energy, leading to the abnormal grain growth [35]. Similar abnormal
grain growth phenomena have been reported in other severely deformed metals [35,336]. In
contrast, the average grain size of NC Ni alloy with Mo-rich thick GBs just slightly coarsened
from 53 to ~ 56 nm after annealing at 700 °C (in Fig.5.2c). Merely 5% of grains experienced
abnormal grain growth with an average grain size of ~ 140 nm. After annealing at 800 °C, the fine
grains remained small, ~ 61 nm in grain size, whereas the area fraction of large grains experiencing
abnormal grain growth increased to ~ 40% with an average grain size of ~ 411 nm, as shown in
Fig.5.2d.
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Figure 5.2 Microstructure evolution after annealing of NC Ni alloy with (a-b) thin and (c-d) thick
GBs. (a) TEM micrograph and corresponding statistics showing an average grain size of 67 nm
after annealing at 700 °C for 1h. (b) Annealing at 800 °C/1h led to abnormal grain growth, as
indicated by the formation of coarse grains (with an average grain size, D¢, of 418 nm, and area
fraction of 60%), and fine grains (with grain size Ds of 113 nm). (c) After annealing (700 °C/1h)
of the specimen with thick GB, nanograins slightly coarsen to 56 nm, ~ 5% of grains grew
abnormally to 140 nm in size. (d) After 800 °C annealing for 1h, the fine grains remain ~ 61 nm
in grain size, whereas 40% of the grains coarsened to ~ 411 nm.

The corresponding EDS maps of the annealed samples are presented in Fig.5.3. For the
specimens with thin GBs, annealing at 700 °C led to the Mo segregation to GBs, as shown in

supplementary Fig.5.3a. This microstructure is somewhat similar to the microstructure of
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specimen with thick GBs (Fig.5.1e). However, after annealing of NC Ni alloy (with thin GBs) at
800 °C (supplementary Fig.5.3b), Mo and Cr-rich precipitates with an average grain size of ~ 54
nm formed. No Mo-rich thick GBs were detected. In comparison, for the specimens with thick
GBs, Mo-rich GBs sustained after annealing at 700 °C, and gradual dissolution of Mo from GBs
was observed after annealing at 800 °C (as shown in Fig.5.3c-d), suggesting that the thick GBs are
more stable than the thin ones.

It is worth mentioning that the formation of thick GBs is sensitive to the annealing
conditions. For instance, the specimen with thick GBs derived from annealing of NC Ni alloys at
650 °C (for 5 h). Although annealing at 700°C for 1 h can form similar microstructure, the Mo
segregation to GBs is not as pronounced as the specimen annealed at 650 °C for 5 hours.
Furthermore, STEM-EDS mapping results show that, after annealing at 600 °C, the major chemical
elements were distributed uniformly without apparent Mo segregation.
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Figure 5.3 STEM micrographs and corresponding EDS maps of NC Ni alloys with (a, b) thin
GBs and (c, d) Mo-rich thick GBs after annealing at 700 °C and 800 °C for 1h. (a) For the sample
with thin GBs, Mo-enriched thick GBs were observed after 700 °C annealing. (b) After annealing

at 800 °C, Mo and Cr-rich precipitates with an average diameter of ~ 54 nm formed. (c, d) For
the sample with thick GBs, the Mo-enrich GBs sustained up to 800 °C.

Evolutions of average grain size and Vickers hardnesses of the annealed NC Ni alloys with
thin and thick GBs at different annealing temperatures (for 1 h) are plotted in Fig.5.4. For the
samples with abnormal grain growth, only the size of fine grains is plotted. The average grain size
of the NC Ni alloy with thin GBs coarsened from 37 to 67 nm at 700 °C, and then rapidly increased
to 113 nm at 800 °C. The corresponding hardness of annealed thin GB specimen increased first
and reach a maximum value of 7.0 GPa at 700 °C, followed by drastic softening to 4.8 GPa at 800
°C. The strengthening of annealed sample at 700 °C is attributed to the formation of Mo-rich thick
GBs (as shown in Fig.5.3a). Whereas the abnormal grain growth and rapid coarsening of fine
grains (from 67 to 113 nm) at 800 °C lead to significant hardness drop. In contrast, the average
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grain size of thick GB specimens coarsened slightly from 53 to 61 nm at 800 °C. Their
corresponding hardness sustained at 7.0 GPa up to 800 °C. This comparison study suggests that
the Mo-rich thick GBs play a crucial role on the thermal stability and retention of high strength in

the annealed NC Ni alloys.
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Figure 5.4 Variations of the average grain size and hardness of the NC Ni alloy with thin and
thick GBs at various annealing temperatures. The hardness of sample with thin GBs decreased
drastically from 7.0 to 4.8 GPa after annealing at 800 °C, whereas the hardness of the specimens
with thick GBs sustained at 7 GPa up to 800 °C. After annealing at 800 °C for 1h, the grain size
of the thin GB sample coarsened substantially from 37 to 113 nm, in contrast to the slight grain
coarsening from 53 to 61 nm for the thick GB sample.

5.5 Discussion

To understand how Mo-rich thick GBs stabilized the nanograins at high temperature,
detailed TEM and STEM studies were performed on the specimen annealed at 800 °C. Fig.5.5a
shows the bright field TEM image of the specimen consisting of large and small grains. The
corresponding STEM micrograph and EDS maps in Fig.5.5b-e reveal little Mo enrichment along
the GB of the large grain. Whereas the GBs of nanograins appear to be enriched with Mo. EDS
line scan results across the thin and thick GB (line @ and (2) in the STEM image in Fig.5.5b) are
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presented in Fig.5.6a and 6b, respectively. The major chemical elements distributed uniformly
across the thin GB, while the enrichment of Mo and depletion of Ni across the thick GBs of
nanograins sustained after annealing at 800 °C. Several Mo-rich thick GB debris were detected
inside the abnormal large grains, as indicated by arrows in Fig.5.5b-d. As ~ 65% of the GBs have
transformed to Mo-rich thick GBs after annealing at 650 °C /5 h (as shown in Fig.5.1f), we may
conclude that the remaining thin GBs have migrated significantly during the abnormal grain
growth and wrapped the stable Mo-rich thick GBs inside the coarse grains after annealing at 800
°C. HRTEM micrographs were taken at several locations (f, g and h) in Fig.5.5a along the GBs
surrounding the large and fine grains. Fig.5.5f shows the formation of conventional straight and
thin GBs between two large grains experiencing abnormal grain growth. However, in region g, the
thick GB contains amorphous structure as shown by HRTEM micrograph in Fig.5.5g. In region h,
crystalline intermetallics sustained within the thick GB as shown in Fig.5.5h. These thick GBs
have blocked the coarsening of large grains during annealing, leading to the enhanced thermal

stability at 800 °C compared with the sample with thin GBs.

Figure 5.5 (a) TEM micrograph showing the coexistence of large and small grains in NC Ni
alloy with thick GBs after annealing (800 °C/1h). (b-e) STEM image and the corresponding EDS
maps reveal that there is no Mo enrichment along the GBs between large grains, whereas the
GBs among nanograins appear to be enriched with Mo. Several Mo-enriched thick GB debris (as
denoted by arrows) were observed in the interior of large grains. (f) HRTEM micrographs show
a straight and thin GB formed during abnormal grain growth. (g and h) Thick GBs between large
and small grains containing amorphous or crystalline intermetallic layers.
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Figure 5.6 EDS line scanning results along the lines across (a) thin GB and (b) thick GBs in the
STEM image in Fig.5.5b. The chemical elements distributed uniformly across the thin GB (line

@), while the enrichment of Mo and depletion of Ni of thick GB (line @) sustained even after
800 °C annealing for 1h.

Foregoing discussions suggest that there are at least two basic strategies through which
grain coarsening can be inhibited. The first one is the kinetic approach in which GBs are pinned
by second phase drag, solute drag or chemical ordering, leading to a reduced GB mobility
[147,150,173,337]. The other one is the thermodynamic way in which GB energy is reduced by
solute segregation, decreasing the driving force for grain growth [147,149]. In this study, the
outstanding thermal stability of NC Ni alloy with Mo-rich thick GBs derives from the prominent
drag effects from the Mo solutes and the formation of crystalline intermetallic phase, as shown in
Fig.1f and 1g.

From the thermodynamics point of view, the solute segregation to GBs affects the GB

energy depending on the overall solute concentration (cs) according to the Gibbs equation [147]:

b — _RTT, Equation 5.2

dlncs

where v is the specific interfacial energy, T is the temperature and I's represents the interfacial
excess of solute atoms. According to the Eq.2, the solute segregation (I's > 0) results in the decrease
of yp with increasing ¢s. The Mo enrichment along GBs in this study decreases the GB energy and
the subsequent driving force for grain coarsening. The combination of kinetic and thermodynamic
stabilization effects of solute segregation have also been found in other alloys such as NC Pd with

Zr addition [338,339]. In addition to the stabilization effect mentioned earlier, the disordered
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amorphous structure in the thick GBs may serve as another stabilization route, similar to AlF
stabilized NC Ni-W and Cu-Zr binary metals [149,152]. Hence, the combination of solute drag
effect of Mo segregation, the second phase drag effect of intermetallic phase and thermally stable
amorphous structure of the Mo-rich thick GBs may contribute to the improved thermal stability of
NC Ni alloy.

5.6 Conclusion

In summary, a NC Ni alloy was fabricated by SMGT. The subsequent heat treatment at
650 °C introduced several nm thick Mo-rich GBs, consisting of disordered amorphous structures
and crystalline intermetallic phase. Annealing studies of the NC Ni alloys show that the nanograins
in the samples with thin GBs coarsened substantially from 37 to 113 nm and the hardness decreased
prominently at 800 °C, whereas nanograins in the thick GB specimens grew slightly from 53 to 61
nm and the high hardness retained. TEM and chemical analyses show that the Mo-rich thick GBs
are stable up to 800 °C. The solute segregation, second phase drag effect, and the thermally stable
amorphous layer at the thick GBs lead to the improved thermal stability of the NC Ni alloy
compared with the sample with conventional thin GBs.
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CHAPTER 6. CHARACTERIZATION OF PRECIPITATION IN
GRADIENT INCONEL 718 SUPERALLOQOY

The gradient structured nickel-based alloy was fabricated by Jie Ding and Zhongxia Shang.
Microstructure characterization of precipitates was performed by Jie Ding, with grateful help from
Dr. Sichuang Xue. The data analysis and writing were completed by Jie Ding with guidance and

editing by Dr. Xinghang Zhang.

6.1 Overview

Inconel 718 (IN718) superalloy is a well-established material for the application of aircraft
engine and power generator due to its excellent performance at high temperatures. The outstanding
high temperature properties of IN718 is largely determined by the precipitates. Here, we studied
the precipitation behaviors and the corresponding mechanical properties of the heat-treated
gradient IN718 alloy. The microscopy studies reveal that high-density hexagonal n phase with
chemistry of Ni3(Al, Ti,Nb) formed in the nanograins. The compressive stress introduced during
severe plastic deformation may have prohibited the formation of y” phase while accelerated the
precipitation of y’ phase, consequently favoring the precipitation of n phase. The corresponding

evolution of mechanical behavior of gradient Ni alloys is investigated.

6.2 Introduction

Nickel-based superalloys are widely used in aerospace industry due to their extraordinary
high temperature yield strength, creep and corrosion resistance [164-176]. Inconel 718 (IN718) is
a common precipitation strengthened Ni-based superalloy for application in high-pressure turbine
discs in jet engines [167,177,178,185-190]. The high temperature performance of IN718 are
primarily determined by the quantity and characteristics of intermetallic phases [161,179-
184,191,192]. It has been found that the major intermetallic precipitates in face-centered-cubic
(fcc) IN718 matrix are mostly: (i) the body-centered tetragonal (bct) structured (D022) y”- NisNb
phase, (ii) the fcc structured (L12) y’-Niz(Al,Ti) phase and (iii) the orthorhombic structured (D0a)
8-NisNb phase [162,191,197-203]. Prior studies on the precipitation of y’ and y” phase reveal that
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the volume fraction and sequence of precipitation of these two phases are controlled by the
relatively concentration of Al, Ti and Nb of the alloy [161,162]. The precipitation of y’ precedes
y” when the ratio of A+ Ti/Nb greater than 0.8 and when the ratio is between 0.9 and 1.0, a compact
morphology develops where a y” shell formed on all six faces of cuboidal shape of y’ phase [195].
The precipitation of y” and y’ phase usually takes place at relatively low temperatures (600 — 900
°C) [179,340]. The equilibrium & phase, however, precipitates directly from y matrix at
temperature above 900 °C. At temperatures below 900 °C, the metastable y”” phase transforms to
stable 6 phase over long-term exposure [161,179,204,341]. The coherent y” is the primary phase
for precipitation strengthening, and the coherent y’ is less effective in strengthening [161,216,342].
Hence, the transformation of y” — 0 is detrimental to the strength of IN718 at high temperature
[179,204]. However, moderate fraction of & phase has been demonstrated to benefit the impact
toughness [343]. The precipitation of & phase at grain boundaries can inhibit the grain boundaries
sliding and thereby improve creep resistance at high temperature [210]. It has also been proven
that the presence of 6 phase during hot working can avoid undesirable grain coarsening [189].

The precipitation behavior of IN718 can be influenced by its initial microstructure, such as
grain size and dislocation density [161,181,187,344,345]. Singh et al. [346] found that the slip
bands formed during cold rolling might serve as the nucleation sites for & phase, consequently
accelerating the precipitation of & phase below 900 °C. The amount of y” precipitates (having
identical composition to & phase) was therefore reduced. Li et al. [344] and Liu et al. [204] studied
the effect of cold rolling on the precipitation behavior of IN718 and concluded that cold rolling
not only accelerates the y” — o transformation, but also the precipitation of y” phase. Liu et al.
[204] also found that the nose of precipitation-time-temperature (PTT) curves of & precipitation
are located at ~910 °C. Mei et al. [181] reported that the onset, peak and finishing temperature of
y” precipitation decrease with the increasing of cold rolling strain. In contrary, the corresponding
temperatures of & precipitation increase first and then decrease with cold rolling. However, both
the strain and strain rate of cold rolling of IN718 in previous studies were relatively low. The
precipitation behavior and corresponding mechanical properties of IN718 subjected to severe
plastic deformation remain less well understood.

Surface mechanical grinding treatment (SMGT) has been proven to be an effective severe
plastic deformation technique to refine the microstructure of metallic materials in addition to equal
channel angular pressing (ECAP) [25,39,228] and high pressure torsion (HPT) [22]. Furthermore,
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SMGT can induce gradient microstructure where the grain size of processed metallic materials
varying from microns to tens of nanometers. In the present work, we investigated the precipitation
behaviors and the corresponding mechanical properties of a gradient IN718 that was fabricated by
SMGT. Transmission electron microscopy (TEM) studies coupled with ASTAR crystal orientation
mapping and EDS chemical analyses reveal the formation of unusual n phase. The hardness of the
gradient alloy after heat treatment was investigated and the correlation between precipitation and

mechanical behavior is discussed.

6.3 Experimental methods

6.3.1 Materials and processing

The chemical composition (both in weight and atomic percent) of the IN718 superalloy is
given in Table 6.1. Cylinder bars with diameter of 10 mm were fabricated using electrical
discharge machining (EDM) technique. Prior to processing, the bar was solution treated at 1,100
°C for 1 hour followed by quenching in water (denoted as as-received sample hereafter). During
SMGT processing, the IN718 bar rotated at a velocity of 400 rpm, while a WC/Co tool tip
penetrated into sample surface by 30 um and slid along axial direction at a speed of 10 mm/min.
The process was repeated 8 times to generate subsequent deformation zone underneath the surface.
Coolling oil was used for temperature control during processing. Subsequently, the processed
samples were annealed in vacuum furnace at 700 °C for 5 h followed by furnace cooling.

Annealing was conducted when the vacuum level reaches 2 x 10 torr.

Table 6.1 Chemical composition of IN718 superalloy

Cr Fe Co Nb Mo Al Ti Ta Ni
Wt% 1857 18.00 0.11 5.02 2.86 0.58 0.97 <0.01 587
At% 20.70 1870 0.11 3.13 1.73 1.24 1.17 <0.01 53.22

123



6.3.2 Characterization

The samples used for metallographic studies were ground and polished using conventional
metallographic preparation technique. The metallographic studies were then carried out using
optical microscope and FEI Quanta 650 FEG scanning electron microscope operated at 20 kV. The
microstructure and chemical composition analyses of the as-processed and annealed samples were
performed on an FEI Talos 200X analytical transmission electron microscope operated at 200 kV,
equipped with a supper X energy-dispersive X-ray spectroscopy (EDS) detector. High resolution
scanning transmission electron microscopy (STEM) images for detailed precipitates
characterization were obtained from the ThermoFisher Themis Z TEM operated at 300 kV. The
grain orientation analysis of TEM samples were performed using the NanoMegas ASTAR (to
generate EBSD like automatic crystal orientation map with 4-5 nm spacial resolution) setup
installed in the FEI Talos 200X transmission electron microscope. The post data analyses were
conducted by OIM Analysis software. The transmission electron microscopy (TEM) specimens
were prepared by focused ion beam (FIB) technigue using an FEI Quanta 3D FEG scanning
electron microscope following typical protocols. The hardness tests were conducted using a LECO
LM247 microhardness tester with a Vickers indenter tip. The maximum applied load was 25g,
with a holding time of 13 s.

6.4 Results

6.4.1 Overview of microstructure and hardness

The optical microscopy (OM) image in Fig.6.1a shows the equiaxed grain structure of the
as-received IN718 with an average grain size of ~ 150 um after annealing at 1100 °C for 1 hour.
After SMGT, a severely deformed gradient structures were introduced, as revealed by the scanning
electron microscopy (SEM) image in Fig.6.1b. The gradient structure can be divided into 2 layers
based on their distinct microstructures. The outermost surface layer, ~ 30 um in thickness, has
nanograined (NG) structures, as verified by the TEM observation in following section and is
referred to as NG layer hereafter. The microstructure of the adjacent subsurface layer is dominated
by deformation twins (DT) as identified by TEM observation, and hence is denoted as DT layer
hereafter. After annealing at 700 °C for 5 hours, high-density of precipitates formed at the top ~
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70 um of the processed specimen, as verified by the SEM image in Fig.6.1c. The microstructures
of the deeper region of gradient structure and undeformed matrix area doesn’t change after

annealing from metallographic observations.
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Figure 6.1 (a) OM image showing the equiaxed grains of the as-received IN718 superalloy with
an average grain size of ~ 150 um. (b) SEM image of the processed sample showing the gradient
structure consisting of surface nanograined (NG) layer, deformation twined (DT) layer and
severely deformed (SD) layer (c) SEM image showing the formation of high-density precipitates
in both NG and top part of DT layer after annealing at 700 °C for 5 h. (d) Variation of average
Vickers hardnesses of both as-processed and annealed samples, and the corresponding hardness
differences along the depth direction. (SD: shear direction, ND: normal direction)

The corresponding hardness profile along the depth direction in Fig.6.1d reveals that the
hardness of the as-processed specimen decreased gradually from ~ 6.2 GPa in the top NG layer to
~ 2.4 GPa in the undeformed matrix region. The penetration depth of the deformed region with
gradient structure is ~ 350 um. After annealing, the hardness of the annealed sample increased
through nearly the entire region except the outermost region. The maximum hardness appears at

the depth of ~ 50 um from treated surface. The corresponding hardness differences between the
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as-processed and annealed samples (open blue diamond) in Fig.6.1d show that the magnitude of
strengthening reaches ~ 1.5 GPa in the matrix, and decreases gradually to ~ 1.25 GPa with
decreasing distance to 50 um from the treated surface. Strengthening decreases sharply thereafter

to slightly negative values adjacent to the treated surface.

6.4.2 TEM study of the as-processed sample

The microstructures of the as-processed specimen were examined in detail by TEM. We
begin by examining the region containing boundary between SD and DT layer at a depth of ~ 50
um from the surface. The cross-section TEM image in Fig.2a shows the twin boundaries (TBs)
dominated microstructures in the DT layer. The average twin spacing is measured to be ~ 90 nm.
Shear band (SB) structures characterized by fine grains are also observed. The formation of SB
structures is derived from the inhomogeneous deformation during SMGT. The high resolution
TEM (HRTEM) image and the inserted fast Fourier Transform (FFT) pattern in Fig.2b also verify
the formation of DTs. The microstructures of SD layer are dominated by large grains characterized
by dislocation cells (as labeled by arrows in Fig.2a). The ASTAR reverse pole figure image of the
SB/DT interface region (box c in Fig.2a) in Fig.2c reveals the formation of finer grains in the SB
region. The corresponding grain boundary map shows that the majority of grain boundaries in SB
region are HAGBs (denoted by black lines). Whereas TBs (denoted by yellow lines) dominated in
the DT region. The proportion of LAGBs (denoted by blue lines) is low in both regions. Similar
ASTAR orientation analyses were performed in the DT/SD interface region (box d in Fig.2a), as
shown in Fig. 2d. The reverse pole figure image on the left shows severely distorted large grains
in the SD region. The corresponding grain boundary map on the right confirms that the dislocation

cell structures in the SD region doesn’t transform to LAGBs after SMGT.
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Figure 6.2 (a) TEM image of the microstructure of DT/SD interface region. (b) HRTEM image
and corresponding FFT pattern showing the typical TBs in the DT region. (c) ASTAR crystal
orientation analysis of the box c in (a) showing the nanograins formed in the SB region and the
twin structures in the DT region. (d) ASTAR crystal orientation analysis of the box d in (a)
showing the severely deformed coarse grains in the SD region. (Black, yellow and blue lines
represent high angle, twin and low angle grain boundaries, respectively)

TEM image in Fig.3a shows that NG layer in the region of ~ 5 um from the treated surface
is consisted of nanograins, with an average grain size of ~ 45 nm (as shown in Fig.3b). The inserted
selected-area diffraction (SAD) pattern also indicates the formation of nanograins. The
corresponding ASTAR orientation maps in Fig.3c show that majority of grain boundaries are

HAGBS, the proportion of LAGBs and TBs is low.
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Figure 6.3 (a) Bright-field TEM image and SAD pattern of the NG layer of processed sample
showing nanograined structure. (b) The statistic of the grain size distribution showing an average
grain size of ~ 45 nm. (c) ASTAR crystal orientation analysis of the NG region.

6.4.3 TEM study of the annealed sample

After annealing at 700 °C for 5 h, precipitation phenomenon occurred in both matrix region
and severely deformed gradient layer. However, the types of precipitates formed vary in different
regions, as verified by the TEM studies shown in the following section.

In the undeformed matrix region, high-density precipitates with size of several nanometers
are observed, as shown in the Fig. 6.4a. The SAD pattern taken from the [100] zone axis of matrix
in Fig.6.4b exhibits superlattice reflections for both y” and y” phases, conforming the presence of

these two types of strengthening precipitates in IN718.
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Figure 6.4 (a) TEM image of the matrix area after annealing showing the formation of high-
density precipitates. (b) Diffraction pattern taken from [100] zone axis of y matrix. The extra
reflections conform the presence of both y’ and y” precipitates.

Microstructures at depth of ~ 50 um (Fig.6.5a) shows that recrystallization took place in
the DT region after 700 °C annealing for 5 h. The DT and SB structures transformed to equiaxed
nanograins with average grain size of ~ 135 nm (Fig.6.5b). It’s interesting to note that the
dislocation cell structures of the adjacent SD region sustained after annealing. Needle-like and
spherical precipitates are observed in this region. The STEM image and corresponding EDS maps
of the box c in the recrystallized area in Fig.6.5a are presented in Fig.6.5c. It reveals that the needle-
like precipitates are enriched with Ni, Nb, Al, Ti and depleted with Cr, whereas the spherical
precipitates are enriched with Cr. The precipitation only took place at the recrystallized region. No
large precipitates were observed in the SD region with dislocation cells, as verified by the STEM

and corresponding EDS maps in Fig.6.5d.
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Figure 6.5 (a) TEM image of the microstructure of the DT/SD interface region after annealing at
700 °C for 5h. Recrystallization and precipitation have taken place in the DT and SB region,
whereas the dislocation cell structures of SD region (as denoted by dash lines) sustained after

annealing. (b) The statistic of grain size distribution shows that the average grain size of grains
after recrystallization is ~ 139 nm. (c) The STEM image and corresponding EDS maps of the
area c in (a) showing the enrichment of Ni, Nb, Ti, Al and depletion of Cr of the needle-like
precipitates, and the Cr-enriched spherical precipitates in the DT region. (d) The STEM image
and corresponding EDS maps of the area d in (a) showing the absence of needle-like precipitates
in the SD large grain region.

Recrystallization and precipitation also took place in the top NG layer. The TEM image in
Fig.6.6a reveals the grain coarsening of the NG region (~ 5 um away from treated surface). The
average grain size of the large grains is ~ 148 nm, as shown in Fig.6.6b. Around 40% of nanograins
with average size of ~ 47 nm sustained after annealing. A detailed TEM observation in Fig.6.6¢c
reveals the formation of high-density of needle-like precipitates, as denoted by arrows. The
corresponding STEM and EDS maps in Fig.6.6d show that the chemical composition of the needle-
like precipitates is similar to that was observed in the DT layer. The difference between these two
regions is that the proportion of Cr-rich spherical precipitates in the NG layer is much lower than
that in the DT layer.
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Figure 6.6 (a) TEM image of the microstructure of NG layer after annealing at 700 °C for 5
hours. (b) The statistic of grain size distribution shows that the average grain size of nanograins
is ~ 47 nm, similar to that before annealing (45 nm), whereas that of the recrystallized grains
increases to ~ 148 nm after annealing. (c) Detailed TEM image showing the precipitation of
needle-like precipitates (as indicated by arrows) and the sustained nanograins. (d) The STEM
image and corresponding EDS maps showing the enrichment of Ni, Nb, Ti, Al and depletion of
Cr of the needle-like precipitates.

6.5 Discussion

6.5.1 Characterization of precipitates

The precipitation behavior of IN718 has been intensively studied [161,183,204]. Three
different kinds of ordered intermetallic precipitates can be distinguished [198,199]: y* [Ni3(ALTi)],
y” (Ni3Nb), and 6 [Ni3Nb] phases. After annealing at 700 °C for 5 h, high-density y’ and y”
precipitates formed in the undeformed matrix region, as verified by the SAD pattern of Fig.6.4b.

In Fig.6.4b, the <100> type superlattice reflections are arise from y’ precipitates, and the <110>
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type reflections could arise both from y’ and y” precipitates. The fractional indexes, <1/2 10> type
reflections belong only to y” precipitates [202]. While in other works, both <100> and <110> type
reflections are believed to arise from both y’ and y” precipitates, and the <1/2 10> type reflections
can only be associated with y” precipitates [347]. Both indexing results confirm the simultaneous
precipitation of y’ and y” phases in this alloy. Prior studies have concluded that y” phase constitutes
the major strengthening precipitates with a volume fraction of about three times of that of y* phase
for IN718 [162,342,348].

Upon annealing, the metastable y” precipitates will transform to the equilibrium &
precipitates with temperature increasing or annealing time prolonging [199,201]. According to
previous studies, this transformation process can be promoted by cold rolling [181,187]. The
metallographic observation in Fig.6.1c and TEM observations in Fig.6.5 and Fig.6.6 also reveal
the formation of different types of precipitates in the severely deformed top surface layer and the
undeformed matrix region. The detailed identification of these 6-like precipitates was performed
using TEM.

TEM image in Fig.6.7a shows that high-density 6-like precipitates with different aspect
ratios formed in the NG layer after annealing. Previous studies concluded that the & phase
precipitation occurs at grain boundaries first, then in the interior of grains over long-term exposure
[187,205]. In this study, the 6-like precipitates in Fig.6.7a stretch far into, even across, some grains
due to the fine grain size. The SAD pattern obtained from the 5-like precipitate #1 with zone axis
parallel to the [011], is presented in Fig.6.7b. It verifies the precipitation of & phases with a D0,
orthorhombic crystal structure [202]. However, the SAD pattern taken from the d-like precipitate
#2 with zone axis parallel to the [011], (Fig.6.7c) reveals the precipitation of different phase. These
patterns are inconsistent with that of 6 phases, but closely match the n phases with a D024

hexagonal crystal structure [205,207].
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Figure 6.7 (a) TEM image and (b-c) corresponding SAD patterns of the precipitates 1 and 2
revealing the simultaneous precipitation of & and 1 phases. (d) STEM and corresponding EDS
maps showing the chemical differences between 6 and 1 phases. It shows that the & phase with
smaller aspect ratio (as labeled by white circles) exhibits more Nb enrichment than the n phase

with larger aspect ratio, while the Al and Ti concentration of 1| phase is higher than that of &

phase.

The STEM image and corresponding EDS maps of the precipitates in Fig.6.7d. It reveal
that the Ni, Nb, Al, Ti are partitioned in the precipitates, supporting the common knowledge that
the d-like precipitates grow at the expense of strengthening phases (y’ and y”) [204]. The chemical
composition differences between these two kinds of precipitates reveal that the & phase with
smaller aspect ratio (as labeled by white circles) exhibits more Nb enrichment than the n phase
with larger aspect ratio, whereas the Al and Ti concentration of 1 phase is higher than that of 6
phase. Similar Nb- and Al-rich n-NisNbAI hexagonal phases have been previously reported in
Allvac 718Plus superalloy [205,207]. The Cr-rich spherical particles are believed to be a-Cr phase
that is always precipitates in the vicinity of 6 phase as 6 phase was reported to rejects Cr into the
y matrix during growth [349]. Cr was reported to have limited solubility (average about 3-4 at.%)
in & phase [208]. Quantitative chemical composition of these two precipitates are measured using
TEM EDX, and presented in Table 6.2. It confirms the higher concentration of Al, Ti and Cr of n
phase than 6 phase, whereas the concentration of Nb of & phase is almost twice of that of 1| phase.
The chemistry of the n phase of this study is therefore close to Niz(Al,Ti,Nb) considering the
almost equivalent amount of Al, Ti and Nb elements. It is worth mentioning that the transmission
electron beam of TEM EDX appears to underestimate the composition enrichment of the

precipitates embedded in the y matrix, leading to an inaccurate quantitative measurement. For
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instance, the measured high content of Cr and Fe of these precipitates in Table 6.2 are attributed

to the high Cr and Fe content of y matrix.

Table 6.2 Chemical composition (At.%) of the | and 6 phases.

Phase Al Co Cr Fe Mo Nb Ni Ti
n 5.1+1.6 2.0+15 6.4+3.6 35+3.4 0.8+0.6 58+26 69.8445 6.6+25
) 25+0.7 2.1+05 3.3+x1.0 3.0+x1.0 14+06 9.2+14 73.3+x35 3.1+1.0

Detailed crystal structure analyses of both types of precipitates were performed using high
resolution TEM (HRTEM) images. Fig.6.8a is the HRTEM image of & precipitate. The FFT
patterns of 6 precipitate and y matrix are presented as well. The HRTEM micrograph of the box b
in Fig.6.8a is shown in Fig.6.8b, where the lattice orientation of both & and y phases are labeled. It
reveals that the orientation relationship between the ¢ phase and y matrix is:

{111}, ]1{010}s, and (110, |[{100)s,

consistent with the previous characterization results of IN718 reported by Sundararaman et al.
[162], and of Fe-Ni-Cr-Nb system by Kirman [350]. The orthorhombic structure of & phase
comprises of near-hexagonal stacking layers along the b-direction with an ABAB-type stacking
sequence perpendicular to the habit (111), plane, as labeled in Fig.6.8b.

Figure 6.8 (a) HRTEM image and corresponding FFT patterns showing the crystal orientation
relationship between y matrix and 6 phase. (b) The atomic-scale HRTEM image of the box b in
(a) showing interface between y and 6 follows the orientation relationship as follow: {111},
|[{010}s; (110), ||{100)s; The ABAB-type stacking sequence of ¢ phase is labeled.
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Similar analyses were performed for 1 phase, as shown in Fig.6.9. It shows that the n phase
precipitates from a random grain boundary, rather than from the adjacent twin boundary. The
corresponding FFT patterns also confirm the twin structure and the formation of n phase. Pickering
et al. [205] found that twin boundaries are resistant to precipitates formation in Allvac 718Plus
superalloy. The corresponding HRTEM micrograph of the box b in Fig.6.9a is shown in Fig.6.9b.
It reveals that the 1 phase and y matrix is related through the Blackburn orientation relationship as
follows [207]:

{ﬁl}yH{OOOl}n, and (011),[[{2110),, (112)y||(0110),7.

Same orientation relationship between y and n phase has been reported before [205,207]. The
ABAC-type stacking sequence of the n phase with hexagonal structure normal to the (111), habit
plane is labeled in Fig.6.9b. Despite the difference in chemical composition, the structure of ) and
o phases is similar to one another, and the only difference is the presence of a C-layer in n phase
instead of B. Hence, a fully coherent interface between the close packed planes of these two phases

are expected to form [207].

s Lkl

[0110]

Figure 6.9 (a) HRTEM image and corresponding FFT patterns showing the crystal orientation
relationship between y matrix and n phase. (b) The atomic-scale HRTEM image of the box b in
(a) showing interface between y and n follows the orientation relationship as
follow: {111}, ]{{0001},; (110), [[{2110),; (112),|[(0110),.. The ABAC-type stacking
sequence of 1 phase is labeled.

The quantitative statistic studies of precipitates (8, n and a-Cr phase) in both DT and NG

layer were conducted by distinguishing their chemical composition difference, and listed in Table
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6.3. It shows that the size of precipitates in NG region is larger than that in the DT region, same as
for the area fraction of | and & phases. Whereas the area fraction of a-Cr phase in the NG region
is slightly lower than that in the DT region. The overall area fraction of precipitates in the NG
region (12.12%) is also higher than that in the DT region (10.84%), which is believed to be
attributed to the higher density of grain boundaries in the surface NG region since precipitation
preferably takes place in the grain boundary first [167,200,201]. The precipitation of different
phases and their evolution in various regions of gradient layer will be discussed in the following

two sections.

Table 6.3 Size evolution of precipitates in the NG (5 um depth) and DT (50 um depth) region
after annealing at 700 °C for 5 hours.

n Phase d Phase a-Cr
Region Length  Width Aspect  Area Length  Width Aspect  Area | Diameter  Area
g (nm) (nm) ratio  fraction (nm) (nm) ratio  fraction (nm) fraction

NG 317+£129  32+11 10.0 4.44% | 255+111 40421 6.4 5.75% 130476 1.93%
DT 247+104 28+11 8.8 2.33% | 161+60 50+21 3.2 5.45% 95+29 3.06%

6.5.2 Precipitation of 6 phase

In solution-treated IN718 alloy, the precipitation of & phase often takes place from 750 °C
to 1020 °C [181,204]. Below 900 °C, the precipitation of y” phase precedes the & precipitation.
With increasing of aging time, the nucleation of & phases takes place at the stacking faults within
pre-existing metastable y” phases and subsequently grows into the matrix. Fully transformation
from y” — & phase occurs after longer exposure [204]. Above 900 °C (the end temperature of the
precipitation of y” phase), the 6 phase precipitates directly from the grain interior [181,204].
However, high-density o precipitates formed at the top ~70 pm of the processed specimen after
annealing at 700 °C for just 5 h in this study. The precipitation of 6 phase may be attributed to the
high strain level of the gradient layer that being imposed during SMGT since the kinetics of
precipitation of y”” and 8 phase are influenced by plastic deformation [181,187,345].

Singh et al. [346] investigated the influence of cold rolling on the precipitation kinetics of
both y” and & phase of IN718 at the temperature below 900 °C. Their results suggest that the
precipitation of y” phase was more frequent than the & phase for the 30% cold rolled sample,
whereas the precipitation of 6 phase was more favorable for the 50% cold rolled sample. They

argued that the slip band formed during cold rolling might serves as the nucleation site of d phase,
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consequently leading to the decrease of the content of y”” phase since y”” and & phase has same
chemical composition. Liu et al. [204] also reported the similar results and found that the
relationship between the apparent activation energy of d phase (Ea) and cold rolling reduction (g,
in percent) below 900 °C can be described by the equation [204]:

E, = (14504+90) — (14.0+1.9)-¢ Equation 6.1

Gradient shear strain was imposed in various depth of the processed layer during SMGT. The
plastic shear strain and strain rate in the severely deformed surface layer after SMGT in this study
was estimated using an annealing twin boundary that was almost perpendicular to the tangent of
cylinder surface, as shown in the Fig.6.10a. The depth (x) dependence of displacement field (y)
follows the rule of y(x) = y;exp(—kx) [94]. The agreement between real data and the linear
fitting result of In(y) vs. x in Fig.6.10b implies a reasonable description of the depth-displacement
dependence. In this work, the depth dependence of displacement field can be described as y(x) =

1110 - exp(—0.036 - x) in the unit of um. The shear strain y(x) can therefore be obtained by
differentiating the displacement y(x) with displacement: y(x) = —33{;—:5) = 40 exp(—0.036 - x).
The further differentiation of shear strain with displacement refers to the shear strain gradient, as
plotted in Fig.6.10c. The estimated shear strain at the depth of ~ 50 um and 5 um is calculated to
be 6.6 and 34, corresponding to a 77% and 94% compression reduction, respectively, given a
constant volume during deformation. According to Eq.6.1, the corresponding apparent activation
energy of d phase is calculated to be ~ 372 kJ/mol at the 50 pm depth of DT layer and ~ 134 kJ/mol
at the 5 um depth of surface NG layer, respectively, much lower than that in solution-treated IN718
alloy (1450 kJ/mol). It implies that prestraining may facilitates and decreases the onset temperature
of the precipitation of & phase. Extensive studies on the effect of cold rolling to the precipitation
behaviors of y” and & phase have concluded that cold rolling promote not only the precipitation of
y” phase but also the y” — & phase transformation [187,204,351]. The competing between
accelerated precipitation of y” phase, leading to the increase in y” content, and accelerated y” — &
phase transformation, leading to the decrease in y” content, resulted in different precipitation
behaviors in samples with various strain level and different aging time. In this story, the majority
of y” phases, especially for those formed in the top NG layer with highest prestrainning level, have
transformed to & phase. There are two factors that may have contributed to the accelerated

precipitation of 6 phase after prestraining: the increased nucleation site (grain boundaries) of 6
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phase, and the accelerated diffusion rate of alloying elements (Nb) of 6 phase through dislocation
pipe diffusion than that through lattice diffusion [204,352].
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Figure 6.10 (a) SEM image showing the shear deformation induced deflection of a twin
boundary in the processed sample. (b) Experimental data and the least square fitting of the depth
dependence of the displacement of the twin boundary in Fig.a. (c) Estimated shear strain and
strain gradient as a function of depth.

6.5.3 Precipitation of n phase

The other type of D024 structured needle-like precipitate (1 phase) has never been found in
IN718 alloy before. Pickering et al. [205] identified the n-NisAIND phase in Allvac 718Plus alloy
after ageing. However, the chemical composition of Allvac 718Plus superalloy was significantly
modified with respect to IN718 by the addition of Al, Co and W to stabilize y’ over y” phase. The
precipitation of n phase in Allvac 718Plus alloy is most likely due to the increased Al content
[205]. Antonov et al. [208] systematically investigated the thermal stability and compositional
dependence on alloying elements in several Ni-base superalloys and found that the prevalent phase
(6 or n) of the alloy could be determined by the chemical ratio of (Nb+Ta)/(Al+Ti) in at.%. Alloys

138



with a ratio greater than 1 are largely comprised of & phase, whereas those with a ratio less than 1
are mainly precipitate 1 phase. This rule fit well with all superalloys be studied in their work,
including Inconel 625, Inconel 706, Allvac 718Plus, Inconel 740 and IN718 etc. According to
previous study, the IN718 alloy with ratio of (Nb+Ta)/(Al+Ti) = 1.30 (refers to Table 6.1) in this
study should have precipitated 6 rather than n phase after heat treatment. However, high-density
of n precipitates were observed in the top NG layer (4.44% of area fraction), almost comparable
with that of the d precipitates (5.75%), as shown in Table 6.3.

Prior studies show that the precipitation of 1 phase occurs mainly at grain boundaries and
at the expense of y’ phase, leading to a y’ depleted zone around precipitates [205,207]. As
aforementioned, the volume fraction of y’ phase is only one third of that of y” phase in solution-
treated IN718 [162,348]. However, the plastic deformation in the gradient layer might have altered
the precipitation behavior of both y’ and y” phases. It has been recognized that recovery was the
dominant mechanism for microstructural changes for cold-rolled IN718 alloy that was annealed at
temperature below 850 °C for a short period of time [187]. The recrystallization takes place slowly
at this stage. It implies that the significant compressive stress that was imposed by SMGT may
sustained and have influenced the precipitation of y’ and y” phases [103]. Zhou et al. [348]
calculated the misfit stress caused by coherent precipitation of y” and y” phases and found out that,
the misfit stress inside y” phase is compressive and could reach GPa level due to its relatively large
transformation strain. Whereas the misfit stress inside y’ phase is tensile as the stress-free-
transformation strain for y — y’ transformation (cubic to cubic transformation) is negative. During
ageing, the extremely high level of compressive stress of gradient layer could have prohibited the
precipitation of y” phase with compressive misfit stress, whilst accelerated the precipitation of y’
phase with tensile misfit stress. Higher content of v’ precipitates, serve as the embryos of n phases,
are therefore expected to be formed in the surface NG layer than in the DT layer that with relatively
lower compressive stress. The experimental data also verifies the assumption as shown in Table
6.3, the area fraction of 1 phase in NG region (4.44%) almost doubled than that in the DT region
(2.33%).

Two growth mechanisms of 1 phase have been proposed: (i) discontinuous precipitation,
and (ii) growth by diffusing alloying elements and by the transformation of y’ phase [205,207].
The classic microstructure after discontinuous precipitation is characterized by serrated grain

boundaries, as denoted by dashed line in Fig.6.7a. In both cases the chemical ordering by diffusion
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are required for n precipitation [205]. Further investigation about the precipitation of n phase were
performed using Themis Z microscopy and image analyses. The HRSTEM image in Fig.6.11a
shows a brighter n phase than y matrix, indicating a higher mean atomic number within the
precipitate. A ledge with width of several atomic layers are observed between 1 and y phase, as
labeled by the dotted box b. Studies about m precipitation reveals that n phase was grow by
producing ledges and the growth was limited by the ordering required at the ledges [207]. It implies
that ledge in Fig.6.11a moves upward and leads to the growth of 1 phase. The other interesting
phenomenon that worthwhile mentioned is that the area of the y matrix that ahead the moving
direction of the ledge (adjacent to n/y interface) is brighter than the region that far away from the
n phase, indicating a different chemical composition. The EDS line scan results along the line
across the n/y interface (as labeled by dashed line in Fig.6.11a) in Fig.6.12 reveal that there is a
chemical composition transition zone between n and y phase. The transition zone has the same
stacking with y matrix and only being observed ahead of the ledge. These evidences imply that the

chemical ordering may occurs first, followed by y — n transformation.

'

Figure 6.11 (a) High resolution STEM image of n precipitate in NG layer after annealing. (b) the
atomic scale STEM image of the area b in Fig. a showing the ledged region between matrix (y)
and precipitates (n). The ABAC-type stacking is evident in the 1 phase. The Shockley partials on
two adjacent planes in each four layers are labeled by arrows. (c) the atomic scale STEM image
of the area c in Fig. a showing a thin sandwiched region demonstrating ABCA-type of stacking,
equivalent to matrix y, between n precipitates.
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Figure 6.12 EDS line scanning results along the line that crossing the n/y interface in the STEM
image in Fig.11a showing the chemical composition transition zone between 1 and y phase.

Transformation of fcc-y matrix “ABCA” stacking to hcp-n phase “ABAC” stacking has
been schematically illustrated in previous study [207]. This phase transformation can be achieved
by inserting Shockey partials on two adjacent planes in each four stacking layers. However, no
experimental results have been reported for verification. A detailed observation of the ledge in
Fig.6.11a is presented in Fig.6.11b. The A, B and C-layer of 1 phase are labeled using Spots in
blue, yellow and red color, respectively. Those of y phase are labeled using open circles for
clarification. It further confirms the formation of ABAC stacked 1 phase. Investigation about the
stacking of the ledge region reveals that two Shockley partials exist adjacently in every four layers,
as denoted by green arrows. The inserting of Shockley partials transformed the fcc stacking of y
matrix to the hcp stacking of n phase, consistent with the illustration in ref. [207]. Mis-stacking
occurs occasionally during transformation, as labeled by the yellow dotted line. In other area,
multiple mis-stacking resulted in an ABCA-type of stacking, equivalent to matrix vy, as shown in
the atomic scale HRTEM image of Fig.6.11c that was taken from the dotted box ¢ in Fig.6.11a.
Similar mis-stacking has also been reported in Allvac 718Plus superalloy, where the presence of
d lath in m precipitates was formed for the accommodation of local chemical composition [205,207].
The difference between their work with this study is that the 6-NisNb phase in Allvac 718Plus

sample was precipitated to accommodate the excess Nb that was repelled by the substitution of Al
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in n-NisAIND lattice during precipitation. While the y matrix lath in this study was formed to
accommodate the lack of Al and Ti in the lattice of n-Niz(Al, Ti,Nb) during precipitation.

6.5.4 Mechanical properties

Precipitation hardening is the dominant strengthening mechanism for IN718 [165,169,351].
vy’ and y” precipitates that are coherent with the y matrix are the main particles responsible for the
precipitation hardening and y” is the major strengthening phase [178,351]. According to studies
by Oblak and Fisk [180,216], the dislocation-particle shearing process contributed to the
strengthening effect of y’ and y” precipitates. However, with the temperature increasing or
annealing time prolonging, the y” — & and y’ — n transformation take place. Such change in
microstructure was found to detrimental to the strength of IN718 alloy [204]. As shown in Fig.6.1d
and Fig.6.3, high-density y” and y’ precipitates formed after annealing at 700 °C for 5 h,
contributing to ~ 1.5 GPa strengthening in the undeformed matrix region and the inner layer of
gradient structure. Precipitation of y” and y’ precipitates induced strengthening has been studied
extensively and, hence, no more discussion will be presented in this study [168,180,216]. However,
in the top NG layer, where majority of y’ and y” phase have transformed to n and d phase,
respectively, slight strength softening (AH = 200 MPa) is observed. The absence of strengthening
in NG layer may attributed to three factors: (i) grain coarsening induced softening, (ii) weaker
solid-solution strengthening effect induced softening, and (iii) load-bearing effect of
reinforcements (6 and 1 phase) induced strengthening.

The grain coarsening induced softening can be calculated by the classic Hall-Petch
equation as follows [7]:
oc=o0y+k-d1/? Equation 6.2
where o represents yielding strength, oo is friction stress (~ 325 MPa for IN718), k is the Hall-
Petch coefficient and d is the grain size. A value of k = 750 MPa pm*? was generally used [353].
However, most of previous works were focused on y” and y” strengthened IN718 alloys. Wallow
et al. [354] found out that the value of k varies with volume fraction and size of y’ phase, indicating
synergetic effects between grain boundary- and y’-strengthening. Since all y’ phase have
transformed to n phase in the top NG layer, the strengthening effect derived from y’ phase is
negligible and, hence, a lower value of k = 600 MPa um"2?was adopted in this work. Around 60%
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of nanograins with average size of ~ 45 nm in NG layer coarsened to ~ 148 nm after annealing at
700 °C for 5 hours, as shown in Fig.5b. The equivalent grain size is calculated to be ~ 107 nm. The
yield strength decreases due to grain coarsening according to Eq.6.2 is therefore calculated to be
Aon-p =993 MPa. As for the weaker solid-solution strengthening effect that was resulted from the
precipitation of o and n phase, the corresponding strength softening should be insignificant
considering the relatively low content of precipitates. Besides, the solution strengthening of y
matrix was mostly attributed to the addition of Mo and W in most instances [174]. Since no
apparent Mo and W segregation occurs during the precipitation of ¢ and 1 phase (refers to Table
6.1 and 6.2), the influence of 6 and ) to the solution strengthening should be negligible.

The 6 and n phase don’t contribute to precipitation strengthening due to the nature,
morphology and formation kinetic of these two types of precipitates [178,181]. Instead, the
strengthening mechanism of these needle-like precipitates is mainly attributed to the load-bearing
effect of whiskers, which is proportional to the volume fraction (V) and aspect ratio (AR) of
precipitates [355]. According to shear lag model that was developed by Cox [356] and modified
by Nardone [357], the strengthening derived from the load-bearing effect of 6 and n precipitates
can be expressed as:

Aoppr = 0.5V - AR - Opgirix Equation 6.3

where omatrix represents the strength of matrix, calculated to be ~ 2160 MPa according to Eq.6.2
given d = 107 nm. Using the statistic results listed in Table 6.3, the corresponding strength
increment due to 6 and n precipitation according to Eq.6.3 is Acpet = 883 MPa. Consequently, the
softening derived from grain coarsening coupled with the strengthening derived from precipitation
of 8 and n phase leading to a net strength softening with value of Ac = Acn-p— Acppr = 110 MPa.
The corresponding hardness drop is 297 MPa, following Tabor relation (H = 2.7c) [251,252,358],
slightly higher than the experimental results (~ 200 MPa).

6.6 Conclusion

The precipitation behavior and the influence of precipitates on the strength of gradient
IN718 superalloy was studied. The TEM studies reveal that high-density y” and y’ phase
precipitated in the undeformed matrix and inner layer of gradient structure after annealing at 700

°C for 5 h. Whereas y” and y’ phase in the severely deformed DT and NG layer transformed to &
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and n phases, respectively. The D024 hexagonal crystal structured n phase has a chemistry of
Ni3(Al,Ti,Nb). The extremely high compressive stress level in the top NG layer may prohibited
the precipitation of y”” phase whilst accelerated the precipitation of v’ phase, consequently, leading

to higher concentration of n phase. The HRSTEM analyses reveal that chemical composition

ordering preceded the y —n phase transformation. Hardness measurement results reveal that the

grain coarsening induced softening overweight the strengthening derived from the load-bearing

effect of 6 and n phases, leading to softening in the top NG layer.
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CHAPTER 7. THERMAL STABILITY AND DEFORMATION
BEHAVIORS OF GRADIENT INCONEL 718 SUPERALLQOY

The gradient structured nickel-based alloy was fabricated by Jie Ding and Zhongxia Shang.
Microstructure characterization and in situ micropillar compression tests were performed by Jie
Ding, with grateful help from Dr. Sichuang Xue and Ruizhe Su. The data analysis and writing
were completed by Jie Ding with guidance and editing by Dr. Xinghang Zhang.

7.1 Overview

Gradient structures containing nanograined (NG) surface layer have been introduced into
Inconel 718 (IN718) nickel-based alloy using surface mechanical grinding treatment (SMGT)
technique. The thermal stability of NG IN718 alloy, and the deformation behavior of the
undeformed matrix region and severely plastic deformed NG region of both as processed and
annealed samples were investigated. The annealing studies of NG IN718 alloy at 700 °C for various
times reveal that nanograins with size smaller than the critical value of ~ 40 nm exhibited
significantly enhanced thermal stability than those with size larger than 40 nm. The enhanced
thermal stability was attributed to the formation of grain boundaries that are in lower energy
configuration during SMGT, and the grain boundaries relaxation. The in situ micropillar
compression tests results reveal that the precipitation of high-density of y” phases after annealing
strengthened the matrix from 500 MPa to 900 MPa. The flow stress of NG region after annealing
at 700 °C for 24 h was comparable to that of the as processed samples, owing to the strengthening
effect of high-density of 6 and n phases with large sizes. Post compression TEM analyses reveal
that the activation and propagation of stacking faults (SFs) enabled the formation of primary slip
bands (SBs) in the pillar obtained from y” phase strengthened IN718 matrix. The shearing of y”
phase transformed the body-centered tetragonal (BCT) structured y” phase to face-centered cubic
(FCC) structures. The microstructure of the significantly coarsened y” phase that was survived in
the annealed topmost NG layer shows that coherency between the y” phase with size of several
hundred nanometers and y matrix vanished due to the mismatch strain between them. Two kinds
of SFs that were activated and propagated along the (002) and (111) planes of y”” phases were

detected after deformation. Detailed analyses about the shearing of y” phases with nano-scaled
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sizes and microstructure of deformed y” phases with larger sizes, accompanied with that of

deformed 6 and n phases are required in future studies.

7.2 Introduction

Nanograined (NG) metals that are characterized by high volume fraction of grain
boundaries have demonstrated extraordinary mechanical properties than their CG counterparts
[52,309,310]. Severe plastic deformation (SPD) techniques like equal channel angular press
(ECAP) [20,32] and high-pressure torsion (HPT) [18,41,45] etc. have been proven effective in
grain refinement of metallic materials. However, the same grain boundaries that contribute to the
desirable characteristics in turn serve to deteriorate the thermal stability of NG metals [313-316].
The high level of grain boundaries energy of nanograins provides a large driving force for grain
coarsening through the removal of excess grain boundaries. For instance, grain boundaries
migration takes place at low temperature as 300 °C for NG Nb obtained by HPT in liquid nitrogen
with average grain size of ~ 75 nm, owing to the high density of defects inside nanograins and to
the pronounced non-equilibrium state of grain boundaries [359]. Grain growth occurs at
temperature as low as 200 °C for pure NC Ni, accompanied by the substantial hardness drop [318].
For the nanocrystalline Ni fabricated by electrodeposition with average grain size of 10-20 nm, the
temperature at which the nanograins tend to become unstable was found to be as low as 80 °C
[155]. Similarly, grain growth takes place even at ambient temperature for NG Cu. The inherent
thermal instability hinders the application of NG metallic materials at elevated temperatures [360].

Recently, severe surface modification techniques like surface mechanical grinding
treatment (SMGT) [85], surface mechanical attrition treatment (SMAT) [86,95,103] and surface
mechanical rolling treatment (SMRT) [103] have been proposed for the introduction of gradient
microstructures into the surface of metallic materials to improve both strength and ductility.
Gradient structures containing extremely fine-grained top surface layer have been introduced into
several kinds of metals. It has been reported that these surface modification techniques are more
effective than conventional SPD approaches in grain refinement [94]. Grain coarsening is therefore
expected to be taken place at the topmost NG layer of gradient structured metals. However, the
annealing studies of gradient structured pure Cu and Ni that were fabricated using SMGT in liquid

nitrogen reveal that the nanograins with sizes smaller than the critical values (~ 70 nm for Cu and
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~ 43 nm for Ni) were reported to be more stable than those with larger grain sizes [154]. This
enhanced thermal stability of NG samples with smaller grain sizes than their counterparts with
larger grain sizes was attributed to the unique grain boundaries be generated that are in lower
energy configurations during SMGT [154,361]. These evidences imply that the thermal stability
of NG alloys not necessarily be deteriorated after grain refinement via SPD.

Inconel 718 (IN718) nickel-based alloy is one of the most commonly used precipitation
strengthened superalloy for application in gas turbine and jet engine. The high temperature
performance of IN718 are primarily determined by the quantity and characteristics of precipitates
formed [179,180,191,192]. The major intermetallic phases that precipitate in face centered cubic
(FCC) IN718 matrix are: (i) the body-centered tetragonal (BCT) structured (D022) y” phase, (ii)
the FCC structured (L12) y’ phase and (iii) the orthorhombic structured (D0a) 6 phase [197-199].
The strengthening of IN718 at elevated temperatures is mainly attributed to the coherency strain
hardening effect of ellipsoidal y” phase that precipitates coherently with the y matrix. Contribution
of coherent y’ phase to the strengthening of the alloy is less effective as the volume fraction of y’
phase is only one third or quarter of that of y”” phase in solution-treated IN718 [161,193,216,342].
The transformation of metastable y”” phase to equilibrium & phase over long-term exposure at high
temperatures has been concluded to be detrimental to the high temperature strength of the alloy
[179,204]. The deformation behavior of precipitates, especially y” phase strengthened IN718 alloy
is critical for the understanding of the underlying strengthening mechanisms. Extensive research
works have been reported [362—365]. Generally, the deformation of IN718 alloy characterized by
the formation of planar slip bands [363,364]. However, the deformation mechanisms differ within
different works and conflicting observations have been reported. Clavel et al. [366] found that the
formation of planar deformation bands was attributed to micro-twins, consistent with what was
reported by Merrick [367]. Oblak et al. [216] reported that the deformation was achieved by the
shearing of y” phase through the motion of a/2<110> dislocation pairs. Sundararaman et al. [362]
found that the deformation mechanism was dependent with the size of y” phases. For y” phases
with size that is smaller than the critical value (~ 20 nm in diameter), shearing of y”’ phases occurred
by the motion of group of dislocations. Whereas when the size of y” phases exceeds the critical
value, y” precipitates were sheared by twinning. These studies were focused on the deformation
behaviors of y” phases that are coherent with the y matrix. Prior studies have reported that the pre-

straining accelerates the precipitate and growth rate of y” phases [161,181,204]. The coherency
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between y” phases and y matrix couldn’t be sustained when the size of y” phases exceeds critical
value [368]. The deformation behavior of these incoherent y” phases has rarely been reported. It
implies that the precipitation and the corresponding deformation behavior of severely deformed
IN718 alloys may different with that of solution-treated alloys. Hence, a systematic study about
the comparison of precipitation and deformation behavior of solution-treated and severe plastic
deformed IN718 alloy is required.

In this study, gradient structures containing severely deformed NG surface layer were
fabricated in IN718 nickel-based alloy via SMGT technique. Thermal stability of NG surface layer
was investigated by annealing the samples at 700 °C for different hours and the underlying
stabilization strategies were discussed. Precipitation behavior of undeformed matrix and severe
plastic deformed NG layer after annealing were checked using transmission electron microscopy
(TEM). Comparison of the deformation behavior of annealed matrix and NG region with different
precipitates characters were studied using in situ micropillar compression tests. The corresponding
deformation mechanisms of precipitates in different regions were investigated by checking the

post compression TEM image of deformed pillars.

7.3 Experimental

7.3.1 Materials and processing

The IN718 Ni-based alloy with a chemical composition as listed in Table 7.1 was subjected
to SMGT. Prior processing, a cylindric bar was fully solution treated at 1100 °C for 1 hour followed
by quenching (denoted as as-received sample hereafter). During processing, the bar rotated at a
velocity of 400 rpm, while a WC/Co tool tip penetrated into the surface by 30 um and slid along
axial direction at a speed of 10 mm/min. The process was repeated 8 times to generate subsequent
deformation zone. Liquid nitrogen was used as coolant during processing. Subsequently, the
processed samples were annealed in a vacuum furnace at the temperature of 700 °C for 5, 24 and
100 h, followed by furnace cooling. Annealing was conducted when the vacuum level reaches 2 x
107 torr.
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Table 7.1 Chemical composition of IN718 alloy (in wt.%)

Cr Fe Co Nb Mo Al Ti Ta Ni
18,57 18.00 0.11 5.02 2.86 0.58 097 <0.01 587

7.3.2 Microstructure characterization

The samples used for metallographic observations were ground and polished using
conventional metallographic preparation technique, and then carried out by optical microscope.
TEM samples were prepared by the focused ion beam (FIB) technique using an FEI Quanta 3D
FEG Dual Beam FIB scanning electron microscope following typical protocols. The
microstructure and chemical composition analyses of the both as-processed and annealed samples
were performed on an FEI Talos 200X analytical transmission electron microscope operated at
200 kV, equipped with a supper X energy-dispersive X-ray spectroscopy (EDS) detector.

7.3.3 Mechanical testing

Vickers hardness measurements along the depth direction of both as processed and
annealed specimens were conducted using a LECO LM247 microhardness tester with a Vickers
indenter tip. The applied load was 25 g, with a holding time of 13 s. Micropillars were prepared
using the FIB technique along the longitudinal direction of both as processed and annealed IN718
alloys in the severely deformed topmost layer and undeformed matrix region. The micropillars
have a diameter of ~ 2 um and the height-to-diameter aspect ratio of pillars was kept at ~ 2.0 to
avoid buckling during compression. In situ micropillar compression tests at a constant strain rate
of 1 x 102 st were performed on an FEI Quanta 3D FEG SEM using a Bruker’s Hysitron PI 88xR
Picolndenter equipped with a 10 um diameter diamond flat-punch indenter tip. The force-
displacement data were collected using the piezoelectric actuator in the capacitive transducer.

Detailed information about testing process and data analyses can be found in our previous works.
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7.4 Results

7.4.1 Overview of microstructure and hardness

The optical microscopy (OM) image in Fig.7.1a shows the equiaxed grains of the as-
received IN718 with mean grain size of ~ 150 pm after annealing at 1100 °C for 1 hour. Upon
SMGT, a severely deformed gradient structure formed on the surface, as shown in the OM image
in Fig.7.1b. NG structures were observed on the topmost region of the gradient structured layer
according to the TEM characterization results in the following section. The penetration depth of
the gradient structured layer varies in different regions, as labeled by the dotted line, an indication
of the inhomogeneous microstructure in different regions of the processed samples. After
annealing at 700 °C, sharp interface formed between the topmost NG layer and the deeper region
of the sample, as revealed by the OM images in Fig.7.1c. The microstructure characterization
results of these annealed samples in the following sections reveal that the topmost NG layer was
more thermally stable than the deeper layer of the gradient structure. What worthwhile mentioning
is that the thickness of the thermally stable NG layer varies with positions due to the
inhomogeneous penetration depth of the gradient structure after SMGT (as shown in Fig.7.1b).
The thickness of the thermally stable area of NG layer ranges from a few to ~ 30 um. The
corresponding hardness profile along the depth direction in Fig.7.1d reveals that the hardness
decreased gradually from ~ 6.9 GPa in the top NG layer of as processed sample to ~ 2.4 GPa in
the undeformed matrix region. The penetration depth of the deformed region with gradient
structure is ~ 300 um. After annealing, the hardness of the annealed sample increased in the whole
depth range. It is worth emphasizing that no softening was observed in the NG layer even after
100 h annealing at 700 °C.

150



—a— As processed
—e—700°C/5h
—a—700°C/24h

Hardness (GPa)

100 200 300 400

S(0) MmN
; Distance from treated surface (um)

Figure 7.1 OM images of (a) as received IN718 and (b) gradient structures of IN718 specimens
processed by SMGT. (c) OM images of the gradient structure of processed IN718 specimens
after annealing at 700 °C for 5 and 24 h, respectively. (d) Vickers hardnesses evolution of both as
processed and annealed IN718 specimens. (SD: shear direction, ND: normal direction)

7.4.2 TEM characterization

The microstructure of as processed sample in Fig.7.2a reveals that NG structures formed
in the surface of IN718 alloy after SMGT, as verified by the inserted selected area diffraction
(SAD) pattern. However, areas with extremely fine grains were observed in the NG layer, as
labeled by the dotted lines in Fig.7.2a. TEM image in Fig.7.2b shows the alternately distributed
relative fine (F)/coarse (C) NG structures of the topmost NG layer (at a depth range of 2-5 pum).
The corresponding grain size evolution profile reveals that the average size of extremely fine-
grained area is ~ 14 nm, whereas that of NG region with relative larger grains is ~ 28 nm. The
corresponding STEM image and EDS maps of NG layer reveal that the chemical composition

distributed uniformly, and no chemical segregation occurs in the fine-grained area. The formation

151



of these finer grain area in the NG layer may be attributed to the discontinuous cooling of liquid

nitrogen during SMGT.
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Figure 7.2 (a) TEM image of the surface NG layer of gradient structure showing nanograins of
the as processed IN718 alloy. Extremely fine grains are observed and labeled by dashed lines. (b)
TEM image and the corresponding grain size evolution of the topmost NG layer (at a depth range
of 2-5 um) showing the alternately distributed relative fine (F)/coarse (C) grained NG structures.

High density of nanoprecipitates formed in the undeformed matrix region after annealing
at 700 °C. Fig.7.3a shows the STEM image and the corresponding SAD pattern of the matrix region
after 24 h annealing. The indexing of the SAD pattern reveals that these disc-like nanoprecipitates
are mostly y” phases. The coherent interface between y” and y matrix follows the orientation
relationship as: {100},~//{100},, <001>,~//<001>,. The strong spots are from y matrix and those
weak superlattice spots are from y” phase [199]. The EDS maps in Fig.7.3b shows the enrichment
of Al, Ti, Ni and Nb elements of y” phases. The high resolution TEM (HRTEM) image in Fig.7.3c
reveals the superlattice of y” phases, as noted by the green dotted circles. The facets of {100}, are
parallel to the {100},, consistent with the index results of SAD. The corresponding fast Fourier
transformation (FFT) patterns of the area d with y” phases (Fig.7.3d) and area e with y matrix
(Fig.7.3e) also verify that superlattice spots (as labeled by arrows) only appears in the y” phase
region.
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Figure 7.3 (a) TEM image and corresponding SAD pattern of the undeformed matrix region of
IN718 alloy after annealing at 700 °C for 24 h showing the precipitation of high-density of y”
phases. (b) The corresponding EDS maps showing the enrichment of Al, Ti, Ni and Nb elements
of y”” phases. (¢) HRTEM image of y” phase and y matrix clearly shows the superlattice of y”
phase (as labeled by green dotted circles). Corresponding FFT patterns of (d) y” phase and (e) y
matrix area in Fig.c show the superlattice spots of y” phases.

Upon annealing, the nanograins of the topmost region of NG layer retained, whereas
recrystallization and grain coarsening happened at the rest part of gradient structured layer.
Fig.7.4a shows the microstructure of the sharp interface (as denoted by dashed line) formed
between the thermally stable topmost NG area and the grain coarsened area after annealing for 24
h. The other phenomenon that worthwhile mentioning is that the alternatively distributed F/C NG
structures in the thermally stable area sustained after annealing (as labeled by dotted lines in
Fig.7.4a). The statistic results of grain size in Fig.7.4b show that the average grain size of fine
grains and coarse grains in the thermally stable area is 18 nm and 37 nm, respectively. Whereas
that of the grain coarsened area is measured to be 90 nm. The STEM images and corresponding
EDS maps of both thermally stable and grain coarsened area in Fig.7.4c and 7.4d show that large
Ni and Nb-rich & phases and Al, Ni and Nb-rich n phases formed after annealing. The difference
between these two areas is that high-density of nanosized a-Cr phases were observed in the
thermally stable area, whereas the density of a-Cr phases in the grain coarsened area was much

lower and larger in size.

153



Thermally stable area
Dg=18+6 nm

Dc=37+9nm

‘Thermally stable  Grain coarsened
- 3 eyt . DRI DG (([b))
% f}t L & = o

- ¥

oy
y

Grain coarsened area
121 D =90+ 37 nm

Frequency (%)

0 50 100 150 200 250
Grain size (nm)

Grain coarsened area

el

Ni o ] Ni
4200 nm | 200 nm AT 4200 nm

Figure 7.4 (a) TEM image of surface NG layer after annealing at 700 °C for 24 h showing the
sharp interface formed between the thermally stable and grain coarsened NG area. (b) The
statistics of the average grain size of the thermally stable and grain coarsened NG area. (c)

STEM image and corresponding EDS maps of the thermally stable area showing the
precipitation of high-density of nanograined a-Cr particles and Ni/Nb-rich & phases. (d) STEM
image and corresponding EDS maps of grain coarsened area showing the precipitation of
AIl/Ni/Nb-rich n phases and Ni/Nb-rich  phases.

Prolonging the annealing time to 100 h further coarsened the grains in both thermally stable
and grain coarsened areas of the gradient structured layer. However, the sharp interface between
those two areas still sustained, as labeled by dashed line in Fig.7.5a. The alternatively distributed

F/C grained structures were also observed, whereas the grain size difference between the relative
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fine-grained and coarse-grained structures is much larger than that was annealed for 24 h (in
Fig.7.4a). The statistic results of grain size reveal that the grain size of the fine-grained structure
in the thermally stable area is 62 nm (in Fig.7.5b), still in the NG range. Whilst that of the coarse-
grained structure coarsened to 219 nm (in Fig.7.5c), located in the ultra-fine grained (UFG) range.

As for the grain coarsened area, the statistic result of grain size in Fig.7.5d shows that the grains
further coarsened to 295 nm after 100 h annealing.
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Figure 7.5 (a) TEM image of surface NG layer after annealing at 700 °C for 100 h showing the

sustained interface between the thermally stable and grain coarsened NG area. The statistics of

the average grain size of relative (b) fine-grained and (c) coarse-grained structures of thermally
stable NG area, and (d) grain coarsened NG area.

7.4.3 In situ micropillar compression tests

In situ micropillar compression tests results of the undeformed y matrix region before and
after annealing at 700 °C for 24 h are presented in Fig.7.6. The true stress-strain curves in Fig.7.6a
and 7.6d show that the average flow stress of the as received specimens without precipitates is ~
500 MPa, whereas the flow stress of annealed specimens with high-density of y”” phases increased
to ~ 900 MPa. The inserted SEM images showing the morphologies of the compressed pillars
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reveal the formation of multiple slip bands (SBs) during compression. The captured videos
recorded the morphological evolution of the micropillars show that the activation and propagation
of each SB corresponds to a stress drop of the stress-strain curves. The magnified SEM snapshots
of the video captured during compression of both as received (Fig.7.6b and 7.6¢c) and annealed
(Fig.7.6e-7.6g) samples reveal that multiple SB systems were activated for the as received
specimens, whilst only one primary SB was observed for the annealed specimens. It may be

attributed to the grain orientation difference between the pillars obtained from these two samples.
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Figure 7.6 In situ micropillar compression test results of pillars obtained from the undeformed
matrix regions of both as processed and annealed IN718 sample. True stress-strain curves and
SEM images showing the morphologies of deformed pillars of (a) as processed and (d) annealed
specimens. (b and c¢) Detailed SEM images showing the pillar morphology of as processed
specimens before and after compression tests. Multiple SBs systems were observed. (e-f)
Detailed SEM images showing the pillar morphology evolution of annealed specimens during
compression tests. Only one primary SB system was observed.

In situ micropillar compression tests were also performed in the NG layer that is ~ 10 um
from the treated surface in both the as processed samples and the samples after annealing at 700
°C for 24 h. The true stress-strain curves of pillars obtained from the NG layer of as processed
sample in Fig.7.7a show that the pillars yielded at ~ 2.6 GPa and then strain hardened to ~ 3.0 GPa.
The inserted SEM images showing the morphologies of the compressed pillars reveal the uniform
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deformation of the pillars, as evidenced by the magnified SEM snapshots of the video captured
during compression in Fig.7.7b-7.7d showing the classical barreling near the top of the deformed
pillar. As for the pillars obtained from the NG layer of annealed sample, the deformation behaviors
differ in different pillars due to the inhomogeneous microstructure of NG layer after annealing (as
revealed by Fig.7.4). For the pillars obtained mainly from the grain coarsened area (pillar ) and
() in Fig.7.7e), the yielding and flow stress of them are ~ 2.6 GPa and ~ 3.0 GPa, respectively,
similar to that of the as processed samples. Whereas the yielding stress of the pillar obtained mainly
from the thermally stable area (pillar (3) in Fig.7.7e) increased to ~ 3.1 GPa. The inserted SEM
images showing the morphologies of the compressed pillars reveal the surface roughening after
compression. The magnified SEM snapshots of the video captured during compression in Fig.7.7f-
7.7h show that the roughening took place at high strain level (>10%), and no major cracks were
observed during compression.
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Figure 7.7 In situ micropillar compression test results of pillars obtained from the NG regions of
both as processed and annealed IN718 sample. True stress-strain curves and SEM images
showing the morphologies of deformed pillars of (a) as processed and (e) annealed specimens.
(b-d and f-h) Detailed SEM images showing the pillar morphology evolution of the specimens
during compression tests.

157



7.5 Discussion

7.5.1 Thermal stability of NG IN718 alloy

As aforementioned, the high density of grain boundaries of nanocrystalline metals that
contribute to the desirable mechanical properties in turn provide a strong driving force for grain
coarsening and corresponding properties degradation [313]. The grain coarsening of NG metals
can be pictured by looking at the GB velocity (v), which can be expressed as [148,149]:

vV =My Vgp K Equation 7.1

where Mg represents the GB mobility, yg» is the GB energy and « is the local boundary curvature.
It implies that except for the kinetics-driven stabilization approach in which grain coarsening is
suppressed by pinning grain boundaries with second phase Zener drag or by solute drag, lowering
grain boundaries energy can also effectively reduce the thermal dynamic driving force for grain
coarsening and therefore stabilize NG metals [153,321,322]. Specifically, the driving force for
grain coarsening of NG metals is the stored energy in the form of dislocations and grain boundaries.
Zhou et al. [154] measured the grain boundaries excess energy of NG Cu fabricated by SMGT
with various grain size. They found out that the grain boundaries energy decreased from ~ 0.52
JIm? for the average grain size of 125 nm to ~ 0.25 J/m? for the average grain size of 50 nm,
indicating a more thermally stable NG layer when the average grain size smaller than a critical
value of ~ 70 nm for Cu. The grain boundaries energy drop in their case was partially attributed to
the unique grain refinement mechanism in which plenty of grain boundaries that are in low energy
configuration were generated through the fragmentation and shearing of nanometer-scaled twins
and stacking faults (SFs). The other factor contributed to the grain boundaries energy drop was the
grain boundaries relaxation [154].

In this study, a gradient NG surface layer was introduced into an IN1718 alloy by SMGT.
The topmost region of NG layer with smaller grain size exhibited better thermal stability than the
deeper region with larger grain size at high temperatures (in Fig.7.4 and 7.5), similar to the reported
thermally stable NG Cu [154]. The HRTEM image of the nanograins in the topmost NG layer is
presented in Fig.7.8a. It reveals that plenty of SFs formed inside nanograins, as labeled by arrows.
The magnified HRTEM of dashed box b in Fig.7.8a is shown in Fig.7.8b. Nano-twinned structures
with average twin thickness of ~ 2 nm was observed. The {111} planes that forming twinning
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relationship and the twin boundaries (TBs) are labeled by solid and dashed lines, respectively.
These evidences imply that the partial dislocation activities dominated the grain refinement
process when the grain size refined to this nanometer scale, leading to the formation of grain
boundaries that are in lower energy configuration than other conventional high angle grain
boundaries. Our previous work about the microstructure evolution of gradient structured C-22HS
Ni-based alloy that was processed by SMGT also reveals that the nanolaminated structure in the
topmost layer was transformed from deformation twinned structures in the sublayer [276]. Zhang
et al. [369] also reported that the grain boundaries of Cu that were transformed from low-energy
TBs possess lower grain boundaries energy than conventional high angle grain boundaries.
Besides, plastic straining may trigger grain boundaries relaxations in NG metals with low
stacking faults energy (SFE), and metals with high SFE when high shear stress was applied
[154,370]. The grain boundaries relaxation involves the process that grain boundaries structure
transforms to a lower energy state through the dissociation of grain boundaries. The dissociation
generally occurs by the emission of SFs from one boundary that are terminated by Shockley
partials at a second boundary [370]. Whereas Zhou et al. [154] reported that the formation of both
SFs and nanotwins from grain boundaries involves emission of partial dislocations, leading to
grain boundaries relaxation and subsequent stabilized structures. In this work, partial dislocation
activities dominated the accommodation of plastic deformation during SMGT at the topmost NG
layer. The magnified HRTEM image of the dashed box ¢ and d in Fig.7.8a are presented in Fig.7.8c
and 7.8d, respectively, where the FFT patterns of each grains are inserted and the {111} atomic
planes are labeled by solid lines. As denoted by dotted lines, broad grain boundaries that are
decorated with plenty of SF-like structures formed between each grain. Several SFs are labeled by
green dotted boxes in Fig.7.8c. The formation of these SFs decorated broad grain boundaries
indicates that grain boundaries dissociation may have taken place in the topmost NG layer during
SMGT, inducing grain boundaries relaxation to lower energy states and stabilization. The
microstructure of deeper layer of NG region that was dramatically grain coarsened after annealing
(grain coarsened region) will be checked in the future study. The comparison of the grain
boundaries characters of these two regions is required for evidencing the argument that grain
boundaries with lower energy configuration has attributed to the improved thermal stability of NG

structures with finer grain sizes.
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Figure 7.8 (a) HRTEM image of NG layer showing SFs formed inside nanograins, as labeled by
arrows. (b) HRTEM image of the box area b in Fig.a shows the formation of nano twinned
structures. (c and d) HRTEM images of the box area ¢ and d in Fig.a show the grain boundaries
dissociation by the emission of SFs from grain boundaries. Some SFs are labeled by green dotted
boxes in Fig.c.

The partial dislocation activity rather than full dislocation activity dominated grain
refinement process has led to the formation of thermally stable topmost NG layer. Based on
Orowan relation [154], the resolved shear stress (trss) required for the expansion of a dislocation
loop derived from a Frank-Reed source with a diameter of D can be expressed as trss = ub/D,
where p represents the shear modulus and b is the Burgers vector. Hence, the minimum grain size
(D*) required for the multiplication of full dislocations at the yield strength (oy) can be calculated
by:

« _ _ubM
ay(D*)

Equation 7.2
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where M is the Schmid factor (3.0 for polycrystalline metals). The shear modulus and Burgers
vector for Ni is ~ 76 GPa and ~ 0.25 nm, respectively. The yield strength o,,(D*) can be calculated
by the classic Hall-Petch equation as [7,8]: a,,(D*) = oo + K - (D*)~/?, where oo is the friction
stress and K represents Hall-Petch slop. Zhou et al. [154] calculated the critical size for pure Ni
using Eqg.7.2 and yielded D* = 43 nm, similar to that was calculated by Legros et al. (38 nm) [371].
Considering that the value of K for Ni alloys is higher than that for pure Ni, the calculated critical
size D* for IN718 alloys is expected to be smaller than that of pure Ni. Hence, the average value
of that was reported by Zhao et al. and Legros et al: D* = 40 nm is adopted in this story. It implies
that as the grain size of IN718 smaller than 40 nm, full dislocation activities are suppressed and
partial dislocation activities become favorable, leading to grain boundaries relaxation. The
experimental observation is consistent with the calculated results. As shown in Fig.7.4, the average
grain size of the relative coarse-grained structures in the thermally stable area is ~ 37 nm after 24
h annealing, whereas drastic grain coarsening occurs in the grain coarsened area wherein the initial

grain size is expected to be larger than 40 nm.
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Figure 7.9 (a) The evolution of grain size of relative fine-grained and coarse-grained structures
of the thermally stable area, and the grain-coarsened area of NG layer after annealing at 700 °C
for different hours. (b) Plot of In (d) vs. In (t) for different area, where d and t represent grain size
and annealing time, respectively.

The grain size evolution of the relative fine-grained and coarse-grained structures of the
thermally stable area, and the grain coarsened area with increasing of annealing time is presented

in Fig.7.9a. The calculated critical grain size (40 nm) is labeled by dotted line. It clearly reveals
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that the grain coarsening rate of grains with size smaller than 40 nm is lower than that with size
larger than 40 nm. The grain growth Kinetic, correlating the grain size (d) to the annealing time (t)
can be expressed as [35]:

d™ —df} =kt Equation 7.3

where do is the initial grain size, n represents grain growth exponent and K is a rate constant. The
evolution of grain size (In(d)) and annealing time (In(t)) in different area is shown in Fig.7.9b. The
values of n can be determined by the slops of linear fit lines. It reveals that the average grain growth
exponent (n) of thermally stable area with initial grain size smaller than 40 nm is ~ 0.15, whereas
that of the grain coarsened area increased to ~ 0.59, quantitatively indicating a more thermally

stable NG structure that with size smaller than the critical value.

7.5.2 Deformation behavior of annealed samples

In situ compression tests for both matrix and NG region of IN718 alloy before and after
annealing at 700 °C for 24 h were performed. Upon annealing, high density of nanosized y”
precipitates formed in the undeformed matrix area, leading to a significant flow stresses increment
(from 500 MPa to 900 MPa), as shown in Fig.7.6. The strengthening effect of y”” phases has been
investigated extensively by researchers [193,204,362]. It’s generally believed that the coherency
strain hardening overwhelms the ordering hardening and dominates the strengthening of y”’ phases
[193]. The deformation of IN718 alloy characterized by the formation of planar SBs, owing to the
ordered characters of y” phases [363]. Generally, precipitation hardened alloys exhibit wavy slips
during deformation, similar to that shown by single-phase alloys with high SFE. However, planar
slip occurs when the precipitates have an ordered crystal structure [363]. To investigate the effect
of v’ phase to the deformation behavior of IN178 alloy, the microstructure of deformed pillars
obtained at the matrix region of annealed IN718 alloy after 24 h annealing was checked using
TEM, as shown in Fig.7.10. The overview of deformed pillar in Fig.7.10a reveals that plenty of
primary planar SBs were observed after compression tests. The corresponding STEM images in
Fig.7.10b shows that secondary SBs along another (111) planes was activated as well. However,
conflicting observation about the deformation mechanisms of IN718 alloy have been reported, as
stated in the introduction section. For this study, the average diameter of ellipsoidal y” particles is

~ 9 nm, and the aspect ratio is ~ 2. The HRTEM image of SBs that penetrated through several y”
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precipitates (as labeled by dotted circles) is presented in Fig.7.10c. The comparison of FFT patterns
of SBs area and matrix region verifies that stacking faults (SFs) generated along the SBs during
deformation as the elongated diffraction spots that indicating the existence of SFs only occur in
the FFT pattern of SBs area. A magnified HRTEM image of SB area is presented in Fig.7.10d and
a Burgers circuit (starting at s and ending at f) were drawn. It reveals the Shockley partial with a
Burgers vector of 1/6< 112 >. No twinning phenomenon was observed, which is consistent with
that was reported by Sundararaman et al. [362] as twinning wouldn’t be activated until the average
size of y” phases exceeds the critical value (20 nm). The HRTEM images of sheared y” phase in
Fig.7.10e reveals that the movement of Shockley partials during deformation transformed the BCT
structured y” phase into FCC structures, as denoted by yellow dotted circle. The stacking of (002)
planes of y” phase and (111) planes of FCC structures were labeled using spots with different
colors for clarification. Xiao et al. [364] also reported that the shearing of y”” phase significantly
reduced their size during cyclic loading, an indication of phase transformation from y” phase to y

matrix. A detailed analysis of the shearing of y”’ phases will be performed in the future.
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— | Matrix

Figure 7.10 (a) TEM image of deformed pillar in the matrix area of the annealed IN718 sample
shows the formation of primary SBs during compression. (b) STEM image shows the primary
and secondary planar SBs formed in the (111) and (111) planes, respectively. (c) HRTEM
image of deformed pillar shows SBs penetrated through several y” phases. (d) HRTEM image of
a partial dislocation showing the Burgers circuit (starting at s and ending at f). (e) The magnified
HRTEM image of the dashed box e in Fig.c reveals that the shearing of y” phase transformed it
from DO, structure to FCC structure.

In the topmost NG layer, grain growth takes place after annealing at 700 °C for 24 h,
especially in the grain coarsened area. However, the flow stresses of pillars are comparable with
that of pillars obtained from the as processed sample, which is attributed to the precipitation of
high density of precipitates, as shown in the TEM image of compressed pillar obtained from NG
layer after annealing in Fig.7.11a. Plenty of plate-like precipitates with size of several hundred
nanometers were observed. Prior studies reveal that pre-straining accelerates the precipitation and
coarsening of y”” phases, and the y” — & phase transformation [204,344]. Results of Chapter 6 also
show that most of y”” and y’ phases transformed to d and 1| phases, respectively, in the topmost NG
layer of IN718 alloy that was processed by SMGT after annealing at 700 °C for just 5 h. Similar
phenomenon was observed in this study, as shown in Fig.7.4. Most of plate-like precipitates were
identified as Ni/Nb-rich & phases and Al/Ni/Nb-rich n phases. The contribution of these

precipitates to the strengthening of the alloy has been quantitatively discussed in Chapter 6. The
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precipitation of these hard precipitates with large size may contributes to the surface roughening
of pillars during compression. However, a few y” phases survived and coarsened to several
hundred nanometers in size in this study after annealing for 24 h, as shown in Fig.7.11b. Previous
studies concluded that pre-straining accelerate the growth of y” phases, inducing the formation of
y” phase with much larger diameter in the severely deformed topmost NG layer after annealing
[204,344]. The coherency of y” phase with y matrix diminishes with the increasing of size and
vanishes when the size of y”” phase exceeds the critical value, owing to the mismatch strain between
v” phase and y matrix [368]. The SAD pattern in Fig.7.11b reveals that a misorientation angle 0 =
6.5° between the (002) planes of y”” phase and y’ matrix was detected, an indication of the loss of
coherency between y” phase and y matrix. The other factor that contributes to the misorientation
angle is the distortion of lattice after deformation, as verified by the curved diffraction spots of y

matrix.

165



Figure 7.11 (a) TEM image of deformed pillar in the topmost NG area of the annealed IN718
sample. (b) Magnified TEM image of the dashed box b in Fig.a and the corresponding SAD
pattern reveal that lattice misorientation between y matrix and large y” phase is ~ 6.5°. (¢ and d)
HRTEM images of the dashed box ¢ and d in Fig.b show that two kinds of SFs formed in y”
phases during deformation, as labeled by arrows.

The deformation behavior of y” phase with size larger than the critical value is deferent
with that with smaller size due to the absent of coherency strain hardening and ordering
strengthening effect. The HRTEM images and the corresponding FFT patterns of the dashed box
c and d in Fig.7.11b are presented in Fig.7.11c and 7.11d, respectively. High-density of SFs (as
labeled by arrows) were observed. The indexing of FFT patterns indicating that two kinds of SFs
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were generated during compression: first one was activated along the (002) planes of y” phase (in
Fig.7.11c) and the other one was along the (111) planes of y” phase (in Fig.7.11d). Sundararaman
et al. [362] have reported that twinning dominated the shearing of y”” phase when the size exceeds
the critical value of 20 nm. However, no twinning system was activated in this y” phase with size
over 100 nm. It may be attributed to the loss of coherency of y” with y matrix that leading to the
absent of shearing of y” phases. The deformation behavior of y” phases that is incoherent with the
v matrix has never been reported before. Detailed analyses about the microstructure of deformed

v” phases, accompanied with that of deformed o and 1 phases will be performed in the future.

7.6 Conclusion

Gradient structures containing NG surface layer have been fabricated in IN718 nickel-
based alloy by SMGT technique. The alternatively distributed relative fine/coarse grained
structures were observed in the surface NG layer. Annealing studies of the NG IN718 alloy show
that nanograins with size smaller than the critical value of ~ 40 nm exhibited significantly
enhanced thermal stability than that with larger size. The corresponding average grain growth
exponent of thermally stable NG structures was measured to be ~ 0.15, in contrast to ~ 0.59 for
the NG structure with size exceeds the critical value. The enhanced thermal stability of NG IN718
alloy might be partially attributed to the generation of grain boundaries that are in low energy
states during SMGT. The other factor lies in the fact that partial dislocation activities become
dominant in the deformation of nanograins with size smaller than the critical value. The emission
of SFs or nanotwins from grain boundaries results in the dissociation of grain boundaries, inducing
grain boundaries relaxation to lower energy states and stabilization.

The in situ micropillar compression tests of the undeformed matrix region and severely
plastic deformed NG surface layer of both as processed and annealed samples reveal that the flow
stresses of matrix increased from 500 MPa to 900 MPa due to the precipitation of high-density of
nanosized y” phases. The flow stresses of NG layer after annealing at 700 °C for 24 h were still
comparable with that of the as processed samples. Post compression TEM analyses show that the
activation and propagation of SFs enabled the formation of primary SBs in the pillars obtained
from the y” phase strengthened matrix area during compression. The shearing of y” phase led to

the phase transformation from BCT structured y” phases to FCC structures. In the topmost NG
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layer, the coherency between the y” phase and y matrix vanished when the size of y” phase
coarsened to hundreds of nanometers. The microstructures of deformed y” phase reveal that two
kinds of SFs, activated and propagated along the (002) and (111) planes of y” phase, respectively,
formed during deformation. It may be attributed to the loss of coherency of y” with y matrix that
leading to the absent of shearing of y” phases. Detailed analyses about the shearing of y”” phases
with nano-scaled sizes and microstructure of deformed y”” phases with larger sizes, accompanied

with that of deformed 6 and n phases are required in future studies.
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CHAPTER 8. CONCLUSIONS AND FUTURE WORKS

8.1 Conclusions

The major findings and conclusions of this thesis are summarized as follows:

1. Gradient microstructures that were introduced in Hastelloy C-22HS Ni-based superalloy
through surface mechanical grinding treatment (SMGT) technique evolve from nanolaminated
(NL) to deformation twinned (DT) layers and subsequent severely deformed (SD) layers
adjacent to the adjacent undeformed matrix. In situ micropillar compression tests coupled with
microscopy studies reveal that NL layer has a two-stage work hardening behavior, and the first
stage has a large work hardening exponent. The increase of intergranular back stress may have
contributed to the high strain hardening behavior (see Chapter 3).

2. Mo-rich thick grain boundaries (GBs) formed in the topmost nanocrystalline (NC) layers of
gradient structured (GS) C-22HS alloy after annealing at 650 °C for 5 h. In situ micropillar
compression studies coupled with molecular dynamics (MD) simulations suggest that the thick
grain boundaries are stronger barriers than conventional grain boundaries to the transmission
of dislocations, leading to significant strengthening (see Chapter 4). The formation of thick
GBs also attributes to the improved thermal stability of NC C-22HS alloy comparing with its
counterpart with conventional thin GBs (see Chapter 5).

3. High density of n phases that have never been reported in Inconel 718 (IN718) Ni-based
superalloy generated in the severe plastic deformed surface layer of GS IN718 alloy after
annealing at 700 °C (see Chapter 6). Thermal stability studies show that NC IN718 alloy with
grain sizes smaller than the critical value of ~ 40 nm is more thermally stable than that with
larger grain sizes at elevated temperatures (see Chapter 7).

4. The underlying mechanisms of strengthening and improved thermal stabilities, as well as the
precipitation behaviors of studied C-22HS and IN718 Ni-based alloys were discussed based

on TEM microstructural characterization and MD simulations.
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8.2 Future works

One of the highlights of the findings of this thesis work is the formation and the
corresponding mechanical (Chapter 4) and thermal stability (Chapter 5) studies of thick GBs in
nanocrystalline Ni-based alloys. It reveals that the introduction of thick GBs improves the strength
and thermal stability of nanocrystalline Ni-based alloys significantly. Similar strategy may also be
applied to other alloys. As shown in Fig.8.1a-g, segregation of Ni, Nb, Ti and depletion of Cr, Fe
in twin boundaries were also observed in IN718 Ni-based alloy with high density DT
microstructures after annealing at 700 °C for 24 h. The corresponding HRTEM in Fig.8.1h reveals
that the Ni/Nb/Ti-rich thick boundary (as denoted by dotted lines) is decorated with high density
SFs (as verified by the inserted FFT pattern), similar to the thick GBs with intermetallic phases in
annealed C-22HS alloy (in Chapter 4 & 5). These evidences suggest that strengthen and improving
thermal stability of metallic materials by introducing thick GBs may applicable to other metals.
Hence, the future work will be focused on the formation of thick GBs in other severely deformed

metallic materials, and their effects to the mechanical properties and thermal stability of the alloys.
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Figure 8.1(a) STEM image and (b-f) the corresponding EDS maps of IN718 Ni-based alloy with
high density DT microstructures showing the enrichment of Nb, Ni, Mo and depletion of Cr, Fe
along the twin boundaries after annealing at 700 °C for 24 h. (g) The correspond EDS line scan
results verify the depletion of Nb, Ni, Ti and depletion of Cr, Fe in twin boundaries. (h) HRTEM
image of the thick boundaries decorated with high density SFs, as verified by the inserted FFT
pattern.

Besides, the service properties of GS Ni-based superalloy are mostly determined by the

microstructural characteristics including grain size, GBs type, precipitates characters (density,

volume fraction and morphology) and residual stresses etc. This thesis has systematically
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investigated the microstructure evolution and precipitation behaviors, as well as the corresponding
properties responses (including strength and thermal stabilities) of individual layers of the gradient
structures that were fabricated in GS C-22HS and IN718 Ni-based superalloys through SMGT
technique. However, the macro mechanical properties of GS samples haven’t been studied. As
aforementioned in Chapter 1, GS metals possess unique properties including the synergy of high
strength and good ductility, and improved fatigue and wear/friction resistance. Therefore, the other
focus of the future work will be investigating the macroscopic mechanical properties responses of
GS Ni-based alloys, which is critical for exploring the practical applications of GS metallic

materials in industry.
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