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increases with test temperature up to 400°C and decreases thereafter. Meanwhile, the critical strain
at which the first crack nucleation takes place decreases with temperature to a minimum of 4.5%
strain at 400°C and increases thereafter to 7.5% when tested at 600°C. 400°C is the onset
temperature where a different inelastic deformation mechanism begins to operate. Zone 1
represents phase transformation toughening from room temperature to 400°C. Zone 2 corresponds
to dislocation creep dominant plasticity above 400°C..........ccccevevieieiiie e 92
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Figure 3.12. Repeatability of true stress-strain curves for 3 YSZ tested at a 25°C, b 200°C, ¢ 400°C,
d 500°C, and e 600°C. Five microcompression tests were carried out to check repeatability of the
tests. Flow stresses in most studies show good agreement. Unloading studies at 0.5 and 1% strain
were carried out to measure the apparent elastic moduli at each temperature.............cccocvevveennne. 93

Figure 3.13. TEM analyses of a 3 YSZ pillar tested at room temperature. a-b The SEM image of
the pillar before and after compression test at room temperature. Scale bar, 2 um. ¢ The
corresponding stress-strain curve showing a flow stress of 4 GPa and a fracture strain of ~ 6%. d
Bright-field field XTEM image of the fractured pillar. Scale bar, 500 nm. e-f Bright-field XTEM
images of the pillar showing ultrafine grains near fracture surface. Grains 1-3 were chosen to
identify phase transformation. Scale bar, 200 nm. g-i Selected area electron diffraction (SAED)
patterns showing that grains 1-3 have monoclinic zirconia phase examined along respective zone
axis Of [101], [132], N [112]. eeoeeiieieieeie ettt re e b e enas 95

Figure 3.14. Cyclic loading and following monotonic compression tests at a strain rate of
5x 1073 st at 25°C and 400°C and the corresponding stress-strain curves. a and f SEM images
of micropillars before cyclic loading tests. Scale bar, 2 um. b and g SEM micrographs of
micropillars after 30 cyclic loading tests. The cyclic stress-strain curves are shown as blue curves.
¢ and h After the first monotonic compression tests highlighted in red curves. d After the second
monotonic compression test highlighted in green. The 27" loading-unloading curves at each
temperature shown in orange color and enlarged in the inserted stress-strain curves clearly show
the hysteresis loops. The upper portion of a loading-unloading curve is enlarged in a circle to
illustrate the stress relaxation for 1 second of holding at 400°C............ccccooeiiiiieiic v 96

Figure 3.15. Peach-Kdohler force distribution in the vicinity of grain boundaries. a Original
microstructure. Scale bar, 60 nm. b Zoom-in region around a selected grain corner highlighted in
the black-box region. Assigned Euler angle orientations are, for the bottom grain (a, f, y) = (0,0,0),
for the top-right grain, (a, B, v) = (0, 45, 0) and for the top-left grain, (o, B, y) = (45 ,45,0). For the
BCT system, b = 3.16[111] A and dislocation line, £ = [110], c-d The Peach-Kéhler forces for
a polycrystal subjected to a —200MPa in-plane vertical compression for plane strain conditions at
selected locations. The maximum magnitude of the force per unit length on the test dislocations
is |[F|=0.059 N/m. For this particular Burgers vector and line direction, the resultant force field
favors dislocations to pile up in the abutting grains, making grain boundaries and corners sources
and SINKS OF QISIOCALIONS. .....coveeiieiieie ettt enre e e sreenneeneenneenns 98

Figure 3.16. Summary of Peach-Kohler forces for microstructure shown in Fig. 3.14a. Each inset
shows a different test dislocation line:ab=3.16111 Aand é=111,b»=3.16111 Aand &= 110,
ch=3.16111 A and ¢=110, d b=3.16111 A and ¢=110, e b=3.16111 A and ¢=101, f
b=3.16111 A and £=011, g b=3.16111 A and £=100, h b=3.16111 A and £=010, and i
b=3.16111 Aand £=001. In all cases, grain corners and boundaries become sources or sinks for
(011 L0074 ] 1SS 99

Figure 3.17. Stress relaxation as a function strain at room temperature and 400°C during one
second holding segment of cyclic loading and unloading tests. ..........ccccovviveeiie i, 105

Figure 4.1. Microstructure and strain rate jump tests on the flash sintered 3YSZ. (a-b) Bright field
TEM micrographs of the flash sintered 3YSZ showing (a) ultrafine grains and (b) an array of
preexisting dislocations. (c-e) SEM snapshots of the pillars tested at 450, 550, and 650°C at 0, 3%,
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6%, and final strains (11-12%). Several cracks propagated from the top surface of the pillar. Crack
length and density reduce as test temMPErature FSES. ........cooviieieiereneie e 110

Figure 4.2. Stress-strain curves for strain rate jump tests on the flash sintered 3YSZ at 450, 550,
and 650°C. Stress-strain curves for three strain rate jump tests at (a) 450°C, (b) 550°C, and (c)
650°C. Strain rate of 5x10* s was employed in the elastic region. Strain rates of 3x1073 s, 1x10-
2s1 5x102 s, and 3x10 s were utilized in the plastic region to obtain flow stresses at each
temperature. The flow stresses increase with increasing strain rate and decreasing temperature.
..................................................................................................................................................... 111

Figure 4.3. Data processing from strain rate jump tests on the flash sintered 3YSZ at 450, 550, and
650°C before considering the presence of the threshold stresses. (a) Effect of strain rates on flow
stress at each temperature. Note that the natural logarithm of both strain rate and flow stress is
taken and plotted. The slopes represent strain rate sensitivity (m). (b) Temperature dependence of
strain rate at a flow stress of 2 GPa. The activation energy for the underlying deformation
mechanism turns out to be 3474151 kJ/mole. (c) Flow stress versus the normalized strain rate.
The slope indicates the stress exponent (n). The abnormally high stress exponent (30.2) implies
the existence of the threShold SIFESS. ........cviiiiiieee e 113

Figure 4.4. The determination of the threshold stress for the flash sintered 3YSZ at 450, 550, and
650°C. (a) The determination of the threshold stress with a stress exponent of 1. The actual data
points are significantly deviated from the linear regression lines as indicated by the curved dash
lines. (b) The determination of the threshold stress with a stress exponent of 2. The actual data
shows better linear fit than those with a stress exponent of 1, but still deviates from the linear
regression lines by exhibiting positive upward curvature. (c) The determination of the threshold
stress with a stress exponent of 7. The linear regression lines match well with the actual data. The
extrapolation of the linear line to zero strain rate describes the threshold stress............ccccoc..... 115

Figure 4.5. Corrected data processing from strain rate jump tests on the flash sintered 3YSZ at 450,
550, and 650°C in consideration of the presence of the threshold stress. (a) The corrected flow
stress as a function of strain rates at each temperature. The strain rate sensitivities after the
correction increase to 0.15. (b) Temperature dependence of strain rate at a flow stress of 500 MPa.
The activation energy is estimated to be 145474 kJ/mole. (c) The corrected flow stress versus the
normalized strain rate. The data correction with an imposed stress exponent of 7 returns the stress
EXPONENT OF 6.7 ...ttt bbbt b bt b et b et nb b b 116

Figure 5.1. Displacement vs. time curves at RT, 400, and 670°C. The slopes of curves (drift rate)
are 1ess than 0.7 NM/S IN BVEIY CASE. ....cuecviiieeiie ettt ete sttt sbe e s steene e e sreenee s 127

Figure 5.2. XRD patterns of spark plasma sintered 3YSZ with crystallographic plane indices. It is
shown that metastable tetragonal zirconia is a dominant phase without evident cubic and
MONOCIHNIC ZIFCONIA PRESE. ... .iviitiieicie e bbb 129

Figure 5.3. The determination of the residual stress in SPS Y SZ using the Williamson-Hall analysis.
..................................................................................................................................................... 129

Figure 5.4. Microstructure of SPS 3YSZ and grain size analysis. (a) An SEM image of a typical
unpolished region showing agglomerated grains. (b) A bright-field TEM micrograph showing
ultrafine grains, and the inserted SAD pattern shows continuous rings of the tetragonal phase. ()
A high-resolution TEM image showing a clear triple junction without glassy phase along the grain
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boundaries. (d) Grain size distribution determined by the intercept method showing the average
Grain SIZE OF ~ 175 NMIM. .ottt e st e st e e st e nbeentesneenbeentens 130

Figure 5.5. Comparison of morphology evolution and stress-strain behaviors of micropillars during
in-situ compression tests at 25, 400, and 670°C. (a1-a4) At 25°C, cracks were nucleated at a strain
of 6%, and the pillar fractured in a brittle manner right after the crack nucleation. (bi1-bs) The
micropillars tested at 400°C show crack formation at a strain of 5~6%. However, cracks propagated
downward slowly into the pillar without brittle failure. (c1-c4) When compressed at 670°C, the
pillars deformed gradually and uniformly in the top portion of the pillars with little cracks. (d) The
true stress-strain curve collected at 25°C deviates from its linearity at a strain of 4%, corresponding
to a stress level of ~ 4 GPa. The yield strength and flow stress both decrease for pillars tested at
elevated temperatures. The pillars tested at 670°C reached a constant flow stress of ~1.5 GPa until
a strain of 30% without softening. Partial unloading was performed in all tests to obtain a reliable
measurement of modulus. The white dash lines in the SEM micrographs indicate cracks. ....... 131

Figure 5.6. SEM images of micropillars before and after microcompression tests at elevated
temperatures up to 670°C. (a-b) When tests were conducted below 200°C, the micropillars exhibit
brittle fracture at a strain of 4-7%. (c-d) Transitions of deformation mechanisms were observed in
pillars tested at 400 and 600°C. Several cracks nucleated from the top of the pillars and propagated
slowly downward into the pillars. (e) The pillars tested at 670°C showed significantly enhanced
plastic flow ability. The deformation was mainly accommodated by the top half of the pillar, and
the crack propagation speed was greatly reduced. ............coeieeiiiieiieese e 132

Figure 5.7. Stress-strain curves for SPS 3YSZ micropillars tested in-situ at different temperatures
at a strain rate of 5x107/s. Numerous tests were carried out to check the reproducibility of the
experimental results at (a) 25°C, (b) 200°C, (c) 400°C, (d), 600°C, and (e) 670°C. (f) Comparison
of stress-strain curves at different temperatures. Partial unloading at displacement of 60 and 120
nm was conducted to measure the apparent elastic modulus of SPS 3YSZ at different temperatures.
..................................................................................................................................................... 133

Figure 5.8. Top (left panel) and side (right panel) views of pillars tested at 25, 400, and 670°C. (a-
b) For the pillars tested at 25°C, transgranular fracture with several shear bands (black arrows) was
observed. Surface rumpling in the boxed region was observed due to martensitic phase
transformation. (c-d) When tested at 400°C, fracture surface reveals individual equiaxed grains
highlighted in the white box. (e-f) Little fracture was detected for the pillars tested at 670°C. After
compression to a true strain of 30%, surface roughening in the boxed region can be seen as shown
1R £ c TN 003 TSR 134

Figure 5.9. TEM analyses of the 3YSZ pillars tested at room temperature and 400°C. (a) Bright-
field XTEM image of the deformed pillar at room temperature. Grains 1-3 were chosen to identify
the phase transformation. (b-d) Selected area electron diffraction (SAED) patterns showing that
grains 1-3 have monoclinic zirconia phase examined along respective zone axis of [100], [112],
and [101]. (e) Bright-field XTEM image of the deformed pillar at 400°C. (f) Top portion of the
deformed pillar showing gaps along grain boundaries induced by grain boundary sliding (indicated
by red arrows). (g) Intergranular fracture in the middle section of the deformed pillar. (h) The
bottom portion of the deformed pillar shows no grain boundary gaps. .......ccccceevvviiiicveccieenen. 136

Figure 5.10. Cross section FIB ion microscopy images of the compressed pillars. (a) The cross-
sectional view of the pillar tested at 400°C at a strain of 9% shows crack propagation path and
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cavities generated along the grain boundaries due to mechanical test. (b) For the pillar tested 670°C,
no obvious crack was observed. Elongated grains with numerous nanoscale cavities indicated by
blue and red arrows, respectively in the top half of the pillar were resolved. ...........c..cccccuenee.e. 137

Figure 5.11. TEM images of the pillar after compression test at 670°C. (a) BF TEM images of the
deformed pillar showing the location of the grains in Fig. (b) and Fig 5.12. (b) Arrays of
dislocations within grains were verified (marked by orange arrows). (c) High resolution TEM
image of the grain retaining arrays of dislocations with selected area diffraction pattern of the grain
examined along [100] zone axis. (d) FFT processed high resolution TEM image shows the
presence of abundant dislocations along (022) plane. ... 138

Figure 5.12. TEM images of the compressed pillar at 670°C showing the deformation induced
monoclinic zirconia. (a) SAD pattern with continuous rings indicates dominant tetragonal phase
with monolithic diffraction spots arising from a few grains that underwent martensitic
transformations. (b) Bright-field TEM image of a grain with monoclinic phase shows martensite
lath and stacking faults. (c) SAD pattern of the grain with monoclinic phase. (d) High resolution
TEM image and the inserted FFT confirms the presence of stacking faults. ...............cccccceeni. 139

Figure 5.13. Stress-strain curves for the micropillars with a diameter of (a) 3 um (b) 1.5 um and
(c) 0.7 um. As the diameter of micropillars increases, fracture strain and peak stresses increase.
Fracture events are indicated by X-Shaped CroSS. .........ccccvveiiiiiieiieie s 141

Figure 5.14. Cyclic loading tests at a strain rate of 5 x 1073 s* at room temperature. 5™, 11", and
19" loading and unloading curves are highlighted in red to show hysteresis loops.................... 142

Figure 5.15. Microcompression test on a pillar with high aspect ratio at room temperature. (a)
Before the compression test. (b) The pillar experienced a strain of 5% and bent without any crack
owing to martensitic transformation, which prevents crack propagation upon loading. (c) After
elimination of loading, the deviatoric strain was partially recovered due to reverse martensitic
transformation (monoclinic to tetragonal zirconia). Partial shape recovery implies that the test
temperature is between austenite start and finish temperature. ..........c.ccocooviiieiinen s 143

Figure 5.16. Mechanical properties of SPS 3YSZ as a function of test temperatures. (a) The
apparent elastic modulus (red curve) increases with increasing temperature up to 200°C and
decreases thereafter. The ultimate compressive strength (UCS) decreases monotonically with the
increasing test temperature. (b) The critical strain at which the first crack occurs for the onset of
crack nucleation decreases slightly with test temperature up to 400°C, due to the gradual
suppression of martensitic transformation. Beyond 400°C, the critical strain increases
monotonically with test temperature and the dominant deformation mechanism changes. ....... 144

Figure 5.17. SEM images of compressed pillars at 200 and 600°C. (a) Pillars tested at 200°C
fractured catastrophically. Fracture arises mainly from transgranular cracking, but intergranular
cracking was also observed. (b) For pillars tested at 600°C, no significant fracture was appreciable.
It appears that the strain was accommodated by change in internal structure based on the
observation of elongated grains. ..........cocviiiiiii i 145

Figure 5.18. Energy dispersive X-ray spectroscopy images. (a) Scanning TEM image of 3YSZ
showing clear grains and pore. (b) EDS mapping of zirconium. (c) EDS mapping of yttrium
showing yttrium segregation along the grain boundaries which may promote grain boundary
SIidiNg @S tEMPEIALUIE INCIBASES. .......eviitirieeieetiee ettt sttt ettt b bbbt e bbb sbenre s 145



Figure 6.1. XRD patterns of APS and DVC 7 YSZ coatings. (a) The dominant phase is tetragonal

prime (t ") zirconia for both TBCs, which is not transformable to monoclinic phase upon
compression owing to higher yttria concentration (8 wt%) and high rate deposition. (b) A

magnified view of XRD patterns in the range of 72 to 76° clearly distinguish the t“phase from
tetragonal (t) and CUDIC (C) ZIFCONIA. ......coiviiieiiieiieeie e 155

Figure 6.2. TEM images of APS and DVC YSZs showing grain sizes and preexisting cracks with
inserted selected area diffractions. (a) Bright-field TEM image of APS TBC with preexisting
cracks. Grain intercept method reveals an average grain size of 323+111 nm. (b) TEM micrograph
of DVC YSZ with clearly resolved intergranular cracks. The average grain size is 169445 nm.

..................................................................................................................................................... 156
Figure 6.3. (a-b) Plan-view SEM images of APS and DVC TBCs after polishing. (c-d) Cross-
section SEM images of APS and DVC TBCs after polishing. ..........ccccceevveiiieviiievieceeieieenns 157

Figure 6.4. SEM snapshots of micropillars (~1.5 um in diameter and ~3.3 um in height) during
in-situ compression tests at room temperature at a constant strain rate of 5x107 s showing typical
morphology evolutions at different strain levels. (a;-as) For the micropillars of APS TBC, no
cracks were observed at a strain of 6%, but the pillar fractured into two major pieces right after the
crack nucleation at a strain of 7.5%. (b1-bs) The DVC YSZ micropillars exhibit crack nucleation
at a strain of 6%. However, cracks slowly propagated downward into the pillar rather than showing
a catastrophic failure. (c) The stress-strain curve for APS YSZ exhibits a sudden load drop after
reaching an ultimate compressive strength of 5.8 GPa. On the other hand, the stress-strain curve
for DVC YSZ shows an ultimate compressive strength of 6 GPa at a strain of 7.5% followed by
gradual softening to a strain of 10%. See Supplementary Videos 1 and 2 for greater details. ... 158

Figure 6.5. Typical morphology evolutions of APS and DVC YSZ micropillars during in-situ
compression tests at 500°C. (ai-as) For the APS micropillar, a few prominent cracks were
generated at a strain of 14%. The large plastic strain was accommodated mainly by the dilation of
the top section of the pillar. (b:-bs) For the DVC micropillar, cracks were nucleated at an early
stage (7% strain), but gradually and slowly propagated into the pillar such that no catastrophic
failure was observed. (d) The corresponding stress-strain curves show the flow stresses for APS
and DVC TBCsare ~1.2 and ~1.6 GPa, respectively. The stress-strain curve for DVC TBC exhibits
local load drops induced by cracks during the compression test. See Supplementary Videos 3 and
4 TOr greater AtaNlS. ..o 159

Figure 6.6. SEM images of the pillars compressed at 500°C showing typical deformation-induced
morphology changes. (a) APS pillar compressed to a strain of 23% contains a few small cracks in
the prominently dilated pillar top. The orange box revealed a high-density of deformation bands.
(b) For the DVC pillar compressed to a strain of 23%, large cracks highlighted in the orange box
propagated vertically into the pillar, which did not show significant pillar top dilation. ........... 159

Figure 6.7. TEM analyses of the APS TBC pillar compressed at room temperature. (a) Bright-field
XTEM image of the fractured pillar. (b) A grain of the fractured pillar showing dislocations and
dislocation strain field obtained by two beam condition diffraction. (c) SAD pattern of a grain in
examined along [111] zone axis. Three {112} tetragonal variants were chosen to investigate the
relative incidence of each tetragonal variant. (d-f) Dark-field TEM images of the pillar top showing
three tetragonal variants (112), (121), @nd (211). ..cooceieriiiiiieieie e 160
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Figure 6.8. TEM analyses of the DVC TBC pillar compressed at room temperature. (a) Bright-
field XTEM image of the fractured DVC pillar. (b) A region of the fractured pillar containing a
high density of stacking faults. (c) High resolution TEM images and the inserted FFT confirming
the occurrence of stacking faults. (d) SAD pattern of the grain in Figure 6.8(b) observed along
[111] zone axis. (e-g) Dark-field TEM images of the pillar top showing relative incidence of three
TELrAgONAL VAITANTS. ...ttt bbbttt e bbb 161

Figure 6.9. TEM analyses of the APS TBC pillar compressed at 500°C. (a) Bright-field XTEM
image of the upper half of the deformed pillar. (b) A region of the deformed pillar showing a high
density of dislocations. (c) SAD pattern examined along [111] zone axis. Three {112} tetragonal
twin variants were chosen to investigate the appearance of each tetragonal variant. (d-e) Dark-field
TEM images of the pillar top showing two tetragonal variants (112) and (121). (f) The third
tetragonal variant (211) is largely abSent. .........cooviiiiiiiiiii e 162

Figure 6.10. TEM analyses of the DVC TBC pillar deformed at 500°C. (a) Bright-field XTEM
image showing overall structure of the deformed pillar containing cracks. (b) Fractured region of
the deformed pillar containing a high-density of stacking faults. (c) High resolution TEM of
stacking faults with inserted FFT. (d) SAD pattern showing {112} planes examined along the
[111] zone axis. Three {112} tetragonal variants were selected to conduct dark-field TEM
experiments. (e-g) Dark-field TEM images of the pillar top showing the absence of one tetragonal
variant in the deformed pillar top attributed to ferroelastic domain switching to the other two

tetragonal variants (€ and ). .....coveii o 163
Figure 6.11. SAD patterns on the APS and DVC pillars tested at 25 and 500°C. No cubic and
mMonoclinic phases WEre ODSEIVEX. ..........cc.civiii i 164

Figure 6.12. Numerous stress-strain curves for the numerous APS and DVC micropillars tested at
room temperature and 500°C at a strain rate of 5x102 sX. The X-shaped mark represents the
fracture strain. (a) The APS micropillars compressed at room temperature show scattered fracture
strengths (0.6 ~ 6.6 GPa) resulting from preexisting cracks and pores. (b) For the DVC pillars
tested at room temperature, fracture strengths are less dispersed, ranging from 3.9 to 6.6 GPa. (c)
For the APS TBC pillars tested at 500°C, the variation of fracture strengths decreases significantly,
and the average fracture strength is ~ 1.2 GPa. (d) The DVC TBC pillars tested at 500°C also
shows less variable fracture strengths (1.3 ~ 1.8 GPa) compared to that at room temperature with
an average fracture strength 0f 1.6 GPa..........cccccoi i 165

Figure 6.13. SEM images of (a) APS and (b) DVC pillars showing preexisting pores and cracks.
In general, pore and crack sizes of APS TBC pillars are larger than those of DVC TBC pillars.
..................................................................................................................................................... 166

Figure 7.1. XRD patterns and microstructure analyses of Mg-PSZ processed by spark plasma
sintering at 1700°C and 1850°C. (a-b) XRD patterns of Mg-PSZ sintered at 1700°C and 1850°C,
and subsequently heat-treated at 1100°C for different aging times (0, 0.5, 2, 4, and 8 hrs). For both
samples, t-phase starts showing up after 2 hr aging and m-phase emerges after 4 hr aging. (c) Phase
stability ratio of two samples as a function of aging time. A ratio of c- and t-phases to m-phase in
the sample sintered at 1700°C decreases significantly after 8hr aging. (d-f) SEM micrograph,
inverse pole figure and KAM map of Mg-PSZ sintered at 1700°C. The average grain size is 7 um
and significant residual stress is observed within grain interiors. (g-i) SEM micrograph, inverse
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pole figure and KAM map of Mg-PSZ sintered at 1850°C. The average grain size is determined to
be 30 um and residual stress is predominant along grain boundaries. ...........cccccevvviieiiernnnnnne 176

Figure 7.2. Determination of the residual stress in as-sintered Mg-PSZ at (a) 1700 and (b) 1850°C.
Plots of d spacing of the (311) plane versus sin?(¥) yields the tensile residual stress of 472 MPa
and 226 MPa for 1700Mg-PSZ and 1850Mg-PSZ, respectively. m is the slope of the linear
regression line and do is the unstressed d spacing of the (311) plane. .........ccccceveriiiiniinnnnnn. 177

Figure 7.3. TEM micrographs of as-sintered Mg-PSZ at 1700°C. (a-b) Bright-field TEM
micrographs of as-sintered Mg-PSZ showing clear c-matrix with low density of precipitates and
bend contours. (c-d) HRTEM micrographs showing the existence of t- and m-precipitates. (e-h)
HADDF image and EDS map of as-sintered Mg-PSZ showing uniform distribution of Mg
throughout the SPECIEMEN. ........iiiieie et re e e e reene s 178

Figure 7.4. TEM micrographs of Mg-PSZ sintered at 1700°C followed by 2 hr aging. (a) Low-
magnification bright-field TEM image showing the presence of lenticular precipitate indicated by
orange arrows. (b) Bright-field TEM micrograph of precipitates from an inserted box in Fig. (a),
showing two precipitates embedded in c-matrix. () HRTEM micrograph from the precipitate of
Fig. (b), showing the presence of t-and m-phases, confirmed by the inserted FFTs. (d-g) High-
angle annular dark field (HAADF) image and EDS map of 2 hr aged Mg-PSZ showing Mg
defiCIENCY 1N PrECIPITALES. ...ovvieieiieetie et nb e 179

Figure 7.5. TEM micrographs of Mg-PSZ sintered at 1700°C followed by 4 hr aging. (a) Low-
magnification bright-field TEM image showing the presence of lenticular precipitate (indicated by
orange arrows) and monoclinic variants. (b) HRTEM micrograph of monoclinic variants showing
twin-relation as evidenced by an inserted FFT. (c) HRTEM micrograph of c-matrix site showing
the presence of t- and o-phases, confirmed by inserted FFTs. (d) HRTEM image of the lenticular
precipitate, consisting mainly of m-phases confirmed by the inserted FFTs. (e-h) HAADF image
and EDS map showing the enrichment of Zr and deficiency of Mg in precipitates. .................. 180

Figure 7.6. TEM micrographs of Mg-PSZ sintered at 1700°C and subsequently aged for 4 hrs. (a-
b) Bright-field TEM micrographs showing the presence of twin-related monoclinic variants along
GrAIN DOUNGAITES. ...ttt e et e e s e e s e steeneesneesreeneesreenseeneens 180

Figure 7.7. Microindentation hardness and fracture toughness as a function of aging time for Mg-
PSZ prepared by spark plasma sintering at (a) 1700 and (b) 1850°C. Hardness of Mg-PSZ
decreases monotonically with increasing aging time for both specimens. Fracture toughness
reaches to the highest value when aged for 4 hrs and decreases thereafter. ...........cc.cccoevervennne. 181

Figure 8.1. Critical strain versus test temperature for FS and SPS 3YSZ. ......ccccoviivniiinnnn. 187

Figure 8.2. Flash sintering conditions and microstructure of the flash-sintered ZnO. (a) An electric
field of 60 VV/cm was applied to the ZnO green body under the isothermal condition (700°C). After
the onset of flash sintering, a current density of 10 A/cm? was applied for 60 s. (b) The power-
spike and abrupt linear shrinkage were observed at the onset of flash sintering. (c) The XRD pattern
of the sintered ZnO reveals a typical wurtzite crystal structure. (d) SEM micrograph of the as-
sintered ZnO from the positive side showing the typical granular morphology. () TEM
micrograph showing grains with an average grain size of 1.3 um, and nanovoids at the grain
boundaries. (f) Inverse pole figure crystal orientation map shows the polycrystalline nature of the
sintered ZnO with high angle grain boundaries. (g) Geometrically necessary dislocation (GND)
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map shows the average GND density of the flash-sintered ZnO at the positive side is
1.2 X L1012 172 ettt ettt 189

Figure 8.3. Sintering parameter and microstructure of the conventionally sintered ZnO. (a) Green
body ZnO was heated at a heating rate of 10 °C/min and held at 1100°C for 1 min. (b) XRD pattern
of the CS ZnO shows no considerable difference in texture and peak position when compared to
the FS ZnO. (c-d) SEM and bright-field TEM micrographs of the CS ZnO show a larger grain size
(~ 2 um) than the FS ZnO. (f-g) Inverse pole figure and GND map of CS ZnO showing average
GND density of 1.10 X 1012 7172, ..ottt 190

Figure 8.4. Microstructure of the FS ZnO at the negative and positive sides. (a) SEM image of the
FS ZnO at the negative side. (b) BF TEM image of as-sintered ZnO grains at the negative side. (c-
d) TEM micrographs of the FS ZnO at the positive side show stacking faults and grain size similar
10 the NEGALIVE SIAE......cuiieiieieiee ettt e bbb 191

Figure 8.5. In-situ microcompression tests on flash-sintered (FS) and conventionally sintered (CS)
ZnO at 25, 200, 400, and 600°C. (a) The FS ZnO micropillars have higher flow stress (1.2 GPa)
than that of the CS ZnO micropillar at 25°C. SEM snapshots of the FS ZnO pillar reveal cracks
generated at a strain of 10% and their downward propagation without a significant crack deflection.
(b) The flow stress of the FS ZnO decreased to 0.7 GPa when tested at 200°C. The flow stress of
the FS ZnO micropillars tested at 200°C is comparable to that of the CS ZnO micropillar. SEM
snapshots show the crack deflections along grain boundaries. (c) The CS and FS pillars tested at
400°C show similar flow stress, ~ 0.6 GPa and the stress-strain curves of the FS pillars have much
less serrations. Multiple small cracks along grain boundaries were observed. (d) At 600°C,
significant serrations were observed on the flow stress-strain curve of the CS pillars. Whereas there
are much less serrations on the flow stress of FS ZnO pillars, and intergranular cracks emerged
when ¢ = 5%. Crack density increased rapidly When &€ =5%. ........cccccooiiininiiieiniene s 193

Figure 8.6. SEM micrographs of the CS ZnO micropillars before and after compression tests at
room temperature to 600°C. (a) SEM image shows pillar morphology after compression at room
temperature. No high density of crack was observed. (b) After compression at 200°C, both
intergranular crack and shear-offset formation were observed. (c) The pillar tested at 400°C shows
intergranular fracture near top and severe dilation of the pillar at bottom. (d) After 600°C test,
intergranular fracture near top Was ODSEIVE. ..........cceiieiieieiie e 194

Figure 8.7. Microstructure of the FS ZnO micropillar compressed at room temperature (to a strain
of 14%). (a) Bright-field (BF) TEM image shows the upper half of the pillar exhibits a high density
of defects and transgranular cracks. The lower half of the pillar remains relatively intact. (b) Dark-
field (DF) TEM image of a grain in the upper region of the pillar shows a high density of
dislocations near a grain boundary. (c) High resolution TEM micrograph along the [1213] zone
axis shows the low angle grain boundary (9°) with a high density of dislocations. (d) Processed
high resolution TEM image shows the existence of abundant dislocations along (1010) planes
near the grain boundary. (e) Inverse pole figure of the fractured pillar confirms the transgranular
cracking and polycrystalline grains. (f) Kernel average misorientation (KAM) map shows high
degree of misorientation within grains near the fracture surface. () GND map shows the average
GND density of 1.97 x 1012 m™~2 after the compression test. A high density of GNDs is observed
near the fracture surface, crack tips, and grain boundaries. ...........ccccovveiviiiie s, 195
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Figure 8.8. TEM post-analyses of the CS ZnO micropillar compressed at room temperature. (a)
BF TEM micrograph shows an obvious transgranular crack. (b) A grain near the pillar top has a
high density of defects. (c) Weak-beam DF TEM image reveals that the high-density dislocations.
(d) DF TEM image also shows dislocations near a grain boundary. (e-f) High resolution and
processed TEM micrographs confirm the presence of dislocations. (g-h) Inverse pole figure and
GND map of CS ZnO micropillar showing high density of GND near a crack-tip. Average GND
density is determined to be 1.24 X 1012 72 ... e 196

Figure 8.9. TEM analyses of the FS ZnO micropillar compressed at 400°C. (a) BF TEM image
shows prominent dilation of the upper half of the tested pillar. Local grain separations are indicated
by green arrows. (b) DF TEM image of a grain in the upper deformed region shows a high density
of dislocations. (c-d) High resolution and FFT processed TEM micrographs along the [0001] zone
axis show high-density dislocations. (e) Inverse pole figure of the compressed pillar shows
insignificant changes in the grain shape after the compression test. (f) KAM map shows a high
degree of misorientation within grains in the upper half of the deformed pillar. (g) The average
GND density of the pillar is 1.65 x 102 m~2 when tested at 400°C. ..........cccoeveveverreeerreereennne 197

Figure 8.10. Microstructure of the FS ZnO micropillar deformed at 600°C. (a) TEM micrograph
shows obvious dilation of the pillar top. No significant grain separation was observed. (b-d) TEM
micrographs near the pillar top show dislocation networks, dislocation arrays, and stacking faults.
(e) Inverse pole figure reveals elongated grains (indicated by green arrows) at the upper half of the
pillar. (f) KAM map shows misorientation within the grains localized near the pillar top. (g)
Average GND density of the deformed pillar is 1.16 x 1012 m~2, comparable to that of as-sintered
74 11 J SRS 198

Figure 8.11. TEM post-analyses of the CS ZnO micropillar compressed at 600°C. (a) BF TEM
micrograph of the tested pillar shows the overall pillar morphology and obvious dilation at the
pillar top. (b-d) A high density of dislocations was observed by BF TEM and STEM micrographs
near a top portion of the compressed pillar. (e-f) Inverse pole figure and GND map of the CS
micropillar showing the presence of nanograins near pillar top. Average GND density is calculated
10 D8 1.08 X 1012 172 ettt 199

Figure 8.12. Variations of critical strain, GND density, and flow stress with test temperatures. (a)
The critical strain to detect cracks (blue triangle) and GND density (red square) decrease as test
temperature increases. (b) Flow stress (at a strain of 8%) for the flash-sintered and conventional
ZnO decreases with increasing test temperature. After 200°C, strength reduction is insignificant
for both types of ZNO SPECIMENS. ........cceiiiiiiecie et re e 199
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ABSTRACT

Zirconium oxide (zirconia, ZrO) is one of the essential structural ceramics for industrial
applications due to its superb strength and fracture toughness. ZrO> has three main polymorphs:
cubic, tetragonal, and monoclinic phase, depending on temperature, type, and concentration of
dopants. Stabilized zirconia with metastable tetragonal phase can transform into monoclinic phase
with ~ 4% volume expansion under an applied external stress. The tetragonal-to-monoclinic
transformation can hinder crack propagations by generating a compressive stress field near crack
field, thereby enhancing fracture toughness. In addition, other deformation mechanisms such as
dislocation activities, crack deflection, and ferroelastic domain switching can further enhance its
deformability. Bulk ZrO; is typically prepared by sintering at high temperatures over a long period
of time. Recently, field-assisted sintering techniques such as flash sintering and spark plasma
sintering have been applied to effectively sinter ZrO,. These techniques can significantly decrease
sintering temperature and time, and more importantly introduce a large number of defects in the
sintered fine grains.

The miniaturization of sample dimension can alter the mechanical properties of materials
by increasing the surface-to-volume ratio and decreasing the likelihood of retaining process-
induced flaws. The knowledge of mechanical properties of ZrO. at micro and nanoscale is critical
in that superelasticity and shape memory effect of ZrO> can be utilized for applications of actuation,
energy-damping, and energy-harvesting at small scale. Here, we performed in-situ
microcompression tests at various temperatures inside a scanning electron microscope to examine
and compare the mechanical properties of ZrO» prepared by flash sintering, spark plasma sintering,
plasma spray, and thermal spray. Detailed microstructural analyses were conducted by
transmission electron microscopy. The unique microstructures in ZrO; prepared by field-assisted
sintering largely improved their plasticity. Temperature and processing technique-dependent

underlying deformation mechanisms and fracture behavior of ZrO; are discussed.

23



CHAPTER 1. INTRODUCTION

Zirconium oxide (zirconia, ZrOy) is one of the widely used structural ceramics for industrial
applications. There are many techniques to consolidate ZrO» powder, including conventional firing,
spark plasma sintering, flash sintering, hot pressing, air plasma spray, e-beam physical vapor
deposition, and thermal spray. This thesis discusses the effects of some of these processing
techniques (with the focus on flash sintering and spark plasma sintering) on the mechanical
response of ZrOz, especially at the micrometric scale. This chapter provides a background review
on the microstructure and meso-scale and micro-scale mechanical properties of ZrO> prepared by

various techniques.

1.1. Polymorphism of ZrO2

ZrOz is a white crystalline oxide material that has three main polymorphs depending on
temperatures at ambient pressure: cubic, tetragonal, and monoclinic ZrO,. Cubic ZrO: is the high-
temperature phase, existing beyond 2370°C, and has the fluorite structure (Fm3m) with a lattice
parameter of 5.139 A, as shown in Fig. 1.1a [1]. Tetragonal ZrO2 (P42/nmc, Fig. 1.1b) is present at
intermediate temperatures (1200°C — 2370°C) and has a lattice parameter of 3.601 A for a constant
and 5.179 A for ¢ constant. The low-temperature phase, monoclinic ZrO, (P2:/c, < 950°C, Fig.
1.1c) has a lattice constant of 5.313 x 5.213 x 5.147 A and £=99.2°. Although ZrO; has
compelling mechanical, chemical, physical, and thermal properties, it was of less industrial
importance primarily due to phase transformation from tetragonal to monoclinic ZrO, at ~ 950°C
upon cooling. [1]. A volume expansion of ~ 4.5% occurs during the phase transformation and the
large volume change in ZrO> can cause a catastrophic failure in its service. However, in 1975, it
was found that the phase transformation can be hindered by adding lower valance oxides such as
Y203, MgO, CaO, and CeO> in ZrO, matrix [2—4]. Consequently, the metastable tetragonal and
cubic ZrO2, namely stabilized zirconia, is obtained at room temperature. Stabilized tetragonal and
cubic ZrO. have the same structure as that in pure ZrO., but they contain dopant cations and
oxygen vacancies to keep the charge balance [5]. The presence of oxygen vacancies plays a pivotal
role in stabilizing metastable phases at room temperature by allowing the relaxation of the cations

and anions to occur [6]. Depending on the concentration and type of dopants, distinct phases of
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ZrO; can be produced: partially stabilized-zirconia (PSZ, tetragonal ZrO; precipitates in cubic

ZrO, matrix), tetragonal zirconia polycrystal (TZP), and cubic zirconia [7].

(b)
Figure 1.1. Schematic representation of (a) cubic, (b) tetragonal, and (c) monoclinic ZrO [1].

1.2. Martensitic transformation

Although most of ceramics feature high strength and extremely low deformability [8],
tetragonal ZrO, shows both great strength and fracture toughness owing to martensitic
transformation occurring near a crack tip where stress is concentrated [9-11]. The martensitic
transformation in the ZrO> system refers to the phase transformation of tetragonal ZrO- (austenite)
to monoclinic ZrO, (martensite), which is induced either by mechanical stress or heating and
accompanies 4.5% volume expansion [11]. When the phase transformation is mechanically
induced, the consequent volume expansion can generate a compressive strain field that can retards
crack propagation, thereby enhancing the fracture toughness. Therefore, stabilized ZrO. with the
superb mechanical properties has been used for various applications such as engineering
components, medical devices, oxygen sensors, shape memory devices, thermal barrier coatings,
and fuel cells [12-14].

The martensitic transformation features a diffusion-less lattice shift. The shift occurs within
a temperature range starting from martensite start temperature (Ms) to martensite finish
temperature (My) rather than occurring at a specific temperature [11]. Fig. 1.2 demonstrates a
possible failure scenario for yttria stabilized zirconia (YSZ) during a thermal cycling owing to a
series of phase transformations [15]. During the sintering of YSZ at high temperatures, a stable
cubic phase (C) is formed (Fig. 1.2a). Thermally stable tetragonal ZrO, (T  in Fig. 1.2) can be
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introduced by the cooling process (Fig. 1.2b). As temperature rises, the thermodynamic stability
of T" decreases, and it decomposes into unstable tetragonal (T) and C (Fig. 1.2c and 1.2d). As Y
segregates along grain boundaries, lattices near grain boundaries have high enough concentration
of Y to stabilize C phase, while Y-deficient lattices becomes T with a high tetragonality [16]. As
aresult, T loses its stability at room temperature. Finally, thermally induced monoclinic phase (M)
accompanying large volume expansion forms from T upon cooling and causes material

degradation, such as crack formation and delamination (Fig. 1.2e).
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Figure 1.2. An example of phase transformation of ZrO caused by a thermal cyclic. (a-b) Cubic
phase (C) transforms into a thermally stable tetragonal phase (T") at room temperature on cooling.
(c-e) Thermally unstable T and C form on heating of T phase due to Y segregation along grain

boundaries [15].

Activation of martensitic transformation is known to be strongly dependent on temperature

and grain size [17]. Tetragonal ZrO; should be stable enough to retain its phase at room
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temperature, but, reversely, it should easily transform into monoclinic ZrO; under a mechanical
loading. Therefore, the retention of the optimal grain size in consideration of environmental

temperature plays a key role in enhancing the mechanical properties of ZrO..

1.2.1. Effect of temperature on martensitic transformation

The temperature dependence of the martensitic transformation can be thermodynamically
described [17,18]. The total Gibbs free energy change for martensitic transformation per unit
volume (AF,) can be expressed as [17],

AFy = AFy + AU, + AU, — AU, (1.1)
where AFy is the chemical-free energy change, AU, the strain energy change, AU, the surface
energy change, and AU, the change in free energy associated with an applied stress. This
mechanical term should be larger than the first three terms on the right-hand side of Eq. 1.1 for the
martensitic transformation to occur. The chemical-free energy term is written as [17],

AFqy = ASyy (T, —T) (1.2)
where AS,, is entropy change associated with martensitic transformation and T, is the temperature
at which tetragonal phase without matrix constraint transforms into monoclinic ZrO,. AU; is
assumed to be negligible. AU, is associated with volume expansion of embedded particles against
matrix constraint. Ms is lower than T, due to the presence of dopants in the matrix, and thus an
additional free energy change (AS,,(Ms — T,)) is given and should be overcome for the tetragonal
phase to transform into monoclinic ZrO; (Fig. 1.3). The total free energy change in the presence

of dopants is expressed as [17],

AF, = AS,,(Mg —T) — AU;. (1.3)
The mechanical energy change can be rewritten as,
AU, = o,eT (1.4)

where g, is the applied stress and €7 is the transformation strain. The critical stress () above

which martensitic transformation occurs can be expressed as [17],

ASy (Mg—=T)
— T — m\Us
Oq = 0, = —ET .

(1.5)

When T = M, spontaneous martensitic transformation starts without external stress (¢ = 0). As
T increases, Eq. (1.3) shows that the chemical energy change also increases (note that AS,,, < 0),

thereby requiring a more substantial external stress to overcome the free energy barrier for the
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martensitic transformation to occur. Also, the critical stress increases with the decrease in M, at a

given temperature.
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Figure 1.3. Free energy change required for martensitic transformation to occur as a function of
temperature. Embedded dopant plays a role in increasing the free energy barrier as much as the
strain energy change. As such, lower temperatures than Ms are required to obtain monoclinic ZrO-
[17].

1.2.2. Effect of grain size on martensitic transformation

For the martensitic transformation to occur at a lower stress, (a) a test temperature needs to
decrease to M, or (b) M, should increase to a test temperature. The factors affecting M are the
degree of tetragonality and grain size [17,19,20]. The martensitic transformation of ZrO. with a
higher tetragonality can occur at lower mechanical loading due to the increase in M [19]. The
degree of tetragonality is affected by the type and concentration of dopant. It was reported that
TiO, provides the highest tetragonality followed by CeO; and Y203 [7]. If the dopant type is the
same, a lower concentration provides the higher tetragonality [7,19]. The role of grain size is

directly associated with an internal residual stress. As temperature decreases during the cooling
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process, a local mismatch stress concentrated at grain corners and grain boundaries forms due to
an anisotropy in crystallographic thermal expansion coefficients (a, # a.) along with lattice
misorientation [17]. It is known that the internal residual stress (g;) increases with the increase in

the grain size (d) and the decrease in the distance from the grain corner (r) [17]:

d
0i = Or1EA (1.6)

where arg,4 1S the local mismatch stress at the grain corners and proportional to AaAT. Based on
the Egs. (1.5) and (1.6), the applied stress for the martensitic transformation to occur in the

presence of the internal residual stress can be expressed as,

o, =0l —0; = W. 1.7
The critical stress without the internal residual stress is given by,
ol = ASm(M3—T) (1.8)

C ET
where M2 is martensitic start temperature without internal residual stress. Substituting Eq. (1.7)
with (1.6) and (1.8) yields,

T
M, = M? _ JTEAC (1.9)

ASmTert
where 1., is the critical radius for the nucleation of monoclinic phase. The linear grain size
dependence of M, can be appreciated in Eq. (1.9). M, increases with the increase in the grain size
given that AS,,, is a negative value. The increase in M, allows the martensitic transformation to
start at a lower applied stress, as shown in Eq. (1.5). The grain size dependence of M, and the
martensitic transformation was also shown experimentally (Fig. 1.4). Different grain size of
tetragonal ZrO, doped by 12 mol% CeO, was prepared, and martensitic start temperature was
measured by a dual rod dilatometer [17]. Fig. 1.4a shows the good agreement between the
calculated M, and the experimentally measured M,. Fig. 1.4 exhibits the experimental evidence
for the effect of grain size on Ms by showing transformation zone. It shows that the larger grain

size triggers more martensitic transformation attributed to the decreasing M;.
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Figure 1.4. (a) Measured and calculated Ms of 12 mol% CeO--doped ZrO; as a function of grain
size. (b) The presence of the martensitic transformation zone near a crack tip. The bigger grain
size exhibits the larger transformation zone [17].

1.3. Several types of transformation-toughened ZrOz-bearing ceramics

Several types of ceramics containing tetragonal ZrO can be synthesized to enhance the
fracture behavior. For example, tetragonal ZrO precipitates are embedded in cubic ZrO- by doping
MgO as shown in transmission electron microscopy (TEM) image (Fig. 1.5a), and this type of
ceramic is called as magnesia-partially stabilized zirconia (Mg-PSZ). Fig. 1.5b shows a scanning
electron microscopy (SEM) image of a single phase of tetragonal ZrO>, also known as tetragonal
zirconia polycrystal (TZP). A composite of tetragonal ZrO, and Al.O3 named zirconia toughened
alumina (ZTA) is one of commonly used transformation-toughened ceramics and the typical
microstructure of ZTA is shown in Fig. 1.5c. This subsection describes the microstructural
characteristics of Mg-PSZ, TZP, and ZTA.
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Figure 1.5. (a) Bright-field TEM micrograph of PSZ showing lenticular-shaped tetragonal
precipitates in cubic matrix. (b) SEM image of TZP, and (c) ZTA [1].

1.3.1. Magnesia-partially stabilized zirconia

MgO is one of the most interesting dopants in that it can provide complicated microstructures
and intriguing mechanical properties, dependent on its thermal treatment and MgO concentration
[1]. 9 ~ 10 mol % MgO with balanced ZrO; is the most commonly used composition for industrial
applications to obtain Mg-PSZ, highlighted in the MgO-ZrO, phase diagram (Fig. 1.6). Mg-PSZ
has a lenticular shape of dispersed tetragonal ZrO> precipitates in a cubic phase matrix. This unique
combination can provide both high strength and fracture toughness that result from the cubic
matrix and tetragonal precipitates, respectively [1]. A cubic solid solution of the MgO-ZrO»
compound can be acquired at a sintering temperature of >1700°C, as shown in the phase diagram.
The nanosized tetragonal ZrO: precipitates in the cubic solid solution can form upon the
subsequent furnace cooling. Since martensitic start temperature is much below room temperature
when tetragonal ZrO- precipitates are in nanoscale, further heat-treatments are required to increase
the size and density of tetragonal ZrO; precipitates to the point that the martensitic transformation
can occur under a low external stress. There exist two possible aging methods: eutectoid aging
(1240°C - 1400°C) through the reaction in Eq. 1.10 or subeutectoid aging (<1240°C) through the
reaction in Eq. 1.11 [21];

c-ZrOz(ss) = t-ZrO2 + MgO (1.10)
C-ZrOx(ss) = t-ZrOz + MgO > m-ZrO, + MgO (1.11)
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where c-ZrOx(ss), t-ZrO2, and m-ZrO, are cubic solid solution, tetragonal, and monoclinic zirconia,
respectively. The eutectoid aging of the cubic solid solution can provide diffusion-controlled
tetragonal ZrO2 nucleation and coarsening, but this process has a sluggish nature [22]. On the other
hand, the subeutectoid aging can produce tetragonal precipitates more rapidly due to a higher
degree of undercooling. The process results in the formation of unfavorable monoclinic ZrO; at
the expense of t-ZrO>. However, it produces one of the toughest ceramics owing to the presence
of § phase (Mg2ZrsO12), which can grow at a tetragonal ZrO: interface. § phase can build
considerable strain on tetragonal ZrO> which facilitates the transformation to monoclinic ZrO.,
thereby retarding crack propagation.
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Figure 1.6. A phase diagram of the MgO-ZrOz system. The highlighted region is the commonly
used composition for industrial applications [1].

1.3.2. Yttria-tetragonal zirconia polycrystal

TZP has a single-phase tetragonal ZrO; stabilized by dopants like Y203 or CeOz. Y203 is
known as the most attractive dopant in that ~ 3 mol % Y (equivalent to 1.5 mol % Y20s3) is enough
to fully stabilize the tetragonal phase at room temperature, as shown in a phase diagram of the
Y203-ZrO, system (Fig. 1.7) [1,23]. Hence, extensive research has been currently dedicated to

YSZ, also known as Y-TZP. When prepared by conventional firing, the grain size of 3 mol %
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yttria doped zirconia (3YSZ) ranges 0.5 ~ 2 um in general. The grain coarsening of 3YSZ is
limited due to the chemical segregation of Y along grain boundaries, and thus inhibits grain
boundary migration (solute-drag effect). 3YSZ retains a matrix with a single phase tetragonal ZrO,
whose tetragonality is high enough to allow transformation-toughening to occur under a
mechanical loading. The tetragonality that directly impacts the fracture toughness of YSZ is an
adjustable factor through altering dopant concentration and grain size. Hence, several attempts
have been made to tailor the chemistry of Y concentration in ZrO, matrix for better fracture
behavior. A fracture toughness of ~17 MPa-v/m was achieved by decreasing Y203 concentration
to 1 mol % in nanocrystalline YSZ (~ 90 nm) [20]. Grain refinement is necessary here to maintain
the tetragonal phase because it reduces internal stress in grains that would otherwise trigger the
spontaneous transformation at room temperature. A small amount of the stabilizer, together with
grain refinement, can maximize tetragonality to the point just before spontaneous phase
transformation, such that a low stress can activate the transformation toughening. Furthermore, the
grain refinement can provide additional advantages such as higher strength and more crack
deflection. Another way to enhance the fracture behavior of YSZ is to add a different type of
dopant in the YSZ matrix. For example, the addition of Ta;Os as a dopant in YSZ can distort
tetragonal lattice, thereby enhancing the transformability of YSZ [19,24]. Since YSZ with
transformable tetragonal ZrO. has a superior fracture toughness owing to the martensitic
transformation, it can be used for structural applications such as industrial components and dental
blocks.

Meanwhile, it is also possible to stabilize ZrO> in the form of PSZ using Y20z, as shown in the
highlighted region of the phase diagram (Fig. 1.7). Y2Oz-stabilized PSZ is often referred to as Y-
PSZ. Despite thermodynamically feasible, Y203 is often not preferred as a stabilizer to fabricate
PSZ due to the requirement of ultra-high temperatures (~ 2000°C) to form the cubic solid solution,
higher than the temperature required for Mg-PSZ to form the cubic solid solution (~ 1700°C).
Secondly, the aging treatment of the cubic solid solution to grow tetragonal ZrO> precipitates is
performed at 1300-1400°C and it has the kinetically sluggish nature [1]. Therefore, it is more
favored to use Y203 as a stabilizer for Y-TZP rather than for Y-PSZ.
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Figure 1.7. A phase diagram of the Y20s3-ZrO> system [1].

In the Y-TZP system, as the concentration of Y.Oz increases to ~ 4.5 mol% (~7 wt %), the
matrix is still tetragonal ZrO», but its tetragonality decreases to the point where no more stress-
induced transformation occurs. This type of tetragonal ZrO: is called as the metastable tetragonal
prime phase (t'). Despite the absence of transformation toughening, the t* phase still exhibits a
fairly good fracture behavior. For example, 7-8 wt % Y20z stabilized zirconia (7YSZ) exhibits a

fracture toughness of ~ 3 MPa- v/m, more than twice the toughness of a single-phase cubic ZrO

(~ 1.2 MPa- v/m) [25]. This can be attributed to the ability of the t’ structure to ferroelastically
toughen the material [26-29]. The improvement of fracture toughness of 7YSZ can also be
achieved by adding an additional dopant to the YSZ matrix. For example, the addition of TiOz in
the 7YSZ matrix can enhance the fracture toughness by two folds as the increased tetragonality of
t" provides more efficient ferroelastic toughening [26,30]. The presence of the t’ phase in 7YSZ
maintains its high-temperature stability by suppressing the equilibrium tetragonal-to-monoclinic
phase transformation under the harsh environment (high temperature and pressure) due to the low
tetragonality, and yet it exhibits relatively good fracture behavior. The aforementioned properties
allow 7Y SZ to be an excellent candidate for thermal barrier coating (TBC) applications that require

high thermal stability and superb resistance to foreign object damage. Besides, YSZ has a low
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thermal conductivity and a high coefficient of thermal expansion (CTE) that matches well with a
metallic substrate [12,31-34].

1.3.3. Zirconia toughened alumina

ZTA usually consists of 10-80 wt % Al>O3 with the balanced ZrO». The brittle nature of Al2O3
can be mitigated by the presence of ZrO: in the matrix, and thus ZTA can retain the high strength
together with high fracture toughness comparable to that of Mg-PSZ and TZP. In general, the
phase of ZrO2 in ZTA can be either monoclinic or tetragonal ZrO. In the case of monoclinic ZrO;
in the ZTA system, the high fracture toughness can be obtained by microcrack toughening. When
Y203 or CeO stabilizes ZrO; in ZTA, high toughness can be achieved by the transformation
toughening. Tsukuma et al. fabricated Al.O3/Y-TZP (3 mol%) composite with a volume ratio of
7:3 using hot isostatic pressing [35]. The composite showed a bending strength of 1.6 GPa and
fracture toughness of ~6.5 MPa- v/m. They also prepared Al,03/Ce-TZP (12 mol%) composite
with a volume ratio of 7:3 by means of conventional firing and observed the bending strength of
850 MPa and toughness of 8.5 MPa- v/m, comparable to those of a single-phase TZP. Thanks to
high strength and fracture toughness that are usually mutually exclusive, ZTA has been utilized

for cutting tools, grinding media, and dental applications.

1.4. Mechanical behavior of stabilized ZrOz at mesoscale

1.4.1. Magnesia-partially stabilized zirconia at mesoscale

Mg-PSZ is one of the toughest ceramics known to the society. The inelastic behavior of Mg-
PSZ results from many factors that include transformation toughening, ferroelastic domain
switching, crack deflection, crack bowing, and microcrack toughening. For example, subeutectoid-
aged Mg-PSZ can exhibit a fracture toughness as high as 14 MPa- v/m with a flexural strength of
800 MPa owing to the transformation toughening [36]. Swain measured flexural strength and
fracture toughness using a four-point bending test and Vickers indentation test, respectively [36].
As-fired Mg-PSZ (9.4 mol%) with nanoscale tetragonal precipitates was aged at 1100°C for
various times, such that the effect of aging times on thermomechanical properties of Mg-PSZ can
be resolved. Fig. 1.8a shows the four-point bending tests on the as-fired Mg-PSZ, and the
subeutectoid-aged Mg-PSZ at 1100°C for 16 and 40 hrs. The as-fired and 16 hr-aged Mg-PSZ
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show linear elastic behavior and fractured at 500 and 600 MPa, respectively. The stress-strain
curve for the 40 hr-aged specimen starts to detach at a strain of ~ 0.18% from the other two curves,
indicating the occurrence of the inelastic deformation. Fig. 1.8b shows the flexural strength and
fracture toughness as a function of monoclinic content on the polished surface of the specimens
(polished surface monoclinic, PSM). The flexural strength reaches a maximum of 800 MPa at ~
12% PSM and gradually decreases after that. The maximum fracture toughness of Mg-PSZ (~ 14
MPa- v/m) can be obtained at ~ 20% PSM, and it declines rapidly after that due to the lack of
tetragonal precipitates. Fig. 1.9 shows 30 kg Vickers indentation marks on the 2 hr-aged, 16 hr-
aged, and 40 hr-aged Mg-PSZ. As aging time increases, the surrounding deformation in the vicinity
to the indent mark becomes more prominent. A high density of cracks propagating from the indent
edge can be observed from the 2 hr-aged Mg-PSZ. On the other hand, a high degree of surface
rumpling near the indent mark of the 16 and 40 hr-aged Mg-PSZ is observed, which results from
the volume expansion induced by the tetragonal-to-monoclinic phase transformation. However,
the microstructure difference among those specimens does not significantly affect the Vickers
hardness (~ 10 GPa).
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Figure 1.8. (a) Flexural strength of Mg-PSZ aged at 1100°C for 16 and 40 hrs. (b) Flexural strength
and fracture toughness of Mg-PSZ as a function of monoclinic content on polished surface [36].
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Figure 1.9. An indent mark and microstructure change in the surrounding region on Mg-PSZ aged
for different time: (a) 2h, (b) 16 h, (c) 40 h [36].

Lankford carried out compression tests on Mg-PSZ with a fracture toughness of 8.5 MPa- vVm,
a flexural strength of 600 MPa, and a Vickers hardness of 10.2 GPa [37]. The strain rate used in
this test was 10 s and acoustic emission (AE) was utilized to resolve the compressive damage
threshold. Fig. 1.10 shows a typical compression test on Mg-PSZ with a yield strength of 1190
MPa and an ultimate compressive strength of 1860 MPa. Acoustic emission occurs at the onset of
microfracture at a strain of ~ 2%. After yielded at ~ 0.6% strain, the plastic deformation region in
the stress-strain curve is highlighted by a high degree of serration and high capability of work-
hardening. Based on the assumption that the matrix phase of cubic ZrO2 does not plastically flow,
such a high inelastic behavior can be explained by the phase transformation of tetragonal
precipitates. Lankford attributed the existence of the high toughness and serrated behavior of Mg-
PSZ to the competition between the stress-induced and strain-induced phase transformation [37].
The stress-induced transformation can be triggered by elastic stress below the yield strength of the
parent phase, whereas strain-induced transformation can occur when the parent phase undergoes
slip after yield [38]. When Mg-PSZ retains the high tetragonality that results in the phase
transformation under a low-stress level (or test temperature is slightly higher than Ms), stress-
induced transformation can be dominant. When tetragonal ZrO, becomes over-stabilized due to
the increase in temperature, strain-induced transformation can be favored. The serrated behavior
in Fig. 1.10, thus, may be a consequence of competition between the two types of plasticity.
Compression tests with a high strain rate (0.8 s%) can strengthen this assertion by showing higher
yield strength (1619 MPa) and ultimate compressive strength (2073 MPa) [37]. Yield strength
remains the same when stress-induced transformation solely contributed to the plasticity, whereas
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strain-induced transformation is dependent on strain rate because the change in the parent phase

in strain rate influences the thermally activated slip system.
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Figure 1.10. A stress-strain curve for the compression test on Mg-PSZ and acoustic emission
counts as a function of strain [37].

1.4.2. Mesoscale mechanical behavior of Y-TZP

The mechanical behavior of polycrystalline Y-TZP (or YSZ) has been extensively studied after
the way to stabilize tetragonal ZrO, was discovered. Especially, Lankford et al. investigated the
deformation mechanism of polycrystalline YSZ at temperatures ranging from room temperature
to 800°C [39]. The increase in test temperature results in strength and toughness reduction for YSZ
due to the stabilization of the tetragonal phase [15]. Polycrystalline 3YSZ cylindrical compression
specimens with 9 mm long and 4.5 mm diameter were prepared, and compression tests were
carried out at different temperatures (Fig. 1.11). The specimen tested at 23°C with a strain rate of
10° st exhibits a failure stress of 3.5 GPa and a failure strain of 3%. The high failure strain results
from the martensitic transformation, as evidenced by Fig. 1.11b, showing surface rumpling due to

the volume expansion. It appears that transformation induced-plasticity begins from 2.6 GPa,
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where the curve loses its linearity. It is worthwhile to mention that the critical stress at which
martensitic transformation initiates for mesoscale YSZ (2.6 GPa) is quite higher than that for
microscale YSZ (~ 1 GPa), which will be shown in Chapter 1.5. When the critical stress is high
enough to bring about the failure, the competition between transformation induced plasticity and
the formation of crack takes place, and YSZ exhibits the early fracture as compared to microscale
YSZ (~ 8% failure strain). As the test temperature rises to 800°C, the strength decreases, and the
specimen fails at 1.2 GPa. On the other hand, the deformability of YSZ increases as temperature
increases by the thermally activated inelastic mechanism. Figs. 1.11c and d show SEM
micrographs of YSZ deformed at 800°C, describing the evidence of grain boundary sliding by
intergranular crack and visible grain boundaries in the deformed area. In contrast, it is hard to

observe grain boundaries in the undeformed area.

@ 4 (b)

2000~
(MPa)

' 1 1 1 l 1 1 1 1 e l
{a) 0.01 0.02 0.03 0.04 0,05 0.06 0.07 0.08 0.09 0 ym

Figure 1.11. (a) Stress-strain behavior of YSZ tested at 23, 400, and 800°C with a strain rate of
1x10° %, (b) Differential interference contrast view after compression at 23°C with a strain rate
of 10° s, showing surface rumpling by the martensitic transformation. (c) SEM micrograph of
YSZ deformed at 800°C with a strain rate of 10° s, showing the evidence of grain boundary
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sliding by intergranular crack and visible grain boundaries in the deformed area. (d) High-
magnification SEM image showing cavitation along the grain boundaries [39].

1.5. Mechanical behavior of stabilized ZrOz at microscale

Currently, it is elucidated that miniaturization of stabilized ZrO> to the microscale permits the
stress-induced transformation at a low external stress without fracture [14]. While stabilized ZrO>
exhibits a failure strain of 3% at mesoscale, at microscale, stabilized ZrO> shows that of 8%. Also,
superelasticity and shape memory effect are observed at microscale, attributed to the significantly
enhanced effectiveness of the martensitic transformation and less population of intrinsic
microcracks [40-47]. This discovery suggests a new paradigm for ceramic materials to be used in
microelectromechanical and nanoelectromechanical systems [48].

Micropillar compression test is a unique technique to investigate the mechanical behavior of
materials at a small scale, which ranges from micrometer to nanometer. Especially, when this
technique applies to ceramic materials that are usually brittle in bulk size, the plastic flow of the
brittle ceramic materials can be studied without applying a confining pressure via hydrostatic or
gaseous medium [49]. The decrease in intrinsic defect population and strain gradients obtained by
a miniaturization of specimen prevents brittle materials from premature failure, thereby permitting
plastic flow [50]. Furthermore, the decrease in specimen size means the increase in surface area to

volume ratio, leading that a relatively large ratio of free surface can relax the external stress [14].

1.5.1. The effect of the tetragonal phase in mechanical behavior

Camposilvan et al. compared the mechanical behavior between tetragonal YSZ and degraded
YSZ to monoclinic phase at the microscale [51]. Monoclinic ZrO; was prepared by hydrothermal
degradation in a pressure reactor. The transformation of the tetragonal-to-monoclinic phase
occurred from the surface of the specimen and penetrated down to 13 um (Fig. 1.12a). It turns out
that the degraded (DEG) region consists of 85% monoclinic and 15% non-transformable cubic
phase, which formed in the previous sintering process. The cross-sectional morphology of the DEG
region is rough due to the monoclinic uplift and microcrack formed along the grain boundary. 0.3,
0.7, and 3.3 um micropillars in the DEG region and as-sintered (AS) region were milled using a
focused ion beam (FIB) to study the size effects. Figs. 1.12b and ¢ show the metastable tetragonal
and monoclinic dominant micropillars, respectively. Fig. 1.12d shows numerous stress-strain

curves for the microcompression tests on DEG and AS specimens with different diameters. It is
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observed that AS specimens composed of the transformable tetragonal phase exhibit high failure
stress (6 ~ 7.5 GPa) and strain (6 ~ 8%). These values are incredibly high compared to their bulk
counterpart, exhibiting the failure stress of ~ 4 GPa and the failure strain of ~3% [39]. It is also
shown that the failure strain increases with the decrease in diameter. On the other hand, DEG
micropillars exhibit a failure stress of 2 ~ 4 GPa and a failure strain of 2 ~ 4% except for a DEG
0.3 um micropillar, showing ~ 6.5% failure strain. The degradation of mechanical properties in
DEG pillars is attributed to: (a) loss of the martensitic transformation and (b) preexisting
microcracks induced by volume expansion that occurred during the hydrothermal degradation. The
reason for the DEG 0.3 um micropillar to exhibit the exceptionally large failure strain is that the
preexisting microcracks along the grain boundary are rare because the pillar size becomes smaller
than the grain size (350 nm).

In summary, this study shows the effect of the martensitic transformation and preexisting
microcracks in the mechanical properties of ZrO» at microscale. Interestingly, the monoclinic ZrO-
exhibits the failure strain of ~ 4% at microscale, higher than that of 3% for tetragonal ZrO; at
macroscale. Therefore, decreasing the specimen size to microscale plays a critical role in
enhancing the toughness of ZrO», by reducing the number of intrinsic cracks and relaxing external

stress towards the free surface.
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Figure 1.12. (a) SEM image of hydrothermally degraded 3YSZ. Micropillars were fabricated in
the upper region, which contains the monoclinic phase dominantly. (b) metastable tetragonal
dominant micropillar (c) monoclinic dominant micropillar. (d) Stress-strain curves for the
microcompression tests on DEG and AS specimens with different diameters. X-shaped mark on

the curves stands for catastrophic failure.

1.5.2. Orientation dependent martensitic transformation

The orientation dependence of the martensitic transformation is a crucial factor to maximize
the mechanical properties of stabilized ZrO,. There are several studies on the orientation
dependence study employing the nanoindentation technique, but the usage of nanoindentation
limits our understanding of deformation mechanism, fracture morphology, and stress-strain
relationship [52,53]. A simulation study for the orientation-dependent deformation mechanisms in
single crystal YSZ shows that dominant deformation mechanisms (slip and transformation) are
governed by crystallographic orientation [54].

Zeng et al. carried out microcompression tests on YSZ pillars with different orientations [46].
This study clearly shows the strong orientation dependence of deformation mechanisms that
include slip, phase transformation, and fracture. The specimen prepared in the study is tetragonal
ZrO; stabilized by 2 mol % Y203 and 5 mol % TiO». The addition of TiO2 in YSZ promotes grain
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growth during the sintering process, such that it is relatively easy to fabricate a single crystal
micropillar [55]. Fig. 1.13 shows tetragonal ZrO with a grain size of ~7 pm and crystallographic
orientation for each grain analyzed by electron backscatter diffraction (EBSD). A micropillar was
fabricated in a grain to obtain a single orientation (Figs. 1.13c and d). Fig. 1.13e shows a schematic
representation of the microcompression test. For the martensitic transformation to happen to this
micropillar, the mechanical energy should be larger than the sum of the chemical-free energy
change, the surface energy change, and the strain energy change. The applied stress in the

mechanical term can be expressed as,

_ Oshear
Oa = cos(8)cos (1) (1'12)

where 6 and A are an angle of applied stress with the glide plain and the glide direction,
respectively. Since the mechanical term is a function of the Schmid factor (SF), the critical stress

has a strong orientation dependence.
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Figure 1.13. (a) SEM image of 5 mol % TiO> doped 2YSZ showing large grain size enough to
fabricate a single crystal micropillar. (b) EBSD map of 5 mol % TiO> doped 2YSZ. (c-d) low and
high magnification of a micropillar retaining a single orientation. (e) schematic representation of
the micropillar compression test [46].
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Fig. 1.14 shows the stereographic triangle of tetragonal ZrO; on which transformed,
fractured, and slipped micropillars were marked. When slip takes place in a pillar, a plateau region
forms followed by a load drop. On the other hand, the martensitic transformation features a sudden
displacement plateau induced by volume expansion (~ 4%) and the subsequent loading increment.
Martensitic band is also observed around the free surface of the micropillar after compression. A
fractured micropillar exhibits a sudden load drop without a plateau region. Micropillars with
orientations of [100] and [001] require immense stress to exhibit the transformation, and thus
fracture takes place before the occurrence of the phase transformation. Micropillars with
orientation of [110] shows slip rather than the fracture and the martensitic transformation due
primarily to the maximum resolved shear stress that can be obtained along [110] orientation.

However, micropillar along [101] exhibits the early occurrence of the martensitic transformation.
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Figure 1.14. (a) Stereographic triangle of tetragonal ZrO». Round, cross, and triangle-shaped marks
represent transformed, fractured, and slipped micropillars, respectively. (b) Slipped micropillar
after compression with a corresponding load-displacement curve. (c) transformed micropillar after
compression with a corresponding load-displacement curve. Plateau represents transformation
induced displacement-burst. (d) fractured micropillar after compression with a corresponding load-
displacement curve [46].
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Fig. 1.15 shows measured critical stresses as a function of maximum SF. If SF is larger
than 0.3, a micropillar exhibits the martensitic transformation at a lower stress level, which is not
enough to cause fracture and slip. When SF is less than 0.1, a micropillar only exhibits fracture or
slip. For SF between 0.1 and 0.3, it appears that a micropillar exhibits both transformation and
crack (Fig. 1.15b), meaning a gradual transition of the deformation mechanism. The stress level of
the martensitic transformation and fracture for SF between 0.1 and 0.3 seems similar enough to
trigger both deformation mechanisms simultaneously. The current study on the orientation
dependence of mechanical properties of stabilized ZrO> is valid at room temperature. When the
test is carried out much above Ms, the deformation mechanisms may be completely different.
Hence, the investigation on the microscale-deformation mechanisms at the elevated temperature
at which martensitic transformation is inoperable needs to be carried out for future applications.
For example, the fracture can be retarded with the assistance of other inelastic deformation
mechanisms such as grain boundary sliding and diffusional creep. Besides, ferroelastic domain
switching induced by external stress is one of the possible deformation mechanisms for single
crystal YSZ [56]. Given that ferroelastic domain switching can still be operable at high

temperatures (~ 1000°C), it can be one of the governing deformation mechanisms as well.
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Figure 1.15. (a) Measured critical stress at which martensitic transformation takes place versus the
maximum Schmid factor. The phase transformation takes place at lower critical stress when the
Schmid factor is larger than 0.3. (b) SEM images of a micropillar that exhibits both transformation
and crack due to the intermediate level of the Schmid factor [46].
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1.5.3. Shape memory and superelasticity

The most exciting characteristic of tetragonal ZrO- is the shape memory effect owing to the
martensitic transformation [14,57]. The shape memory effect is usually shown in metallic
materials, whereas ceramic materials usually fail at a low stress before triggering the martensitic
transformation. Although tetragonal ZrO; exhibits the shape memory effect, it fails at a strain of
2% after a few cycles of the transformation [57]. However, the miniaturization of tetragonal ZrO>
can prevent it from cracking and eventually permit to reach a critical stress for the transformation
to occur before fracture. Lai et al. showed the shape memory and superelasticity of cerium oxide
doped YSZ at a small scale [14]. They fabricated micropillars retaining only several grains (also
known as oligocrystalline) to increase stress relaxation towards the free surface and decrease
mismatch stress among grains during the martensitic transformation. Microcompression tests were
carried out on 1~2 um diameter micropillars, and the results are shown in Fig. 1.16. Sudden strain
bursts in plateau regions are attributed to the forward and reverse transformation resulting in ~ 4%
volume expansion and contraction (Fig. 1.16a). The micropillar exhibits a linear behavior up to a
critical stress level and a tremendous maximum strain (7%). During unloading, the micropillar
exhibits the full recovery of 7% strain with several strain bursts due to reverse transformation. Fig.
1.16b shows stress-strain curves for the cyclic loading test. It shows that the curve becomes
stabilized after 10 cycles as the cyclic tests proceed, and it can retain pristine shape up to 50 cycles
without failure. Figs. 1.16c-e show 1 wm micropillar exhibiting shape memory effect. As an
external load is applied, a micropillar plastically flows, which is rarely observed in ceramic
materials at room temperature. After heating at 500°C for 2 h, the micropillar recovers its original
shape through the reverse transformation.
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Figure 1.16. (a) Stress-strain curve for a microcompression test on oligocrystalline micropillar
showing superelasticity owing to the martensitic transformation. Sudden increase of strain (plateau
regions) is due to the forward and reverse transformation during loading and unloading,
respectively. (b) Stress-strain curves for the cyclic loading tests. The curves become stabilized as
the cyclic tests proceed. (¢) SEM image of the micropillar before compression. (d) SEM image of
the micropillar after compression. (¢) SEM image of the micropillar after heating at 500°C for 2 h.
It exhibits a shape memory effect [14].

1.5.4. Size effect on shape memory behavior

As a follow-up study on the shape memory effect of YSZ, the effect of micropillar size in the
shape memory effect was carried out by Du et al. [45]. They prepared micropillars of tetragonal
ZrO with a diameter ranging from 0.5 to 3.0 um. Fig. 1.17 shows a schematic representation of
micropillars with different diameters. If the diameter is smaller than the average grain size (1.7
um), the number of grains in the micropillar is only several, thereby exhibiting bending and
significant plastic deformation due to the absence of mismatch stress among grains during the
martensitic transformation. On the other hand, a micropillar with a diameter of 2.8 um retains
many grains and grain boundaries, which lead to mismatch stress during the martensitic

transformation. Each grain has a different orientation, and thus the critical stress for the initiation
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of the martensitic transformation is different. Thus, incommensurate transformation of different

grains results in mismatch stress, leading to the development of intergranular crack.
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Figure 1.17. (a-c) A schematic representation of micropillars with different diameters (d = grain
size). (d-f) SEM images of compressed micropillars. A micropillar with a smaller diameter exhibits
plastic deformation due to the martensitic transformation. A micropillar with larger diameter fails
due to mismatch stress among grains during the martensitic transformation. (g-i) Corresponding
load-displacement curves. Strain bursts result from the martensitic transformation [45].

1.6. Consolidation methods

The conventional way to synthesize ceramic materials is to heat a powder compact at
elevated temperatures below the melting point of major constituent for a few hours to trigger solid-
state diffusion. Recently, attempts to develop several alternative consolidation methods have been
made to (a) save energies by decreasing sintering temperature and sintering time and (b) enhance
optic, electric, magnetic, and mechanical properties of ceramics by removing detrimental pores,
nanovoids, and significantly reducing the grain size. So far, the most promising solutions appear

to be the field-assisted sintering techniques that include flash sintering and spark plasma sintering.
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This subchapter introduces several consolidation methods other than conventional firing and

describes the principle of those sintering mechanisms.

1.6.1. Flash sintering

Cologna et al. reported the first validation of flash sintering in 2010, who fully densified a
YSZ green body at 850°C in 5 s in support of a DC electric field [58]. Typically, YSZ can be
consolidated at sintering temperatures of ~ 1400°C for several hrs. Flash sintering, one of the field-
assisted sintering techniques, can considerably reduce furnace temperature as well as sintering
time. Given that most ceramics have negative temperature coefficients of electrical resistance, the
combination of furnace heating and electric field can yield a ultra-rapid densification when the
material becomes electrically conductive at the onset of the flash event. Since the first report of
flash sintering, many ceramic systems have been successfully prepared by flash sintering, which
include YSZ, ZnO, TiO2, CeO2, SrTiOs, BiFeOs, MgTiOs, Al20Os, and composite materials [59—
68].

1.6.1.1. Experimental setup

An experimental setup for flash sintering requires a furnace, a power supply, and electrodes as
shown in Fig. 1.18a. Two sides of a green body are connected by two electrodes with high electric
conductivity, superb oxidation resistance, and high melting temperature. Several candidates for
the electrodes that meet the aforementioned requirements are Pt, C, Ag, and Au. The shape of a
green body can vary and affect the sintering behavior [69]. The most frequently used shape of the
green body is dog-bone (Fig. 1.18a), cylinder (Fig. 1.18b), and rod (Fig. 1.18c). A moderate
electric field applies to a green body placed in the furnace with a ramp heating (also known as
stage ). Once a sudden increase of electric conductivity occurs at the onset of flash (Stage I1), the
voltage control mode is switched to the current control mode to prevent a thermal runaway (Stage

[11). Massive densification occurs at stage 11, and the grain growth is favored at stage I11.
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Figure 1.18. A flash sintering set up with a green body of (a) dog-boned shape, (b) cylindrical
shape, and (c) rod shape.

1.6.1.2. Flash sintering mechanisms

Since most ceramics are electrically insulated at low temperatures, the power generated within
the ceramic green body at stage | (Fig. 1.19) under the voltage control can be calculated by
w=E?/p (1.13)
where w is the specific electric power dissipation in the sample, E is the electric field, and p is the
resistivity of the sample. As the sample temperature increases in a furnace, the resistivity of the
sample begins decreasing due to the negative temperature coefficients of electrical resistance,
which, in turn, leads to the gradual increase in the power dissipation as shown in Fig. 1.19¢. Once
the sample temperature reaches the onset point, a large amount of current starts flowing across the
specimen, and thus the sample flashes (stage I1), as shown in Fig. 1.19b. The onset temperature of
flash is strongly dependent on the electric field. In general, a higher electric field results in the
onset of flash at lower furnace temperature. The specific power dissipation at the onset of flash
can be given as,
w=EJ (1.14)
where J is the current density. At stage Il, the typical power dissipation at the onset is 10 ~ 50
mW/mm?3[70], and a thermal runaway of Joule heating and rapid densification occur in the sample.
After the voltage control switches to the current control (stage Ill), grain coarsening and the
residual densification can occur. The power dissipation in this stage can be calculated as,
w = J?p. (1.15)
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Figure 1.19. Plots of (a) electric field, (b) current density, and (c) powder density as a function of
time during a typical flash sintering experiment.

Although the society reaches to the agreement that a thermal runaway of Joule heating causes
the flash event, it is still not clear whether there exist other contributing factors to the concurrent
occurrence of electrical carrier movement, rapid mass transport, and photoemission. Todd et al.
and Zhang et al. introduced a simple concept in which the flash event occurs due to the competition
between the heat generated by Joule heating and the heat dissipated from the sample [71,72]. Once
the combination of the electric field and furnace temperature is such that electric current can flow
across the specimen, Joule heating is produced in the sample. When the heat generated by Joule
heating is higher than the heat dissipated from the sample, the sample temperature surplus from
Joule heating can be considered as given by [73],

EZVd_J > aQ(Ts'Tf)

ol o (1.16)
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where V is the volume of the sample, o is the conductivity of the sample, Ts is the sample
temperature, Tt is the furnace temperature, and Q(TS,Tf) is the heat dissipation rate from the

sample. The second derivative of Eq. 1.16 with respect to temperature yields

d*c 0%Q(Ts,Ty)

E%V
arzlr, ATs?

(1.17)

In the case where the heat generation rate by Joule heating is higher than the heat dissipation rate
of the sample, the increase in the sample temperature will be maintained, which can, in turn, lead
to a positive feedback loop or a thermal runaway of Joule heating. At this stage, the sample
temperature precipitously increases at rapid heating rates (>10* °C/min), and the ultra-fast
densification occurs in a few seconds [74].

The very first mechanism proposed to explain flash sintering was the formation of Frenkel
defects [75-78]. The Frenkel pair forms when an atom leaves its site and resides in interstitial sites
of the lattice. When the combination of electric field and temperature is such that interstitials and
vacancies form by electric-field induced lattice disorder, the high density of Frenkel pair triggers
an avalanche of defects. The reactions of Frenkel pair formation for an oxide system are given as,

ME - M; + vy (1.18)

0f -0/ +V; (1.19)
where M is the metal species, and V is the vacancy. The Frankel pairs produced by electrical
potential can be ionized again to produce the neutral defects, electron holes, and electrons and
migrate in response to the applied electric field. Interstitials generated from the reaction of defect
ionization migrate to the pores, whereas neighboring grain boundaries or free surfaces absorb
vacancies, and thus the rapid densification occurs. This hypothesis is attractive in that it can
adequately explain concurrent phenomena occurring during the flash event. For example,
Photoemission observed at stages Il and 111 can be explained by the combination of electron holes
and electrons [79,80]. However, direct experimental evidence to support this hypothesis is still
lacking.

Another mechanism proposed for flash sintering is local grain boundary melting or overheating
[81-84]. Grain boundaries have a high diffusion coefficient and space charge, which can lead to
higher electrical resistance than a lattice counterpart [85]. Besides, at stage I, the interfacial neck
area between two particles is much smaller than the grain interior, and thus the local current density

increases abruptly in the necking area compared to the lattice counterpart [69]. If the power
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dissipation at the interparticle region is high enough to melt grain boundaries, the electrical
conductivity of the specimen may significantly increase two orders of magnitude more than a
specimen without a melting phase [86]. The enhanced electrical conductivity can eventually induce
the flash event of the specimen. The temperature gradient between grain boundaries and grain bulk
can result in minimizing the grain boundary energy [87]. If hot grain boundaries migrate to cold
grain bulk, the grain boundary energy increases, which is a thermodynamically unfavorable
direction. Therefore, the driving force for grain growth is limited, and thus densification occurs in
the absence of significant grain coarsening, which indeed is commonly observed in flash-sintered
ceramics. As an experimental evidence of grain boundary melting during the flash, there are
several reports on the formation of secondary phase along grain boundaries in flash-sintered
ceramics. For example, Morisaki et al. observed grain boundary second phase in flash-sintered
monoclinic ZrO> [88]. Uehashi et al. showed the formation of the secondary phase of BaTisOg in
the grain boundary of flash-sintered BaTiO3 [89].

Lastly, the improved mobility and electrical conductivity of ionic species due to the
electrochemical reduction can be responsible for flash sintering. The electrochemical reaction was
reported on flash-sintered cubic ZrO» (8YSZ) under DC polarization [90]. If the external electric
field is higher than the intrinsic electrochemical reduction potential for ZrO2, oxygen in the oxygen

site at the anode gives up two electrons and creates an oxygen vacancy, as shown in Eg. 1.20 [91].
08 > Vs +50,(g) + 2¢’ (1.20)
The electrons produced by the electrochemical reduction in cubic ZrO, flow through the external
circuit. The positively charged oxygen vacancies created at the anode migrate towards the cathode
across the sample in response to the electric field. The reverse reaction (Eg. 1.21) occurs between
the electrode and the sample at the cathode to consume the products of the reaction in Eq. 1.20.
Vs +30,(g) +2¢' - 0F (1.21)
If the oxidation rate to restore the oxygen site is lower than the reduction rate due to Pt electrode

limiting the access of oxygen gas, the charged oxygen vacancies start to accumulate at the cathode,

and the new reaction to consuming the charged vacancies is triggered as given by,

V5 + 2e' = V. (1.22)
The discharged oxygen vacancies incorporated in the lattice results in the reaction as given by
6Vo + 210, = Zr0,_s. (1.23)
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The formation of the reduced ZrO: is responsible for the electrochemical blackening (Fig. 1.20)

that occurs at the cathode and propagates towards the anode at stages Il and I1I.

200 pm
Figure 1.20. Flash sintered single-crystal 8YSZ (100) showing electrochemical blackening from
(a) plan-view and (b) cross-sectional view [90].

The electrochemical reaction can explain the significant decrease in the electrical resistivity at
the onset of flash. As the reduction reaction front (electrochemical blackening regime) propagates
from the cathode to the anode, the electronic disorder forms, and thus results in the enhanced
electrical conductivity [92]. Furthermore, the electrochemical reaction can be responsible for the
enhanced mass transport. It was reported that the discharged oxygen vacancy and the reduced
metal species produced under the electric field have the low migration energy, and thus it
contributes to the rapid densification [83,93]. These ideas can be supported by (1) the direct
measurement of the electric conductivity of reduced YSZ [94] and (2) the observation of grain size
gradient across the electrodes in flash-sintered 8YSZ [95]. It was reported that the blacked YSZ
has significantly higher electric conductivity than non-reduced YSZ [94]. Kim et al. reported that
8YSZ treated under DC electric field shows abnormal grain growth on the cathode side due to the

migration energy reduction of the reduced species, as shown in Fig. 1.21 [95].

Figure 1.21. 8YSZ subjected to 50 A/cm? showing the abnormal grain growth on the cathode side
[95].
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1.6.2. Spark plasma sintering

Spark plasma sintering (SPS) utilizes an electric current and uniaxial pressure to consolidate
metallic and ceramic powders. SPS is often referred to as several different names that include pulse
electric current sintering (PECS), field-assisted sintering technique (FAST), plasma-assisted
sintering (PAS), and electric pulse-assisted sintering (EPAC) [96]. As several names indicate, SPS
features the use of high pulsed direct currents passing through a graphite die and a sample that can
generate Joule heating. A raw powder is loaded in a graphite die (Fig. 1.22) and pulsed DC flows
through the graphite die and the raw powder in the case where the sample is electrically conductive.
In most case the SPS process is conducted in a low vacuum atmosphere (102 ~ 10~ torr) to prevent
oxidation of graphite. The sintering temperature is measured by a pyrometer aiming at a hole of
the graphite die (when the test temperature is =1000°C) or a k-type thermocouple inserted through
a hole of a graphite punch (when the sintering temperature is <1000°C). Meanwhile, A pressure
up to 1000 MPa can be applied to the powder in order to stimulate the consolidation process. The
generated Joule heating from the graphite die offers a high heating rate of ~ 1000 °C/min, which
enables to by-pass the grain coarsening regime (surface diffusion and evaporation-condensation
dominant) at intermediate temperatures and ultimately reach to the densification regime at high
temperatures, dominated by grain boundary and lattice diffusion of atoms. Hence, SPS enables the
achievement of the theoretical density of materials with insignificant grain growth, and eventually
reduces sintering time to less than an hour and decreases sintering temperature by 100 ~ 400 °C
than that required for conventional sintering [97]. Due to the superb capability of SPS of
consolidating materials efficiently in terms of sintering time and temperature, it has been utilized
for a various class of materials such as metals, intermetallic, ceramics, and composites [98-102].
Furthermore, depending on sintering parameters such as the heating rate, pressure, and current,
which directly impact on the microstructure, spark plasma sintered materials can exhibit much
improved mechanical properties, optical properties, electrical properties, magnetic properties, and

oxidation resistance [103-109].

55



Pulsed ! m—+ Pow:der
DC : 1

el «
Graphite Graphite
punch die
Pressure

Figure 1.22. A schematic representation of SPS.

A distinctive feature of SPS over conventional sintering and hot-pressing is the existence of
the electric current contributing densification in both thermal and non-thermal ways. The thermal
nature of the electric current can provide gradient temperature distribution that results in thermal
diffusion of vacancies, interparticle local melting, and thermal stress-induced dislocation creep,
which eventually contributes to the rapid densification. Given that most ceramics have negative
temperature coefficients of electrical resistance, the role of the electric current in densification is
not limited to the generation of Joule heating. When the sample temperature is high enough for the
electric current to flow through the sample, the current exerts a non-thermal effect that can directly
influence the mass transport through the mechanisms of electroplasticity and electromigration [97].
Therefore, in this subchapter, not only heating rate and pressure, but the current effect on the

microstructure is also discussed.

1.6.2.1. Heating rate

The effect of heating rate in the SPS has been investigated for many systems, and it produces
somewhat conflicting results even in the same class of material. In many studies, the goal is to
limit grain growth and achieve near full-density. Some studies on the heating rate effect on grain

growth kinetics of Al>Oz show that the grain size decreases with increasing the heating rate [110-
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112]. For example, Shen et al. showed the effect of heating rate on densification and grain growth
of Al;Oz processed by SPS at various heating rates (50-600 °C/min) and two maximum
temperatures (1300 and 1400°C) [111]. When the heating rate is < 350°C/min, fully dense Al;O3
was obtained, whereas porous structure was observed with the higher heating rates. Meanwhile,
the grain size decreases with the increase in the heating rate, and this is more prominent at higher
temperatures. For example, at 1300°C, the average grain size for Al,O3 sintered at a heating rate
of 50 and 370 °C/min is 3 and 2 um, respectively. When processed at 1400°C, the two heating rate
shows even more obvious grain size difference, 9.5 and 4 um at 50 and 370 °C/min, respectively.
The relatively better densification with the lower heating rates can be achieved due to the pulsed
direct current passing through the particles at low temperatures. The pulsed direct current can
produce spark discharges in gaps of the interparticle region and help the densification during the
initial stage of the sintering. Once the sample temperature is high enough, grain boundary
migration becomes dominant. On the contrary, some studies on spark plasma sintered Al,Oz show
the conflicting results that the smaller grain size is observed with decreasing the heating rate
[113,114]. For instance, Kim et al. investigated the effect of heating rate on grain size and
transparency of Al,O3[113]. When a heating rate of 100 °C/min is used, the average grain size was
determined to be 0.55 um. Meanwhile, the average grain size of 0.29 um was observed under a
heating rate of 10 °C/min (Fig. 1.23). The large grain size at the higher heating rate is attributed to
the high density of defects generated by high heating rate and associated fast deformation. In
addition, the large direct current produced at the higher heating rate helps to form the high-density
defects that accelerate grain growth kinetics.

-

Figure 1.23. SEM micrographs of Al>Os prepared by SPS at a heating rate of (a) 2 °C/min and (b)
100 °C/min [113].
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The effect of the heating rate on the densification and grain growth of SiC was investigated
[115,116] and showed conflicting results. Geophart et al. showed that higher heating rates caused
a smaller grain size and lower density than lower heating rates [115]. These results may be
attributed to pore-trapping effect and shorter processing time for the samples under a higher
heating rate condition. On the other hand, Zhou et al. observed that a higher heating rate in the
SPS yielded a larger grain size of SiC [116]. The pulsed direct current can generate an electric
discharge between the particles and voids. The electric discharge-induced localized heating of the
particles can facilitate rapid mass transport, and thus larger grain size is observed.

Lastly, cubic ZrO: stabilized by 8 mol% Y203 (8YSZ) was sintered by SPS, and the effect of
heating rate was investigated [117,118]. In general, the grain size decreases with an increase in
heating rate. For example, the average grain size of 60 nm was observed under a heating rate of 50
°C/min, while it decreases to 35 nm under a heating rate of 275 °C/min. Meanwhile, the heating

rate shows an insignificant impact on the final density.
1.6.2.2. Pressure

Unlike the heating rate, the effect of pressure on grain growth and densification yields a
consistent conclusion. An increase in pressure results in higher densification at the same
temperature. The applied pressure can help decrease the sintering temperature without the sacrifice
of densification, and thus limit grain growth. Applying the external pressure can be especially
useful for nanometric powders that tend to agglomerate, because it can mechanically help the
agglomerates rearranged and destructed. This process can enhance the packing density of particles,
thereby accelerating densification. The external pressure is also associated with the driving force

for sintering as given by [96],

dap _ Y
oyat — B(g >t P) (1.24)

where p is the density, t is time, B is a combined term of temperature and diffusion coefficient, g
is the geometric constant, and y is the surface energy, x is a term associated with particle size, and
P is the external pressure. The right-hand side term of Eq. 1.24 is an intrinsic driving force for
sintering associated with the curvature of particles and the external pressure. The relative

contribution between the curvature and pressure to densification can be estimated by,

P=gQ. (1.25)
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Eq. 1.25 determines the critical particle size above which the external pressure is more dominant
than the curvature of particles. This implies that the applied pressure does not exert a significant
impact on densification below the critical particle size. In other words, there exists a threshold
stress above which the applied stress begins stimulating densification, and it is inversely related to
particle size. For example, Skandan et al. showed that during the sintering of undoped ZrO; with
an initial particle size of 6 nm, the applied pressure less than 35 MPa did not influence the
densification, whereas the higher pressure significantly improved the final density (Fig. 1.24a)
[119]. When the initial particle size is 12 nm, the thresh hold stress was determined to be 10 MPa.
Anselmi-Tamburini et al. showed the effect of the pressure on the sintering temperature to achieve
the 95% relative density of 8YSZ with an initial particle size of 6.6 nm [120]. The sintering
temperature required to acquire the 95% relative density exponentially decreases with the increase
in the applied pressure, as shown in Fig. 1.24b. For instance, the sintering temperature of 1350°C
is necessary to achieve 95% of the theoretical density without the pressure, whereas 900°C is
enough to fully consolidate 8YSZ with the applied pressure reaching 1 GPa. As the sintering
temperature decreases with the increase in the applied pressure, the final grain size also decreases
from 200 nm (1350°C and no pressure) to 16 nm (900°C and 1 GPa). Anselmi-Tamburini et al.
also showed the effect of the applied pressure on the relative density and grain size of nanometric
undoped ZrO; at the fixed temperature of 1200°C, holding time of 5 min, and heating rate of 200
°C/min [118]. When a pressure of 140 MPa is utilized, the full densification was achieved, whereas
only 60% relative density was observed under a pressure of 20 MPa. Meanwhile, the pressure did

not influence the final grain size, presumably due to the same maximum temperature.
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Figure 1.24. (a) The effect of applied pressure on the relative density of fine- and coarse-grained
Zr0O [119]. (b) The effect of applied pressure on the sintering temperatures to achieve a 95%
relative density of ZrO, [120].

1.6.2.3. Current

As mentioned earlier, a prominent feature of SPS over conventional sintering and hot-pressing
technique is the use of an electric current that passes through a graphite die and a conducting
sample. A sample processed in a conventional way is heated through the radiation in the enclosed
furnace, whereas a spark plasma sintered sample is consolidated through the thermal conduction
transferred from the graphite die. Other than the Joule heating effect of the current, there is a non-
thermal effect of the current that improves the densification process in SPS. As the name indicates,
electric discharge (spark) could happen at spaces between particles, thereby enhancing
densification through cleansing CO2 and H20 adsorbed to the surface of particles [96]. However,
this assertion is still under debate since it is difficult to observe the formation of plasma during the
sintering process. Shen et al. suggested that spark discharges during Al>O3z sintering in SPS could
occur on a microscopic level, which leads to the great enhancement of densification behavior [111].
The contribution of the spark discharges to densification can be made only at the initial stage of
sintering because there are many gaps between the particles available for spark discharges to be
generated. Once the sample reaches the state of a closed porosity, the grain boundary and lattice
diffusion become dominant mechanisms for densification [121]. A similar idea was also suggested
by Omori, who studied the sintering behavior of Al alloys, WC, polyimide, polymonomethylsilane,

and CoShs [122]. On the other hand, Wang et al. showed an inhomogeneous microstructure of
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Al>O3 processed by SPS, attributed to Joule heating transferred from a graphite die [123]. They
claimed that no electric discharge was observed due to the insulative nature of Al>Os. This
argument is supported by Tomino et al. and Makino’s works, which showed a negligible amount
of current passing through Al>Oz in the SPS process even at high temperatures [124,125].

While the formation of an electric discharge during SPS is under debate, the contribution of an
electric current to densification through the enhancement of mass transport reached the agreement.
It was suggested that rapid mass transport could be realized through electromigration, an increase
in point defect density, and a decrease in activation energy for defect migration [126,127].
Anselmi-Tamburini et al. showed the effect of an electric current in SPS on mass transport by
measuring the thickness of MoSi. layer sandwiched by Mo and Si layers [128]. The growth rate
of MoSi> layer showed a strong dependence of an electric current passing through the sample,
which indicates that the current can indeed enhance mass transport of the migrating species. The
activation energy for the formation of the reactant was the same as that in absence of the current,
suggesting that the presence of the electric current did not alter the mechanism of mass transport.
Hence, the presence of the current in the SPS system may enhance the density of point defects and
the mobility of migrating species under the same mechanism of mass transport.

1.6.3. Hot pressing

The traditional manufacturing process of raw ceramic powders is to press the powder in a
required shape, and then fire it at high temperatures. However, the development of a hot pressing
technique (HP) allowed to combine the two separate processes of forming and firing into one step
[129]. The raw powder can be loaded and pressed in a die uniaxially and simultaneously heated
up to desired temperatures. This sintering process is very similar to SPS, but there exists no electric
current passing through the die and sample for the HP technology. When the technique was
developed 50 years ago, it was revolutionary in that HP can limit grain growth and yet allow it to
achieve a full density at low temperatures. The application of pressure during the sintering process
enhances mass transport through grain boundary sliding, diffusional creep, and plastic deformation,
and achieves better densification than conventional firing [130,131]. Since the HP technique
utilizes a uniaxial pressure that contains shear components, grain boundary sliding can occur,

which eases the densification process. In comparison, hot isostatic pressing (HIP) also utilizes
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pressure, but the hydrostatic pressure in the HIP process does not involve shear components,
thereby being less effective than hot pressing in densification [132].

Bernard-Granger et al. prepared 3YSZ using HP and SPS and compared their sintering
mechanisms [133-135]. In general, HP and SPS yielded pretty similar results of final grain size
and relative density when they used the same temperature and holding time. For example, when
3YSZ was subjected to the sintering temperature of 1110-1125°C for 15 mins, the average grain
size was ~ 85 nm, and a relative density was ~ 98% for both of hot-pressed and spark plasma
sintered 3YSZ. For the hot-pressed 3YSZ, the stress exponent and the activation energy for the
densification mechanism derived from the creep rate equations were determined to be 2 and 450
kJ/mol at low and medium temperatures, whereas the stress exponent of 1 and the activation energy
of 280 kJ/mol were obtained at high-temperature regions. This result suggests that grain boundary
sliding controlled by the interface reaction and lattice diffusion of cations (Zr** and Y**) is likely
to be the dominant sintering mechanism at low and medium temperatures. On the other hand, at
high temperatures, grain boundary sliding accommodated by diffusion of cations along grain
boundaries is the densification mechanism for the hot-pressed 3YSZ. For the spark-plasma sintered
3YSZ, the stress exponent of 2 and the activation energy of 450 kJ/mol were obtained at a low-
temperature region, indicating that the densification mechanism is grain boundary sliding
accommodated by interface reaction and lattice diffusion of cations. At high temperatures (1050-
1125°C), the stress exponent of 3-4.8 was determined, meaning that grain boundary sliding
accommodated by dislocation climb is the densification mechanism. On the other hand, Langer et
al. showed the sintering behavior of 8YSZ when processed by HP and SPS [136]. Under the same
condition of sintering parameters such as heating schedule, pressure, atmosphere, and sample
geometry, 8YSZ prepared by HP and SPS did not show any difference in densification and
microstructures. The stress exponents of 8YSZ prepared by HP and SPS were calculated to be ~
1, indicating that the densification mechanism of hot-pressed and spark plasma sintered 8YSZ was

grain boundary diffusion of cations (Zr** and Y**) when test temperatures are <1300°C [137].

1.6.4. Thermal barrier coatings

Nowadays, a long-term stance of the science and engineering community on material
advancement is to create materials with enhanced properties, which aims at particular applications

with high efficiency. A typical example includes the use of superalloy for high-thrust engines and
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turbines operating at ultra-high temperatures (~ 1300°C). The application of TBCs on such a
superalloy allows less energy consumption and extended service duration by protecting the
substrate from foreign object damage (FOD) and minimize thermal exposure. Especially, the use
of YSZ for the TBC applications can dramatically improve engine efficiency because it enables
the engines to operate at higher temperatures than the melting point of the superalloys [12]. The
benefit can be achieved by the fact that YSZ offers one of the lowest thermal conductivity of ~ 2.3
W/mK at ~ 1000°C, primarily due to vacancy-induced phonon scattering [138]. Furthermore, YSZ
has a high coefficient of thermal expansion (CTE) value (11 x 1076 °C!) comparable to that of
the superalloy substrate (14 x 107 °C?) [12]. The similar CTE values between the TBC and
substrate can minimize thermal mismatch stress during thermal cycling, and thus enhance the
structural reliability of the turbine engines. YSZ is one of a few materials that exhibit both high
strength and fracture toughness, which is usually mutually exclusive. It has Young’s modulus of
210 GPa and a hardness of 10-14 GPa [139]. For 7YSZ typically used for the TBC applications,
the fracture toughness of ~ 3 MPa-+/m was reported owing to the toughening mechanism of
ferroelastic domain switching [25].

Fig. 1.25 shows a schematic representation of a thermal barrier coated turbine blade consisting
of a metal substrate, bond-coat, thermally grown oxide (TGO), and ZrO> top-coat [12]. The bond-
coat is applied between the substrate and the ceramic topcoat to prevent a spallation failure in its
service. NiCoCrAlY and NiCrAlY are typically used for the bond-coat application due to its superb
oxidation resistance. Since the turbine engines undergo extreme environments (~ 1300°C) and the
ceramic top-coats contain a high density of open pores and cracks, which facilitate oxygen
penetration toward the bond-coat, the bond-coat can quickly oxidize underneath the ceramic top-
coat. This oxidized layer, namely thermally grown oxide (TGO), is comprised of a-Al.O3, and a
meticulous design for the TGO layer is required for it to grow slowly and densely. In this
subchapter, commercially available ways to deposit YSZ TBCs such as air plasma spray, e-beam

physical vapor deposition, and detonation gun thermal spray are described.
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Figure 1.25. A schematic representation of a thermal barrier coated turbine blade [12].

1.6.4.1. Air plasma spray

Air plasma spray (APS) has a water-cooled W cathode and Cu anode with Ar gas introduced
in the chamber to generate the plasma through the direct current [140]. The electric arc completes
the circuit from the cathode to anode and forms the plasma with the maximum temperature of
15,000 K at a direct current torching power of 40 kW. The YSZ feedstock is completely melted in
the flame and pushed to the metal substrate at a speed of 100-300 m/s [141]. In general, APS yields
a low-density ceramic topcoat attributed to the slow particle velocity at the exit of the chamber.
APS achieves a ceramic topcoat with a theoretical density of 75-85%. The reduced density results
from the formation of pores and cracks in the form of horizontal splat boundaries that are
introduced on purpose, as shown in Fig. 1.26. These pores and cracks can provide high strain
tolerance and low thermal conductivity to the coating at high temperatures so that the spallation
and delamination failure can be minimized [142]. However, the duration of the TBCs processed
by APS is limited due to and the rapid increase in the defects and roughness of the metal-ceramic
interface in its service. Therefore, the use of the APS TBCs is restricted to the less severe

applications such as stator vanes, fuel vaporizers, and flame holders [12].
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Figure 1.26. SEM images of APS TBC from (a) plan-view and (b) cross-sectional view showing
a high density of pores and cracks.

1.6.4.2. E-beam physical vapor deposition

E-beam physical vapor deposition (EBPVD) for TBC applications consists of four main
components, e-beam gun, Cu crucible containing the YSZ feedstock, metal substrate, and vacuum
chamber [143]. The focused e-beam can melt the feedstock in the water-cooled Cu crucible, and
the vaporized feedstock can condense onto the metal substrate. The EBPVD TBCs feature
equiaxed grains at the interface of the bond-coat and top-coat underneath disconnected or loosely
bonded columnar grains with a diameter of 2-10 um as shown in Fig. 1.27. The separated columnar
grains can provide the strain tolerance at high temperatures. However, due to the lack of the
horizontal splat boundaries which causes the normal heat flow to the metal substrate, its thermal
conductivity is somewhat higher than that of the APS TBCs (~1.5 W/m-K for APS TBCs vs ~2.2
W/m-K for EBPVD TBCs) [143]. Because EBPVD can provide TBCs with a dense microstructure
and smooth interface finish, it can be used in more severe applications than APS TBCs, such as

high-pressure turbine section and rotating blades [142].
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Figure 1.27. A cross-sectional SEM image of EBPVD TBC showing columnar grains on top of
equiaxed grains at the interface of the topcoat and bond-coat.

1.6.4.3. Detonation gun thermal spray

Detonation gun thermal spray utilizes a mixture of oxygen and acetylene gas ignited by a spark
in a chamber. The combustion can generate powerful detonation waves with a temperature of
4000°C and a velocity of 3500 m/s [144]. The ultrafast and hot gas stream can partially melt the
YSZ feedstock and make it travel with a velocity of 1200 m/s towards the substrate. The high
kinetic energy of the feedstock conveyed by the gas stream assures the top-coating with dense
microstructure and strong adhesion at the interface, as shown in Fig. 1.28a. The detonation gun
thermal spray also allows to prepare the TBCs with vertical cracks to the substrate, also known as
dense vertically cracked (DVC) TBCs (Fig. 1.28b). The vertical cracks play the same role as the
pores and splat boundaries in the APS TBCs and the disconnected columnar grains in the EBPVD
TBCs. The cracks can reduce the thermal conductivity of the coat and provide the strain tolerance
at high temperatures to avoid delamination of the coat and spallation failure. Since the DVC TBCs
prepared by the detonation gun thermal spray has higher density and stronger adhesive strength
than the others, it exhibits better Vickers hardness, as shown in Fig. 1.29. The hardness for the
DVC TBC at room temperature is ~ 12 GPa comparable to that for the fully dense YSZ (10-14
GPa) and much higher than the other TBCs such as EBPVD TBC (2 GPa), APS TBC (3 GPa), and
suspension plasma sprayed TBC (4 GPa).
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Figure 1.28. SEM images of DVVC TBC prepared by detonation gun thermal spray from (a) plan-
view and (b) cross-sectional view showing dense microstructure and vertical cracks.
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Figure 1.29. A plot of Vickers hardness for TBCs prepared by detonation gun thermal spray,
EBPVD, APS, and suspension plasma spray.

1.7. Motivation and Objective

The motivation and objective of this thesis is to investigate micromechanical behavior and
deformation mechanisms of ZrO. stabilized by the most common dopants (Y203 and MgO) and
prepared by several techniques that include conventional firing, flash sintering, spark plasma
sintering, air plasma spray, and detonation gun thermal spray. ZrO- is chosen to study the effects
of processing techniques on the micromechanical properties because it has been widely used for
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many applications that require a variety of processing methods. Furthermore, ZrO- is one of the
most widely used structural ceramics due to its superb strength and fracture toughness that comes
from several toughening mechanisms such as the martensitic transformation, ferroelastic domain
switching, microcracking, and crack deflection. Processing parameters to consolidate ZrO> were
decided in such a way that near theoretical density with ultrafine grains can be achieved.
Micropillars fabricated on such samples have numerous grains so that they can somewhat represent
the mechanical properties at mesoscale. In-situ microcompression tests were employed to study
deformation mechanisms of ZrO> as a function of temperature, strain rate, and pillar diameters.
The conclusions of each study were derived from extensive X-ray diffraction (XRD), SEM,
energy-dispersive X-ray spectroscopy (EDS), EBSD, and TEM works on as-prepared and

compressed samples.
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CHAPTER 2. EXPERIMENTAL

2.1. Processing techniques

2.1.1. Powder preparation

ZrO; powders used in this thesis were purchased from Tosoh Corporation. Pure ZrO, (TZ-0,
40nm) and 3YSZ (TZ-3Y-E, 40 nm) were prepared by precipitation method from precursors,
ZrOCl2-8H20 and YCI3-6H20 as a stabilizer. The co-precipitates were then dried, calcinated,
milled, and spray dried to obtain non-stabilized and partially stabilized ultrafine granules. The
chemical composition of pure ZrO, and 3YSZ is shown in Table 2.1.

Table 2.1. Chemical composition of non-stabilized ZrO, and 3YSZ from Torso Corp.

Chemicals Pure ZrOz 3YSZ
Y203 (mol%) 0 3
Y203 (Wt%) 0 52+05
HfO2 (Wt%) <5.0 <5.0
Al,03 (Wt%) <0.1 0.1~0.4
SiO2 (wt%) = 0.02 =0.02
Fe>03 (Wt%) <0.01 <0.01
Na20 (Wt%) < 0.04 <0.04

XRD data was collected from the 3YSZ raw powder used in this thesis to ensure the stability of
the tetragonal phase and chemical composition. Fig. 2.1. shows XRD patterns from Tosoh TZ-3Y-
E without heat treatment and typical tetragonal ZrO, indexed by PDF#83-0113. Tosoh TZ-3Y-E
contains a small fraction of monoclinic ZrO; confirmed by XRD peaks at 28.17° and 31.47°, but a
majority of the peaks come from tetragonal ZrO». The highest intensity of Tosoh TZ-3Y-E is found
at 30.19° for the (101) plane of tetragonal ZrO2, which is comparable to 30.204° for the same plane
from PDF#83-0113. The minor difference (0.014°) in the two theta values indicates that the
tetragonality of Tosoh TZ-3Y-E is comparable to that of 3YSZ indexed by PDF#83-0113, and thus
the Y203 concentration of Tosoh TZ-3Y-E appears to be very close to 3 mol%.
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Figure 2.1. XRD patterns from 3YSZ raw powder (Tosoh TZ-3Y-E) and typical tetragonal ZrO>
indexed by PDF#83-0113.

In a case where ZrO> needs to be stabilized by other stabilizers such as MgO, non-stabilized
ZrO> was ball-milled in an aqueous media (methanol) with a stabilizer at a desired ratio in a vertical
high energy planetary ball mill (VPMC-4, MSE Supplies, Fig. 2.2a) equipped with a chiller (Fig.
2.1b) to maintain a milling temperature at ~ 0°C. The homogeneously mixed powders were then
dried on a hot plate, calcinated, and dry-milled to remove agglomerates.
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Figure 2.2. (a) Vertical high energy planetary ball mill and (b) chiller used in this thesis.

2.1.2. Flash sintering

Flash sintering experiments were carried out in a dilatometer (DIL801 Horizontal Dilatometer,
TA Instruments). Pt electrodes are inserted in the dilatometer and connected to a direct current
power supply (DLM 300-2, 300V, 2A, Sorensen). The Pt electrodes sandwich a green body
sample, as shown in Fig. 2.3 to apply electric field. The temperature of the furnace can range from
room temperature to 1500°C with a maximum heating rate of 25 °C/min. The assembly of the
electrodes and the green body are pushed by an Al>Os rod with a pressure of 10 kPa to maintain a
rigid contact. During the flash experiments, furnace temperature and displacement of the sample
are recorded by the dilatometer, and the power supply keeps track of the electric field, current
density, and power density. Once the preset limit of the current density is reached, a programmed
feedback loop in the power supply switches voltage control to current control mode and holds the
preset current density for a desired holding time. To make a green body pellet, a raw power (0.3-
0.4 g) was put in a stainless steel die with a diameter of 6 mm and uniaxially cold-pressed. The
height of the green body sample was measured to preset the value of an electric field. The density

of a green body ranges from 45 to 60% of a theoretical density in general.

71



Furnace

Sample
| blocks
Displacement ]
sensor
L
T \\ ,/ Electrodes

Figure 2.3. A schematic representation of an experimental setup for flash sintering.

2.1.3. Spark plasma sintering

A SPS system (SPS10, Thermal Technology, Fig. 2.4) is employed to produce dense ceramic
pellets in this thesis. A graphite die with an inner diameter of 10 mm is filled with a raw powder
(0.7 ~ 0.8 g) and wrapped by a graphite felt to prevent thermal emission during the sintering
process. The sample temperature was monitored by a k-type thermocouple inserted through a hole
of a graphite punch when the maximum temperature <1000°C, or a pyrometer aiming at a hole of
the graphite die when the temperature >1000°C. The chamber is maintained at a low vacuum of
< 1 x 1072 torr and an external pressure from a hydraulic pressing system on top of the chamber
can range 10 to 120 MPa. During the process, the software can record sample temperature, applied

pressure, chamber pressure, voltage, current, ram displacement, and ram temperatures.
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Figure 2.4. SPS system in Purdue University
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2.1.4. Air plasma spray and detonation gun thermal spray

YSZ TBCs investigated in this thesis were provided by Praxair Surface Technologies. To
deposit APS TBCs, a mixture of Arand H> gas was introduced in a chamber to generate the plasma
with a high enthalpy of the plasma plume. The addition of Hz gas enables to melt YSZ feedstock
that has a melting temperature of ~ 2700°C. 50 g/min YSZ feedstock was loaded into the plasma
plume and, the plasma pushed the completely melted feedstock towards the metal substrate. The
spray parameters were such that they could create a high density of desirable defects in the topcoat
of the APS TBC applications such as microcracks, pores, and splat boundaries.

To deposit the DVC TBCs, a detonation gun (Super D-Gun™, Praxair Surface Technologies)
was utilized. A mixture of the YSZ feedstock, oxygen, acetylene, and propylene with a spark at an
appropriate time can create the combustion in an elongated chamber that can convey the high
kinetic energy to the partially melted YSZ. A nitrogen sweep gas is introduced to clean the
chamber after the detonation, and a mixture of the feedstock and reactive gases are reloaded for
the next deposition. The feedstock with a high momentum can travel towards the metal substrate
at a velocity of 1200 m/s, and thus dense TBCs with vertical cracks and strong bonding strength

at an interface of the topcoat and bond-coat can be made.

2.2. Microstructure Characterization

2.2.1. Scanning electron microscope

SEM utilizes a focused electron beam landing on a surface of a sample to create an image. The
interaction between the emitted electron beam and atoms of the sample surface can produce several
signals that include secondary electrons, backscattered electrons, transmitted electrons, X-rays,
and specimen current. The low energy secondary electrons ejected from the sample surface by
inelastic scattering interaction can be collected by an Everhart-Thornley detector (ETD) [145]. The
secondary electron image features well-defined topography attributed to the brightness difference
between an edge and a flat surface of the sample. On the other hand, the high energy backscattered
electrons from the electron beam are reflected by elastic scattering interaction with the sample
surface [145]. Depending on the atomic number of the sample, the intensity of the backscattering
electron varies. The heavier atoms can backscatter the electrons more strongly, thereby exhibiting
brighter contrast than the lighter atoms. The backscattered electrons can also create EBSD image
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that resolves crystallographic orientation and crystal structure of the sample. The X-rays originated
from the interaction between the electron beams and the sample can be detected by EDS and
provides chemical information.

Focused ion beam (FIB) utilizes a liquid metal ion source such as Ga. Once the Ga source is
heated, it flows to the edge of W needle, where a high electric field is applied to form a Taylor
cone. The radius of the cone is a few nanometers so that it can facilitate the use of FIB in a precise
manner for nanostructure construction. In this thesis, FEI Quanta 3D FEG Dual Beam SEM/FIB
(Fig. 2.5) was extensively used to fabricate TEM samples, micro, and nanopillars. Gas injection
system with a primary source of Pt and Omniprobe micromanipulator system in the SEM were
utilized to make TEM specimens for deformed pillars and samples difficult to prepare into a TEM

lamella by manual polishing.

Figure 2.5. FEI Quanta 3D FEG Dual Beam SEM/FIB in Purdue University.

2.2.2. Transmission electron microscope

TEM can create an image of a sample by a beam of electrons transmitted through or diffracted
by a specimen. The specimen thickness should be less than 100 nm to permit the electrons to
traverse. TEM characterizes the microstructure of materials at the atomistic scale due to the small
wavelength of electrons, and thus nanoscale defects in ceramics such as point defects, dislocations,
stacking faults, secondary phase, and twin boundaries can be resolved in TEM [146]. This
instrument has several different operating modes involving bright-field, dark-field, electron

diffraction, scanning TEM, precession electron diffraction, and a combination of these. In this
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thesis, An FEI Talos 200X TEM/STEM (Fig. 2.6) with ChemiSTEM technology (X-FEG and
SuperX EDS with four silicon drift detectors) was employed at electron accelerating voltage of
200 kV. Bright-field and dark-field modes are utilized to observe general microstructure (grain
size and grain morphology), and defects like dislocations, twin boundaries, and stacking faults.
Phase analysis and texture study were conducted by selected area electron diffraction mode.
Scanning TEM and EDS were used for chemical characterization such as atomic distribution,

chemical segregation, and precipitate identification.

Figure 2.6. FEI Talos 200X TEM/STEM in Purdue University.

2.3. Micromechanical properties

2.3.1. In-situ micropillar compression

Micropillars with an aspect ratio of 2-3 were fabricated by FIB and compressed by a Hysitron
Pl 88xR Picolndenter inside SEM (FEI Quanta 3D FEG) as shown in Fig. 2.7a. The
microcompression system contains a piezoelectric actuator on the capacitive transducer that

collects force-displacement data. The sample stage enables to meticulously adjust the position of
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the micropillars in five directions (X, y, z, tilt, and rotation). Diamond or W flat punch tips with a
diameter of 5, 10, and 20 um designed for high-temperature compression experiments were used
for the micromechanical testing at various temperatures (25-670°C). Before compressing each
pillar, an average drift rate and noise level were measured in the preloading session for 45 s to
precisely collect the load and displacement data. For high-temperature tests (Fig. 2.7b), the flat
punch designed for high temperatures was attached to a probe heater, and a V-shaped Mo clamped
a sample to a ceramic stage heater. The probe and stage heaters were simultaneously heated at a
rate of 10-25 °C/min and isothermally preserved at a desired temperature for 30 min before
conducting a compression test to eliminate the thermal and mechanical drifts. When the measured
drift rate is within 0-0.5 nm/s and the noise level is less than 8 N, the compression tests were

carried out.

Figure 2.7. Micropillar and In-situ nanoindentation system used in this study.

2.3.2. Vickers hardness

Vickers hardness test utilizes a pyramidal diamond indenter to measure a hardness of a material.
To define the hardness known as Vickers Pyramid Number (HV) that can be converted to a unit of
pascal, a length of the diagonal marked by the diamond indenter and an applied force need to be
identified. HV can be given as [147],

_ 1.8544F kgf
HV = —— [-7] (2.1)
where F is the force in kg-f, and d is the diagonal length in mm. Then, HV can be converted to a
unit of GPa using a conversion factor of 0.0098. In this thesis, a microhardness tester (LECO

Corporation, LM 247AT) equipped with a Vickers tip and optical microscope was employed for
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Vickers hardness measurements. Numerous indents were made on samples with a load ranging
from 50 to 1000 g-f. Lengths of diagonal indent were measured under an SEM to calculate the

microindentation hardness precisely.
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CHAPTER 3. HIGH TEMPERATURE DEFORMABILITY OF DUCTILE
FLASH SINTERED CERAMICS BY IN-SITU COMPRESSION

The following chapter contains content reproduced with permission from “Jachun Cho, Qiang Li,
Han Wang, Zhe Fan, Jin Li, Sichuang Xue, Suryanarayana Karra, Haiyan Wang, Troy B. Holland,
Amiya K. Mukherjee, R. Edwin Garcia and Xinghang Zhang. “High temperature deformability of
ductile flash sintered ceramics by in-situ compression.” Nature Communications 9:2063 (2018):
1-9.” Copyright 2018 Springer Nature

3.1. Overview

Flash sintering has attracted significant attentions lately as its remarkably rapid
densification process at low sintering furnace temperature leads to the retention of fine grains and
enhanced dielectric properties. However, high temperature mechanical behaviors of flash-sintered
ceramics remain poorly understood. Here, we present high temperature (up to 600°C) in-situ
compression studies on flash sintered yttria-stabilized zirconia (YSZ). Below 400°C, the YSZ
exhibits high ultimate compressive strength exceeding 3.5 GPa and high inelastic strain (~ 8%)
due primarily to phase transformation toughening. At higher temperatures, crack nucleation and
propagation are significantly retarded, and prominent plasticity arises mainly from dislocation
activity. The high dislocation density induced in flash-sintered ceramics may have general

implications for improving the plasticity of sintered ceramic materials.

3.2. Introduction

Ceramic materials have a variety of high temperature applications, such as thermal barrier
coatings for high-thrust engines and turbines [12]. One promising candidate for thermal barrier
coatings is yttria-stabilized zirconia (YSZ). YSZ offers one of the lowest thermal conductivities,
~ 2.3 W/mK at ~ 1000°C [148]. Monolithic zirconia has monoclinic phase [space group P21/c] at
room temperature. However, the tetragonal phase [space group P4./nmc] of zirconia can be
stabilized by doping zirconia with Y203, CeO., and MgO [2,3]. The discovery of martensitic phase
transformation (from tetragonal to monoclinic phase) in ZrO has led to significant investigations
on its deformability. The volume expansion (~ 4%) during martensitic phase transformations near
the crack tips induced by an external stress can introduce compressive stress that can in turn retard

crack propagation [9,10]. Therefore, YSZ provides new opportunities for various applications,
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including reliable thermal and environmental barrier coatings, solid oxide fuel cells, and shape
memory devices, just to name a few [12-14].

A majority of ceramic materials possess high strength but low toughness at low
temperature due to the lack of dislocation enabled deformability [8]. Certain nanostructured
ceramics have shown high strength, wear resistance and/or fracture toughness at elevated
temperatures [149-151]. However, conventional sintering typically requires very high temperature
and long sintering time and thus leads to significant grain coarsening [152]. Recently, it has been
discovered that YSZ can be fully densified within a few seconds at a temperature much lower than
conventional sintering temperature by a novel sintering technique named flash sintering [58]. The
ultra-fast sintering technique enables the retention of nanograins and enhanced dielectric properties
[153]. Flash sintering occurs by applying a ramp heating process at a constant heating rate under
moderate electrical fields [63,71,72,75,154-158]. . Once the temperature is above the onset of the
flash temperature, under applied electrical field, a densification process takes place within a few
seconds as evidenced by a sudden increase of electrical conductivity, accompanied with drastic
increase in mass density [80].

Prior studies on the mechanical behaviors of YSZ showed superelasticity and shape
memory effect at room temperature [40,41,43,45,46]. However, our understanding of the
mechanical behaviors of small scale YSZ specimens at elevated temperatures remains limited.
Recently, Korte and Clegg showed that microcompression tests on small specimens can be carried
out at an elevated temperature (~ 500°C) by heating the sample stage and indenter tip without a
significant mechanical and thermal drift (~ 1 nm/s) [49,50]. High-temperature micropillar
compression technique enables the study on the temperature dependent deformation mechanisms
for brittle materials at elevated temperatures. Furthermore, the deformability of flash-sintered
ceramics is largely unknown despite an intriguing microstructure including the generation of a
large number of charged defects during the flash sintering process [80].

Here, we report in-situ micropillar compression studies on the deformability of a flash
sintered 3 mol % yttria stabilized zirconia (3YSZ) at elevated temperatures (up to 600°C). The
flash sintered 3YSZ contains abundant dislocations. The mechanical behaviors of the flash-
sintered 3YSZ are highlighted by increased plasticity, and temperature dependent transition of

deformation mechanism.
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3.3. Experimental

3.3.1. Flash sintering

Flash sintering was performed on a custom-modified thermomechanical testing system
(SETSYS Evolution, SETARAM Instrumentation). Specimens with a diameter of 5 mm and a
thickness of 2 mm prepared by using commercially available 3YSZ (TZ-3Y-E, Tosoh corp., 40
nm particle size) were sandwiched between two platinum electrodes. An alumina rod was utilized
to apply minimum pressure (a few kPa) to ensure rigid contact between the electrodes and sample.
A DC power of various voltage was applied to achieve electric field of 1.5, 15, and 150 V/cm with
a constant heating rate of 25°C/min (maximum temperature was set to 1300°C). The experiment
was performed in the presence of air. After the onset of flash, the system was switched from the
voltage control mode to a current control mode. The experiment was terminated right after
switching to current control mode to prohibit grain growth. The linear shrinkage of the samples

was measured by a dilatometer.

3.3.2. TEM sample preparation

Plan-view TEM samples of flash sintered 3YSZ were prepared through the conventional
approach, which includes manual grinding, polishing, dimpling and final polishing in an ion
milling system (PIPS Il, Gatan). Low energy ion polishing (2 kV) was used to minimize ion
milling-induced damage. An FEI Talos 200X TEM/STEM with ChemiSTEM technology (X-FEG
and SuperX EDS with four silicon drift detectors) operated at 200 kV was used in this study for

microstructure characterization and energy-dispersive X-ray spectroscopy (EDS) chemical

mapping.

3.3.3. Microcompression test

Before preparing micropillars, as-sintered YSZ was polished with SiC sandpapers, ~ 1 um
diamond papers, and ~ 20 nm colloidal silica to minimize the roughness of the surface. Then
micropillars of flash sintered 3YSZ with ~3 um in diameter and a diameter-to-height aspect ratio
of 1:3-1:2 were prepared using focused ion beam (FEI quanta 3D FEG) and a series of concentric
annular milling and polishing with progressively de-escalated currents were adopted to reduce
tapering angle. Micropillars were fabricated in a dense area judged by SEM in the central region

of the specimen to avoid inhomogeneous microstructure that often appears near the sample edge.
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Micropillar compression experiments have been performed using a Hysitron Pl 87xR Picolndenter
equipped with a piezoelectric actuator on the capacitive transducer that enables the collection of
force-displacement data inside a scanning electron microscope (FEI quanta 3D FEG). Moreover,
a 20 pm diamond flat punch tip designed for high temperature compression experiments was used
to conduct in-situ compression experiments and the geometric variation of micropillars was
synchronized to evolving force-displacement curve. For high temperature in-situ compression
setups, the flat punch was fastened to probe heater and the specimens were clamped by a V-shaped
molybdenum to a ceramic heating stage. The temperature on two heating terminals were
simultaneously ramped up at a rate of 10 °C/min and isothermally preserved for 30 min before
implementing every single compression experiment to eliminate the thermal-driven drifts on both
probe and stage sides. An average drift rate of 0.2-0.5 nm/s was estimated in preloading process
for 45 s and the estimated force noise level is less than 8 puN prior to compression. An
overestimation of specimen displacement during the compression test induced by a displacement
associated with the measuring instrument (machine compliance) was systematically measured

during in-situ SEM studies and corrected.

3.3.4. Finite element analysis

The microstructure shown in Fig. 3.1a with three different grain orientations was subjected to
a compression of —200MPa in the in-plane vertical direction, while the bottom boundary was fixed,
and the out-of-plane state of stress was set to plane strain conditions. Material properties are
summarized in Table 3.1. Assigned Euler angle orientations are, for the bottom grain, (a, B, y) =
(0,0,0), for the top-right grain, (a, B, v) = (0, 45, 0) and for the top-left grain, (a, B, v) = (45 ,45,0).
Euler angles operations are: first rotate angle /& degrees about the z-axis, then rotate & degrees

about the y-axis, and finally rotate ¢ degrees about new z-axis. The mechanical equilibrium state

of the polycrystalline was solved using OOF2 [159], an open source implementation of the finite

element method. The relative numerical tolerance was set to 1><10_10. The simulation used 40 GB

of RAM and a wall time of approximately 4 h.

Table 3.1. Elastic properties of tetragonal zirconia [15]

Cu (GPa)

Cu (G Pa)

C13(GPa)

Ca3(GPa)

Cus (GPa)

Ces (GPa)

395

26

105

326

42
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Figure 3.1. STEM micrograph. a A STEM micrograph of the flash-sintered 3YSZ showing several
triple junctions among grains. Scale bar, 60 nm. b-c The EDS mapping of zirconium and yttrium.
Note that zirconium and yttrium are nearly uniformly distributed throughout the grains. The grain
boundaries appear to have slight deficiency in zirconium. Scale bar, 60 nm.

3.4. Results

3.4.1. Microstructural characterization

3YSZ (TZ-3Y-E, Tosh corp., 40 nm) was heated in a thermomechanical analyzer with
platinum electrodes at a constant heating rate of 25°C/min under an electrical field of 150 V/cm.
The ultrafast densification process occurred at a furnace temperature of 1150-1200°C in a few
seconds (Fig. 3.2), which is significantly lower compared to conventional sintering temperature of
~ 1900°C to sinter 3YSZ in just a few seconds [160]. The applied heat and electrical field were
removed right after the onset of flash sintering to prevent grain growth. Even though the
densification process of 3YSZ occurred at relatively low temperature, X-ray diffraction pattern
shows a dominant tetragonal phase without evident monoclinic and cubic phases (Fig. 3.3). To
evaluate the residual stress that may be formed during flash sintering, X-ray peak broadening in
Fig. 3.3 was systematically investigated by the Williamson-Hall analysis. The Williamson-Hall

equation for the stress calculation can be written as [161],
KA .
PBrricosl = -+ 4sinfa [Epy, (3.2)

where S is the peak broadening at half the maximum intensity in the unit of radians, K is the
shape factor, A is the X-ray wavelength, D is the mean size of crystalline, o is the residual stress,
and Ey; is the elastic modulus along [hkl] direction. The elastic moduli along [hkI] direction for a

tetragonal structure is given as [162],
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2= Sip(a* + B*) + (2813 + Saa) (@®y? + B2y?) 4 Sazy* 4 (2812 + Se) B (3.2)

Enki

where S;jj are the elastic compliance constants, and «, 8, and y are the directional cosines of the
[hkl] direction and the X, Y, and Z axis. The elastic compliance constants for tetragonal ZrO; are

shown in Table 3.2.

Table 3.2. The elastic compliance constants for tetragonal ZrO; [163].

Compliance Values
Su 0.0038473
Si2 -0.0021833
Si3 -0.000402
Sas 0.0029956
Sus 0.0193874
Ses 0.0054999

With the elastic moduli along [hkl] direction obtained using Eq. 3.2 and Table 3.2, Bjx;cos6
can be plotted as a function of 4sin6 /Eyy; and the slope of the line regression line is the residual
stress residing in the flash-sintered 3YSZ as shown in Fig. 3.4. The residual stress was determined
to be 229.5 MPa. Energy dispersive spectroscopy reveals that zirconium and yttrium are uniformly
distributed throughout the grains, and zirconium is slightly deficient along grain boundaries (Fig.
3.1). Fig. 3.5a shows a scanning electron microscopy (SEM) image of an unpolished flash-sintered
3YSZ. An average grain size of 870 nm was determined by a systematic grain intercept method
(Fig. 3.6) [164]. However, bright-field transmission electron microscopy (TEM) micrograph
reveals the existence of subgrains as shown in Fig. 3.5b. The average subgrain size is 159 nm.
The flash-sintered 3YSZ was densified to 98% of theoretical density (determined by numerous
micrographs) with nanopores indicated by red arrows in Fig. 3.5b. Black arrows in Fig. 3.5b
indicate internal defects in grains generated during the flash sintering process. Deformation
twinning which is frequently observed in bulk tetragonal zirconia[165] was rarely observed in this

study, which may be due to the ultrafine grain sizes.
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Figure 3.2. Relative density comparing to theoretical value as a function ramping temperature
during flash sintering. 3YSZ was sintered at a constant heating rate of 25°C/min under an electrical

field of 1.5, 15, and 150 V/cm. Flash sintering under an electric field of 150 V/cm took place at
1,150-1,200°C in a few seconds.
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Figure 3.3. XRD patterns of flash sintered 3YSZ at an electrical field of 150 V/cm, showing
dominant metastable tetragonal phase and crystallographic plane indices.
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Figure 3.4. The determination of the residual stress using the Williamson-Hall analysis.
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Figure 3.5. Microstructure of flash-sintered 3YSZ. a SEM images of the unpolished flash-sintered
3 YSZ. The average particle size is ~ 1 um. Scale bar, 3 um. b Bright-field TEM micrograph
showing subgrains with grain boundaries and defects generated during flash sintering (labeled by
black arrows) and nanopores (~1.4%) (indicated by red arrows). The inserted SAD pattern shows
diffraction rings. Scale bar, 200 nm. ¢ A STEM micrograph showing a dislocation array inside a
grain in the flash sintered 3YSZ. The dislocation array was generated in a bottleneck region of the
grain as indicated by red arrows. Scale bar, 100 nm. d-e Bright-field (BF) and dark-field (DF)
TEM micrographs showing the dislocation array in the boxed region in c. Scale bar, 50 nm. f-i
Numerous BF TEM images of the flash sintered 3YSZ showing the existence of dislocations and
dislocation arrays in grains. Scale bar, 50 nm.
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Figure 3.6. Grain size distribution. a Agglomerated particle size distribution and b subgrain size
distribution of flash- sintered 3YSZ calculated by systematic grain intercept method. The average
grain size and subgrain size are 0.87 um and 159 nm, respectively. The density of flash-sintered
ceramic is ~ 98%.

3.4.2. Preexisting dislocations

Many of the defects in the grains are identified to be high-density dislocation networks (Fig.
3.7). Furthermore, scanning TEM (STEM), bright-field and dark-field TEM micrographs in Fig.
3.5¢, d and e show an array of dislocations inside a grain. Also, the dislocation arrays were
observed frequently in the flash-sintered 3YSZ as can be seen in bright-field TEM micrographs in
Fig. 3.5f-i and Fig. 3.8. Meanwhile, 3YSZ synthesized at lower electric fields (1.5 V/cm and 15
V/cm) and at the same heating rate (25°C/min) was also prepared to study the effect of electric
field on the dislocation generation. The relative density of 78 and 85% was achieved for the 1.5
and 15 V/cm specimens, respectively (Fig. 3.2). The grain intercept method [164] reveals average
grain sizes of 59+7 and 5749 nm for 3YSZ sintered under 1.5 and 15 V/cm, respectively. The

TEM studies reveal little dislocations or dislocation arrays in these specimens (Fig. 3.9).
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Figure 3.7. Bright-field TEM images of flash-sintered 3YSZ under an electric field of 150 V/cm
indicating the existence of grains with significant internal defects. Many of these internal defects
appear to be high-density dislocation networks. Scale bar, 200 nm.
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Figure 3.8. Bright-field TEM micrographs. a-f Bright-field TEM images of the flash sintered
3YSZ showing the existence of dislocations and dislocation arrays in grains. Dislocation arrays
were frequently observed near triple junctions. Dislocations may arise from the large stress
concentration near triple junctions induced during flash-sintering of 3YSZ. Scale bar, 50 nm.
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Figure 3.9. Bright field TEM images of 3YSZ processed under 1.5 V/cm and 15 V/cm showing
nanograins. a-b 3YSZ sintered under 1.5 V/cm. Scale bar, 100 nm. c-d 3YSZ sintered under 15

V/cm. Scale bar, 100 nm. Dislocations and dislocation arrays rarely exist inside the grains unlike
3YSZ sintered under 150 V/cm.

3.4.3. In-situ microcompression tests

Micropillars with 3 um in diameter and 6 um in height were fabricated using the focused ion
beam (FIB) technique on the flash-sintered 3YSZ. Taking into consideration the average subgrain
size of the specimen, ~160 nm, each pillar contains more than 5,000 subgrains. Thus, the
mechanical behaviors of the micropillars are a good representation of a large number of grains.
Uniaxial in-situ microcompression tests on the micropillars were carried out from room
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temperature to 600°C at a constant strain rate of 5 x 1073 s inside an SEM microscope with
partial unloading at strain of 0.5 and 1%, to evaluate the apparent elastic modulus at each test
temperature. Fig. 3.10 shows snapshots of SEM images taken during the in-situ compression tests
of micropillars at different strain levels at room temperature and 400°C. Micropillars compressed
at room temperature sustained a strain up to 8% without crack formation, and then experienced
brittle catastrophic fracture at a strain of ~ 9%. For micropillars tested at 400°C, cracks nucleated
at smaller strain, ~ 4%, and a greater crack density was observed comparing to the specimens
tested at room temperature. Meanwhile, cracks propagated downward gradually along the axial
(loading) direction, but no catastrophic failure was observed. Fig. 3.10i shows that the maximum
flow stress exceeds 3.5 GPa in specimens tested at room temperature; whereas the peak stress
reaches 2 GPa for specimens tested at 400°C at a true strain of 4%, and the stress decreases

thereafter.
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Figure 3.10. Uniaxial in situ microcompression tests on the flash sintered 3YSZ at room
temperature and 400°C at a constant strain rate of 5 x 1073 s, a-d SEM images during in situ
compression test of micropillars at different strain levels at 25°C. No crack can be detected until a
true strain of 8%. At the strain of 9%, the pillar experienced brittle catastrophic fracture. Scale bar,
2 um. e-h For micropillars tested at 400°C, cracks nucleated at smaller strain, ~ 4%. Crack density
increased with compressive strain. However, cracks propagated downward gradually and slowly
without catastrophic failure. Scale bar, 2 um. i The corresponding true stress-strain curve shows
that the flow stress exceeds 3.5 GPa for pillars tested at 25°C. In comparison, the pillar tested at
400°C has a flow stress of 2 GPa and higher elastic modulus.
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3.4.4. Temperature dependence of deformation mechanisms

Fig. 3.11a-j compare SEM images of flash sintered 3YSZ micropillars before and after
microcompression tests at various temperatures. It shows that 400°C is a fiducial temperature at
which fracture mechanisms change drastically. At 25 and 200°C, the micropillars, though they
sustained a large strain, fractured in a brittle (catastrophic) manner. On the other hand, when tested
between 400 to 600°C, multiple cracks initiated and propagated from the top surface down into the
pillars, leading to the formation of cauliflower morphologies at the top of the pillars (Fig. 3.11f, h,
and j). As the test temperature rose, a prominent decrease of crack density and propagation was
observed, implying that a new deformation mechanism began to govern the inelastic behavior of
the pillars at 400°C and beyond. Fig. 3.11k compares corresponding stress-strain curves of pillars
tested at different temperatures with black arrows, indicating the ultimate compressive strength
(UCS) of the pillars. Five true stress-true strain curves were obtained for reproducibility tests at
each temperature (shown in Fig. 3.12). The UCS of the flash-sintered 3YSZ decreases
monotonically with increasing test temperature as shown in Fig. 3.12l. However, elastic modulus
(measured from a series of partial unloading experiments) first increases with test temperature up
to 400°C and decreases thereafter. The critical strain for the nucleation of cracks decreases with
increasing test temperature, reaches a minimum at 400°C, and then increases to ~ 7.5% at 600°C.
Meanwhile, 3YSZ was also sintered without electric field at a constant heating rate of 25°C/min
to 1300°C and exhibited a failure stress of 2 GPa and a failure strain of 4%.

91



Before
compression

After
compression

4.0
A3-5 P k
N —~
89’3.0 - 400°C E
g 20 i = J 6 6
] & T ©
o 15} 2 7spl TN > 5 o | S
2 1.0} " ] £ sof LT N S {5%E
= e 600°C < --e-- Apparent E e \ {2 Oé ©

05N\ _ 1 25f—=—ucs D S {4

0 2‘5°C (WIO flqld) . ) 0 = .0— Cnt:cal str?ln J E ] , 15

007002 0.04 0.06 0.08 0.0 0.12 0 100 200 300 400 500 600
True strain Temperature (°C)

Figure 3.11. SEM images of the flash sintered 3YSZ micropillars before and after compression
tests from 25°C to 600°C and corresponding mechanical properties. a-d When tested at 200°C and
below, the pillar fractures in a brittle manner (into 2 major sections) at very large true strain. Scale
bar, 2 um. e-j When tested at 400-600°C, multiple cracks formed and propagated slowly into the
pillars, leading to formation of the cauliflower type of pillar tops. At 600°C, crack density and
propagation distance were substantially reduced. Scale bar, 2 um. k Corresponding true stress-
strain curves of pillars tested at different temperatures. Black arrows indicate the ultimate
compressive strength (UCS) of the pillars. Partial unloading at 0.5 and 1% strains were performed
to investigate the apparent elastic moduli of pillars tested at different temperatures. A stress-strain
curve for 3YSZ sintered without the electrical field is shown as reference. | Ultimate compressive
strength (UCS) decreases monotonically with increasing test temperature. The elastic modulus
increases with test temperature up to 400°C and decreases thereafter. Meanwhile, the critical strain
at which the first crack nucleation takes place decreases with temperature to a minimum of 4.5%
strain at 400°C and increases thereafter to 7.5% when tested at 600°C. 400°C is the onset
temperature where a different inelastic deformation mechanism begins to operate. Zone 1
represents phase transformation toughening from room temperature to 400°C. Zone 2 corresponds
to dislocation creep dominant plasticity above 400°C.
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Figure 3.12. Repeatability of true stress-strain curves for 3 YSZ tested at a 25°C, b 200°C, ¢ 400°C,
d 500°C, and e 600°C. Five microcompression tests were carried out to check repeatability of the
tests. Flow stresses in most studies show good agreement. Unloading studies at 0.5 and 1% strain
were carried out to measure the apparent elastic moduli at each temperature.
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3.4.5. Martensitic transformations

Meanwhile, we carried out TEM experiments on the YSZ pillars tested after microcompression
tests at room temperature. Fig. 3.13a-b show the SEM micrographs of the pillar before and after
compression test at room temperature. The pillar fractured at a flow stress of ~ 4 GPa and a strain
of ~ 6% (Fig. 3.13c). Bright-field XTEM image of the fractured pillar clearly shows the fracture
surface and embedded ultrafine grains (Fig. 3.13d-f). Numerous grains in vicinity of the fracture
surface were examined carefully. The diffraction pattern of grain 1 (Fig. 3.13g) was observed along
the [101] zone axis and indexed to be a monoclinic phase (JCPDS#37-1484). The interplanar
spacing of the (111) plane is measured to be 0.279 nm, consistent with the theoretical value of
0.284 nm. Grains 2 and 3 were examined along respective zone axis of [132] and [112] and
indexed to be monoclinic zirconia phase. These studies show that the tetragonal-to-monoclinic

phase transition indeed takes place during the compression tests.
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Figure 3.13. TEM analyses of a 3 YSZ pillar tested at room temperature. a-b The SEM image of
the pillar before and after compression test at room temperature. Scale bar, 2 um. ¢ The
corresponding stress-strain curve showing a flow stress of 4 GPa and a fracture strain of ~ 6%. d
Bright-field field XTEM image of the fractured pillar. Scale bar, 500 nm. e-f Bright-field XTEM
images of the pillar showing ultrafine grains near fracture surface. Grains 1-3 were chosen to
identify phase transformation. Scale bar, 200 nm. g-i Selected area electron diffraction (SAED)
patterns showing that grains 1-3 have monoclinic zirconia phase examined along respective zone
axis of [101], [132], and [112].

3.4.6. Cyclic loading tests

30 cyclic loading and partial unloading tests were carried out at a strain rate of 5 x 1073 s at
room temperature and 400°C as shown in Fig. 3.14. Holding segments prior to unloading for one
second (during which displacement remains constant) were added. First, 30 cyclic loadings (with
increasing strain in each cycle) up to a strain of 4% were conducted with partial unloading to half
of the maximum applied strain in each cycle in order to maintain a solid contact between the

diamond tip and pillar. No crack was observed for the specimens tested at room temperature during
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the cyclic tests, and the pillar exhibited a significant amount of recoverable strain during unloading
(Fig. 3.14b). After cyclic tests, a monotonic compression test (highlighted by a red curve in Fig.
3.14e) was conducted on the same micropillar up to a strain of 7%. The pillar exhibited 6%
recoverable and 1% irrecoverable strain without crack (Fig. 3.14c). The same pillar then
experienced a catastrophic failure in a succeeding monotonic compression test (Fig. 3.14d) at a
strain of 8% shown by a green curve in Fig. 3.14e. In comparison, Y SZ subjected to cyclic loading
tests at 400°C (Fig. 3.14i) showed much less recoverable strain than that tested at room temperature.
Also, small cracks formed (as shown in Fig. 3.149) at a strain of 4% during the cyclic loading test.
The subsequent monotonic microcompression test on the same pillar highlighted as a red curve in
Fig. 3.14i shows that the pillar exhibited a UCS of 2 GPa, and a residual strength of 1.5 GPa at a

strain of 9%, and multiple cracks formed after compression tests (Fig. 3.14h).

AR

Crack
foarmation

I e 25°C 2" compression I 'i 400°C — Cyclic loading
40t N I 1t — 1st compression
35} Loaﬁg 4 1 || vroading after cyclic Ioading-

/
3.0 U‘I/ i / ," \  Stress
nloadin ;

F 9 Unloading| \ ] relaxation

True stress (GPa)
N
(6]

10 i a / b
05/ £ ' |
08 A D P i i s
.00 002 004 006 008 O 0.06 0.08
True strain True strain

Figure 3.14. Cyclic loading and following monotonic compression tests at a strain rate of 5 x 1073
st at 25°C and 400°C and the corresponding stress-strain curves. a and f SEM images of
micropillars before cyclic loading tests. Scale bar, 2 um. b and g SEM micrographs of micropillars
after 30 cyclic loading tests. The cyclic stress-strain curves are shown as blue curves. ¢ and h After
the first monotonic compression tests highlighted in red curves. d After the second monotonic
compression test highlighted in green. The 27" loading-unloading curves at each temperature
shown in orange color and enlarged in the inserted stress-strain curves clearly show the hysteresis
loops. The upper portion of a loading-unloading curve is enlarged in a circle to illustrate the stress
relaxation for 1 second of holding at 400°C.
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3.4.7. Finite element method analysis on stress field distribution for dislocations

The effects of an externally applied or self-induced stress field, on polycrystalline YSZ was
determined by solving the mechanical equilibrium equation:

V-§=0 (3.3)

where the elastic stress, @, is linearly proportional to the elastic strain, £, as specified by Hooke’s

law, 0;; = Cjjki€r. The resultant state of stress distribution in a polycrystal imposes a Peach-

Kohler force on any existing dislocations, F = (b - &) x &, which in turn induces dislocation

motion, i.e., # = MF [166]. For YSZ, nine crystallographically possible elemental dislocation
configurations were numerically explored through finite element method (FEM) analysis [159].
Overall, calculations demonstrate that shear stresses concentrate at grain corners and boundaries
and enable the nucleation and propagation of dislocations into the grains, thus promoting plastic
deformation and leading to the pile-up of defects at the core of the abutting grains. An example of
these calculations is shown in Fig. 3.15 for an arbitrary crystallographic orientation of grains

assigned to the microstructure of Fig. 3.1a. For b = 3.16[111] A and & = [110] [167], line
defects are favored to move away from the grain boundary into the grain. At the grain boundary,
Fig. 3.16¢ shows outward pointing forces on both sides of the grain boundary, pulling dislocations
into the grain(s), while enabling metastable dislocation configurations at the grain boundary.
Similarly, Fig. 3.16d shows that grain corners act as a dislocation source, greatly contributing to
the plastic deformation of the surrounding grains. In some cases, the extent of the forces exerted
on the dislocations only spans a few nanometers and, in other cases, the same grain boundary can
act as a dislocation sink on one side of the interface and as a source on the other. Finally, in some
cases, dislocations are entirely unaffected by the grain boundary, but the grain corner always
remains active (Fig. 3.16). These effects are more pronounced for large angle misorientations, and

stresses above the yield point.
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Figure 3.15. Peach-Kohler force distribution in the vicinity of grain boundaries.
microstructure. Scale bar, 60 nm. b Zoom-in region around a selected grain corner highlighted in
the black-box region. Assigned Euler angle orientations are, for the bottom grain (a, 8, v) = (0,0,0),
for the top-right grain, (a, B, v) = (0, 45, 0) and for the top-left grain, (o, B, y) = (45 ,45,0). For the
BCT system, b= 3.16[111] A and dislocation line, = [110], c-d The Peach-Kohler forces for
a polycrystal subjected to a —200MPa in-plane vertical compression for plane strain conditions at
selected locations. The maximum magnitude of the force per unit length on the test dislocations
is |F|=0.059 N/m. For this particular Burgers vector and line direction, the resultant force field
favors dislocations to pile up in the abutting grains, making grain boundaries and corners sources

and sinks of dislocations.
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Figure 3.16. Summary of Peach-Kohler forces for microstructure shown in Fig. 3.14a. Each inset
shows a different test dislocation line: a5 = 3.16[111] Aand £=[111],b5=3.16[111] Aand &=
[110], c5=3.16 [111] A and =[110], d b=3.16[111] A and &= [110], e b=3.16[111] A and
E=[101], f5=3.16[111] A and E=[011], g b=3.16[111] A and &= [100], h 5=3.16[111] A
and £=[010], and i 5=3.16[111] A and &= [001]. In all cases, grain corners and boundaries
become sources or sinks for dislocations.

3.5. Discussion

In general dislocations are rare in ceramics as the strong covalent and ionic bonding greatly
discourage the formation of dislocations in ceramics. However, TEM studies show ample evidence
for the formation of high-density dislocations in flash sintered 3YSZ. Also, dislocation arrays are

frequently observed near triple junctions. It is likely that a large stress concentration (gradient)
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develops near triple junctions during the rapid grain growth process. Significant mass (atomic)
transport occurs during the flash sintering process to fill in the voids between grains/particles
during a very short sintering time (several seconds). The high rate (4-5 orders of magnitude faster
than conventional sintering) of mass transport and flow near triple junctions may lead to substantial
plastic deformation (enabled by high-density dislocation arrays as shown in Fig. 3.5¢) during flash
sintering [80]. This assertion coincides with TEM studies of 3YSZ sintered under 1.5 and 15 V/cm,
which display insignificant grain growth and little dislocations. Rapid grain growth and large
electric field may play a significant role in producing dislocations and their arrays by generating
the internal stress during flash sintering. The electric field of 1.5 and 15 V/cm for flash-sintering
3YSZ is insufficient to induce dislocations. Interestingly, intragranular dislocations and
dislocation entanglement in 3YSZ have been observed at ultra-high temperature, 1400°C during
tensile creep tests at 50 MPa [168]. In the current study, the generation of intragranular dislocations,
their arrays and entanglement near triple junctions may strongly depend on stress and high strain
rate plastic flow during flash sintering. The shear stresses allowing dislocation pile-up in 3YSZ
range from 350 to 1260 MPa based on the lattice dislocation pile-up model [169]:

t=2N (3.4)
where G is the shear modulus, b is the Burgers vector, N is the number of intragranular dislocations
in the pile-up within a grain, and L is the length of dislocation pile-ups. From TEM measurement
on dislocation separation distances in the pile-ups, ~20 nm, in flash sintered 3YSZ, the shear stress
during flash sintering is estimated to be ~ 1230 MPa (by taking G = 65 GPa and b for <110> type
lattice dislocation = 3.6 x 10719 m), which is within the range that can form dislocation arrays in
3YSZ at elevated temperatures during flash sintering. The dislocation density in many grains
reaches as high as 2 — 3 x 1012 m, comparing to the typical density of ~ 108-10'°’m2 in a
majority of ceramics. These high-density dislocations play a vital role on the deformability of the
flash-sintered 3YSZ tested at elevated temperatures. It is well known that dislocation glide is
unlikely to take place in bulk ceramic material at room temperature unless applying a confinement
pressure via hydrostatic or gaseous medium [49]. However, at microscales, plastic deformation of
certain ceramics by glide of dislocations has been observed [170,171]. Camposilvan et al.
investigated the plasticity of conventionally sintered YSZ at small scales at room temperature and
speculated that dislocation activity along with transformation induced-plasticity at a higher stress

level (without showing direct evidence of dislocations) may be a possible inelastic deformation
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mechanism for YSZ [43]. Our finite element method analysis on stress distribution for dislocations
in polycrystalline YSZ further supports this assertion and shows that shear stress concentration
near grain boundaries and triple junctions induces the nucleation and migration of dislocations,
thereby enhancing plastic deformation of YSZ (Fig. 3.15 and 16).

A strain of ~8% for stabilized zirconia owing to martensitic transformation-induced
plasticity has been previously reported [14,41,43,45,46]. However, micropillars exhibiting such a
large strain were often limited to single and oligocrystalline structures to minimize internal
mismatch stresses during martensitic transformation. The micropillars of the flash-sintered 3YSZ
consist of subgrains, ~ 160 nm in diameter, much smaller than the diameter of the micropillars (3
um). Thus, the large ~8% inelastic flow may arise from not only transformation induced plasticity
but also dislocation activity especially at higher stress level.

For micropillars tested at 400°C, cracks nucleated at smaller strain, ~ 4%, due to the lack
of martensitic transformation toughening. At elevated temperatures, the metastable tetragonal
phase begins to thermally transform into stable tetragonal and cubic phase, degrading the
deformability of the flash sintered 3YSZ by transformation toughening. However, at 400°C, cracks
initiated from the top surface of the micropillar, propagate downward gradually and slowly without
catastrophic failure unlike the brittle catastrophic fracture of micropillars tested at room
temperature. The prominent variation of fracture morphology of the deformed pillars implies that
a new inelastic deformation mechanism supersedes martensitic transformation toughening as
temperature rises. In the conventionally sintered bulk YSZ system, it is known that the 700 to
800°C temperature range favors other mechanisms (grain boundary sliding, ferroelastic domain
switching and/or dislocation activity) as a substitute to martensitic transformation [39]. However,
the flash sintered YSZ contains nanograins, oxygen vacancies and abundant preexisting
dislocations, which may result in the early activation of other inelastic deformation mechanisms
at 400°C [83,153]. It is worth mentioning that the critical strain for the pillars compressed at 200°C
is still high (~6%). Catastrophic failure of pillars was also observed for specimens tested at 200°C,
and transformation toughening-induced plasticity remains the dominant inelastic deformation
mechanism of the flash-sintered 3YSZ.

At an even greater test temperature, the martensitic phase transformation toughening is
gradually replaced by the activation of a new inelastic deformation mechanism. Basically, the

critical strain at which the first crack occurs decreases with increasing test temperature and reaches
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a minimum at ~ 400°C as can be seen in Fig. 3.11i. The earlier occurrence of cracks at an elevated
temperature (at lower critical strain than that at room temperature) implies a lack of transformation
toughening. The critical strain for the onset of crack propagation increases when the test
temperature is > 400°C. Furthermore, in contrast to the crack triggered catastrophic failure in low
temperature specimens (25 and 200°C), cracks in high temperature specimens (> 400°C) propagate
slowly and are more uniformly distributed in the top portion of the deformed pillar, leading to the
dilated cauliflower morphology. The slow crack propagation speed indicates enhanced
compressive ductility at elevated temperature. As phase transformation toughening is less likely
to operate at high temperatures, the enhanced plasticity of YSZ may arise from deformation
mechanisms, such as dislocation creep and/or grain boundary sliding. The high-density
dislocations in flash sintered specimens suggest that dislocation power creep type of mechanism
is highly likely. Meanwhile the small grains retained in the flash sintered specimens may promote
grain boundary sliding as a favorable deformation mechanism. Therefore, 400°C is the brittle-to-
ductile transition temperature for flash sintered YSZ, a much lower value than the one reported for
conventionally sintered or single crystal YSZ systems (~800°C) [52].

The apparent elastic moduli of tested YSZ are lower than the theoretical values (210 GPa)
at all test temperatures. It is well known that the underestimation of elastic modulus in the
microcompression tests can be attributed to taper angle of the pillars, misalignment between the
tips and pillars, and stress concentration on the top surface of the pillars [43]. Taking the
underestimation into consideration, it is still surprising that the apparent elastic modulus of the
flash sintered 3YSZ increases with temperature and reaches a maximum at 400°C (Fig. 3.11i). This
is because: a) the dominant phase of 3YSZ at room temperature is metastable tetragonal phase of
zirconia and the elastic modulus of tetragonal phase is known to be lower than that of monoclinic
and cubic phase [167,172]. When temperature increases, an increasing portion of tetragonal
zirconia undergoes transformation to stable tetragonal and cubic phase, which may lead to the
slight increase of the apparent elastic modulus* [15]. b) Ceramic materials retaining superelasticity
usually exhibit lower elastic modulus due to the strain burst. It follows that the larger elastic
modulus observed at elevated temperatures is an indication of suppression of the martensitic phase
transformation due to thermodynamically reinforced stability of tetragonal phase [17,18]. The total
free energy change for martensitic transformation per unit volume (AU,) can be expressed as [17],

AU, = AU, + AU, + AU, — AU, (3.5)
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where AU, is the chemical free energy change, AU, the elastic energy change associated with
volume expansion of tetragonal zirconia constraint by matrix, AU, the interface energy change
(negligible), and AU, the change in free energy associated with an external applied stress. This
mechanical term should be larger than the first three terms on the right-hand side for martensitic
transformation to occur. When the chemical free energy term (AS,,,(M; — T)) and additional free
energy change (AS,, (Mg — T,)) due to the presence of dopant are taken into account [18], the total
free energy change as a function temperature is given,

AU, = AS,,(M; — T) — AU, (3.6)
where AS,, is entropy change associated with martensitic transformation and M, is the martensitic
start temperature. When M, = T, spontaneous martensitic transformation takes place without the
external stress. As test temperature increases, the chemical energy change also increases (note that
entropy term is negative value), thereby requiring larger mechanical term to overcome free energy
barrier for martensitic transformation to occur.

The higher temperature (T > 400°C) weakens the interatomic bonds and thus reduces the
elastic modulus, and high-density flash sintered dislocations significantly contribute to the
plasticity of 3YSZ as manifested by the increasing critical strain to nearly 7.5% before the
observation of cracks at 600°C. In summary, elastic modulus, critical strain and fracture behavior
of flash-sintered 3YSZ at each test temperature indicate that 400°C is the temperature beyond
which inelastic deformation mechanism of the flash-sintered YSZ changes prominently. Therefore,
Zone 1 in Fig. 3.11i corresponds to transformation toughening dominated region below 400°C;
whereas Zone 2 is associated to dislocation activity and presumably grain boundary sliding
dominant region above 400°C.

An indirect way to confirm martensitic transformation is to check the existence of reverse
transformation. As shown in Fig. 3.14a-e, a significant amount of recoverable strain was observed
during partial unloading owing to reverse transformation at room temperature. Furthermore,
hysteresis loops appear as strain increases. The area of the hysteresis loop tends to increase as
stress and strain both increase. The appearance of hysteresis loops may be attributed to reverse
transformation and reopening of closed pores in the flash-sintered 3YSZ [51]. The pillar after the
cyclic loading test experiences 1% plastic strain, but still does not exhibit cracks as can be seen in
Fig. 3.14b. It is worth mentioning that the stress-strain curves show stronger linearity as the cyclic

compression tests are conducted on the same pillar. The stress-strain curve for the second
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monotonic test shows the highest linearity compared to the cyclic loading and the first monotonic
compression test. This implies that martensitic transformation begins to concede as consecutive
compression tests are carried out on the same pillar because part of the transformed monoclinic
phase does not revert to tetragonal as the load on the pillar is removed [173]. Cyclic loading tests
at 400°C show significantly less recoverable strain than the room temperature tests due primarily
to the lack of transformation toughening, but the hysteresis loop remains visible presumably due
to reopening of the microcracks and pores. An increase of crack density and slow crack
propagation seem to prevent the pillars from undergoing brittle factures and the pillar achieves a
residual strength of 1.5 GPa. Furthermore, stress relaxation measured during the holding segment
(1 s for cycles) is observed at both room temperature and 400°C (Fig. 3.17). Room temperature
test exhibits the same amount of stress relaxation during holding regardless of the overall strain.
The formation of new microcracks and strain energy reduction in the pillar may result in the stress
relaxation at room temperature [174]. On the other hand, a significant increase of stress relaxation
(the absolute value of stress reduction) is observed at 400°C and the stress relaxation increases as
the pillar undergoes plastic flow. Stress relaxation at high temperature is normally due to high
temperature and stress induced-sintering and closure of pores [174]. However, this mechanism is
less likely at the low temperature (400°C). Thus, stress relaxation taking place at 400°C may be
mainly contributed by a thermally activated inelastic process such as the effect of grain boundary
sliding, and/or diffusional creep of dislocations generated during the ultrafast sintering process.
Another possible explanation is transient dislocation movement during the holding segment
triggered by dislocation gliding, which is more likely to happen at elevated temperatures [43]. Thus,
the observation of stress relaxation may indicate that the dislocation activity contributes to
deformability of flash-sintered 3YSZ together with grain boundary sliding and/or diffusion
induced-inelastic mechanism above 400°C. The proposed relaxation mechanisms are all thermally
activated phenomenon and time is an important variable. To better understand the inelastic
mechanism activated at elevated temperature, systematic strain rate jump microcompression tests

are needed in future studies.
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Figure 3.17. Stress relaxation as a function strain at room temperature and 400°C during one
second holding segment of cyclic loading and unloading tests.

3.6. Conclusions

In conclusion, the first in-situ study on mechanical behavior of flash sintered YSZ was
performed inside SEM at elevated temperatures up to 600°C. At room temperature YSZ
micropillars sustain giant strain (~8%) comparing with its bulk counterpart (~2%) due to the stress-
induced martensitic transformation toughening. However, the pillars fracture catastrophically after
the nucleation of cracks. In comparison, a brittle-to-ductile transition of fracture mode is observed
at 400°C in flash sintered YSZ, much lower than the ~800°C reported in conventional bulk YSZ.
The enhanced plasticity at elevated temperatures is due to the transition from phase transformation
toughening to dislocation creep, as the dominant inelastic deformation mechanism due to the
existence of high density of dislocations in flash sintered YSZ and/or to early initiation of grain
boundary sliding owing to nanosized grains. This study provides the first evidence on superior
mechanical properties of flash sintered ceramics, and in-situ nanomechanical testing technique at
elevated temperatures and provide an important way to fundamentally understand the densification

and mechanical properties of ceramics.
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CHAPTER 4. STUDY OF DEFORMATION MECHANISMS IN FLASH-
SINTERED YTTRIA-STABILIZED ZIRCONIA BY IN-SITU
MICROMECHANICAL TESTING AT ELEVATED TEMPERATURES

The following chapter contains content reproduced with permission from “J. Cho, J. Li, H. Wang,
Q. Li, Z. Fan, A. Mukherjee, W. Rheinheimer, H. Wang, X. Zhang. “Study of deformation
mechanisms in flash-sintered yttria-stabilized zirconia by in-situ micromechanical testing at
elevated temperatures.”, Materials Research Letters, 7 (2019): 194-202.” Copyright 2019 Taylor
& Francis Group

4.1. Overview

Flash sintering has received wide attention lately due to its ultrafast densification process
at low sintering temperature. However, the deformability of flash-sintered ceramics remains poorly
understood. Yttria-stabilized zirconia (YSZ) was processed by flash sintering to study deformation
mechanism. Transmission electron microscopy studies show that the flash-sintered YSZ contains
ultrafine grains and dislocations. Strain rate jump tests at elevated temperature by in-situ
microcompression test indicate the existence of a large threshold stress. The activation energy of
deformation is ~145 kJ/mol, similar to the activation energy for oxygen vacancy migration. The

deformation mechanisms of the flash-sintered YSZ at elevated temperatures are discussed.

4.2. Introduction

Field-assisted sintering technique (FAST) is of great industrial importance and widely
applied due to a significant energy saving by lowering sintering temperature and time [175]. Flash
sintering, one of the FASTSs, is a newly developed technique that permits the dramatic reduction
of sintering time and temperature and permits substantial currents to flow through specimens [58].
During flash sintering, an ultrafast densification process occurs by applying an electrical field at a
constant heating rate. When the furnace temperature is higher than the onset (flash) point, which
is dependent upon the magnitude of applied electric field and the material’s conductivity, an
instantaneous densification process takes place within a few seconds [80]. Many ceramic systems,
such as yttria-stabilized zirconia (YSZ), titania, zinc oxide, and ceria have been successfully
prepared by flash-sintering [59,63,158,176], and the number of flash-sintered ceramic systems

increases rapidly. Among these systems, YSZ is one of the most widely explored ceramics in the
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field of flash sintering, as YSZ has a variety of important industrial applications, such as thermal
barrier coatings, dental implants, oxygen sensors, and solid oxide fuel cells [7,12,177,178].
Mechanical behavior of YSZ has been intensively investigated. Among these there are
several studies on microscale mechanical testing, which mostly highlight superior superelasticity
and shape memory effect at room temperature owing to martensitic transformation [14,41-
43,45,46,179]. However, our understanding on deformation mechanisms of microscale YSZ at
elevated temperatures remains limited. In addition, ceramics processed by flash sintering technique
is known to have intriguing microstructures containing a considerable number of charged defects
and ultrafine grain sizes [80,83]. Our previous in-situ study shows that the flash-sintered YSZ has
a high density of preexisting dislocations induced by flash sintering and has a transition of
deformation mechanisms at 400°C [180]. Here, we report further studies on underlying
deformation mechanism of the flash-sintered 3 mol % yttria doped zirconia (3YSZ) at elevated
temperature (above 400°C). We utilize in-situ microcompression jump tests to avoid complicated
data analyses associated with nanoindentation [181]. These tests reveal the existence of a large
threshold stress for activation of dislocation creep. Furthermore, the activation energy for creep is
measured from in-situ compression tests and provides important insight on defect dominated

deformation mechanisms in flash-sintered ceramics.

4.3. Experimental procedures

The experiment was conducted in a customized thermomechanical analyzer (SETSYS
Evolution, SET ARAM Instrumentation). Disk-shaped 3YSZ specimens with a diameter of ~ 5
mm and a thickness of ~ 2 mm (using TZ-3Y-E powders, from Tosoh corp., with 40 nm grain size,
please see Table 4.1 for purity information.) were sandwiched between two Pt electrodes. An
alumina rod pushed the electrodes with a few kPa pressure to insure a rigid contact between the
sample and electrodes. A compact specimen dimension was intentionally used to minimize density
and grain size fluctuations throughout the sample. An electrical field of 150 VV/cm was applied to
the specimen with a constant heating rate of 25 °C/min until the sample undergoes a rapid
densification at a furnace temperature of 1150°C. Right after the onset of flash, the applied heat

and electrical field were removed right away to prohibit grain growth.
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Table 4.1. Compositions of chemicals in 3YSZ (Provided by Tosoh corp.)

Chemicals Content (%)
Y203 (mol%) 3
Y203 (Wt%) 52%0.5
HfO2 (wt %) <5.0
Al203 (wt %) 0.1~04
SiO2 (wt %) = 0.02
Fe203 (wt %) = 0.01
Na>O (wt %) = 0.04

Transmission electron microscopy (TEM) studies were performed on the as-sintered 3YSZ.
Sequential grinding, polishing, dimpling and ion milling (PIPS 1l, Gatan) were employed to
manually prepare TEM specimens of the flash-sintered 3YSZ. TEM experiment were performed
on an FEI Talos 200X transmission electron microscope operated at 200 kV.

To investigate the microscale mechanical behavior of flash-sintered 3YSZ, micropillars
with ~ 3 um in diameter and ~ 8 um in height were fabricated by focused ion beam (FIB) technique
in an FEI 3D FEG scanning electron microscope. Prior to the fabrication of micropillars, the
specimen was polished by SiC sandpapers, ~ 1 um diamond papers, and ~ 20nm colloidal silica.
The pillars were prepared on a dense area (judged by SEM studies) in the center of the sample to
avoid inhomogeneous microstructure. The pillars from this region contain only a few nanovoids
as can be seen in Fig. 4.1. The specimen was mounted on a ceramic stage heater in a Hysitron PI
88xR nanoindentation system. A 5 um diameter diamond flat punch tip equipped on a piezoelectric
transducer for collection of force and displacement was used to compress the micropillars. The
diamond flat punch and specimen were heated to desired temperature (450, 550, and 650 °C) at
the same ramping rate of 20 °C/min. The microcompression tests were conducted when thermal
equilibrium is achieved to minimize mechanical and thermal drifts. Thermal drift rate, less than
1.1 nm/s, was measured prior to each compression tests for 40 s. True displacement data

compensating the displacement offset were acquired by the nanoindentation system.

4.4. Results

TEM micrograph (Figure 4.1(a)) shows ultrafine grain size in the flash-sintered 3YSZ. A

systematic linear intercept method reveals the average grain size (more than 200 grains) of 159470
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nm with a large variation, and the flash-sintered 3YSZ has a 98% density determined by many
micrographs. TEM studies also show a significant amount of preexisting dislocations (Figure
4.1(b)). Strain rate jJump tests were carried out on numerous micropillars at different temperatures
(450, 550, and 650 °C) to study the underlying deformation mechanisms. A strain rate of 5x10*s”
! was applied in the elastic region (~ 2%) of the stress-strain curve, and strain rates of 3x102 s2,
1x102 s, 5x102 51, and 3x107 s were applied in the plastic deformation region to obtain flow
stresses at each temperature. Figure 4.1 (c-e) shows SEM snapshots of the tested pillars at various
strains at each temperature. Cracks propagated downwards from top surface, but no catastrophic
failure was observed after tests at elevated temperatures. Figure 4.2 (a-c) shows multiple stress-
strain curves of strain rate jump tests at three temperatures. The stress-strain behavior shows good
reproducibility taking into consideration the porous nature of ceramic materials. As test
temperature increases, the flow stresses tend to decrease, and crack density and propagation speed
reduce significantly. The flow stresses for each strain rate were obtained at a strain of 6%, which
is the half of the maximum compression strain (12%). Such a strain value permits the least
extrapolation for stress analysis at each strain rate. Also, every stress-strain curve collected at three
temperatures shows the obvious stress plateau above 4 to 5% strain, indicating that the strain from

which the flow stresses is collected should be larger than 5% strain.
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Figure 4.1. Microstructure and strain rate jump tests on the flash sintered 3YSZ. (a-b) Bright field
TEM micrographs of the flash sintered 3YSZ showing (a) ultrafine grains and (b) an array of
preexisting dislocations. (c-e) SEM snapshots of the pillars tested at 450, 550, and 650°C at 0, 3%,
6%, and final strains (11-12%). Several cracks propagated from the top surface of the pillar. Crack
length and density reduce as test temperature rises.

110



3.0

(a) 450°C 3x10"s
25 o 1025 o] 4
S 20|
O 3x103 s
@ 1.5}
L o
& 1.0F 3
05Ff@
.00 0.02 0.04 0.06 0.08 0.10 0.12
Strain
3.0 : . ’
(b) 550°C
25t
&2.0- 102 =
g 5x102s-1
1.5} S
g 3x103s-
=101 ML
n 1.0 .
05}/
&
.00 0.02 0.04 0.06 0.08 0.10 0.12
Strain
3.0 : . r
(c) 850°C
25t
a 0 -1
% 2.0 — 10"s
% 131 P 5x102s1
“ 10} 4 3x103s
7]
05t N S
&

(9.00 0.02 0.04 0.06 0.08 0.10 0.12
Strain

Figure 4.2. Stress-strain curves for strain rate jump tests on the flash sintered 3YSZ at 450, 550,
and 650°C. Stress-strain curves for three strain rate jump tests at (a) 450°C, (b) 550°C, and (c)
650°C. Strain rate of 5x10* s was employed in the elastic region. Strain rates of 3x1072 s, 1x10-
251 5x102 s, and 3x10 s were utilized in the plastic region to obtain flow stresses at each
temperature. The flow stresses increase with increasing strain rate and decreasing temperature,

The flow stresses at various temperatures and strain rates were extracted and plotted as a
function of strain rate after taking natural logarithm (Figure 4.3 (a)). Strain rate sensitivity (m) at
a fixed temperature and strain can be calculated by

m=(5ns)., (4.0),
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where o is an applied stress and € is strain rate [182]. m values obtained from the slope of the
fitting line in Figure 4.3 (a) at 450, 550, and 650 °C are 0.043+0.022, 0.034+0.011, and
0.03040.030, respectively. The deformation mechanism of materials at elevated temperature
follows an Arrhenius-type relation under the assumption that the deformation is dominated by a

single process [183] and can be expressed by

. n _g
E=A,0 exp( RT) (4.2),
where A, is the pre-exponential constant, n is the stress exponent, and Q is activation energy of
the dominant deformation mechanism. When we assume the constant stress exponent and applied

stress, Equation (4.2) can be rewritten as,

é=Ayexp(—2) (4.3)
where A; is a constant, which includes the applied stress term [184]. The assumption of the
constant stress exponent for the power law means that there is no transition in deformation
mechanisms within the test temperatures which agrees well with our previous study [180]. When
the applied stress is fixed at 2,000 MPa, the corresponding strain rates can be obtained at each
temperature by drawing a horizontal line in Figure 4.3 (a). By plotting In€ vs. 1000/T, the

activation energy can be calculated from the slope (Figure 4.3 (b)). The activation energy so

calculated is 347 +151 kJ/mol. Plotting In (e exp (%)) vs. Ino with a substitution of the
activation energy of 347 kJ/mol into Equation (4.1) yields an unusually large stress exponent of ~
30 (Figure 4.3 (c)). The unphysically high stress exponent obtained using this method implies that
threshold stress must be taken into account for exploring the underlying deformation mechanism.
The threshold stress, o, can be graphically determined by plotting £/ vs. ¢ at each temperature

and is used to correct the stress in Equation (4.2) as follows:

€= Ao(0 = 0,)"exp (— o) (4.4)
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Figure 4.3. Data processing from strain rate jump tests on the flash sintered 3YSZ at 450, 550, and
650°C before considering the presence of the threshold stresses. (a) Effect of strain rates on flow
stress at each temperature. Note that the natural logarithm of both strain rate and flow stress is
taken and plotted. The slopes represent strain rate sensitivity (m). (b) Temperature dependence of
strain rate at a flow stress of 2 GPa. The activation energy for the underlying deformation
mechanism turns out to be 347+151 kJ/mole. (c) Flow stress versus the normalized strain rate.
The slope indicates the stress exponent (n). The abnormally high stress exponent (30.2) implies
the existence of the threshold stress.
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The threshold stress is determined from the intercept between the linear regression of
extrapolated data points and the stress axis (when & = 0) as demonstrated in Figure 4.4. To
determine the threshold stress, the stress exponent must be known. The most common deformation
mechanisms of YSZ system are diffusional creep (n=1), grain boundary sliding (n=2) and
dislocation creep (n=7) [185,186]. Figure 4.4 (a-c) shows /™ vs. o plot when we assume that the
dominant deformation mechanism is diffusional creep, or grain boundary sliding, or dislocation
creep, respectively. When the stress exponent is assumed to be 1, the fitting of data points
significantly deviates from the linear regression dotted lines, indicating that n =1 is an unlikely
scenario. Similarly, the assumption of n = 2 also leads to noticeable deviation from the linear
regression line. When n = 7 is assumed, the linear regression lines exhibit best fits for data points
at all three test temperatures, indicating that the same deformation mechanism takes place during
this temperature range, which justifies the assumption of a constant stress exponent in Equation
(4.3). Therefore, the threshold stresses at each temperature were obtained from the linear
extrapolation of the experimental data using n = 7. The data was replotted in Figure 4.5 after taking
the effective stress (¢ — a,) into account. Plotting In(o — g,)) vs. In€ in Figure 4.5 (a) shows
corrected strain rate sensitivities of 0.1554+0.085, 0.1424-0.050, and 0.154+0.151 at 450, 550, and
650°C, respectively. The corrected activation energy of 145+74 kJ/mole was obtained at a constant
flow stress of 500 MPa by plotting In€ vs. 1000/T. The strain rate sensitivities become much
greater and the activation energy significantly decrease after the correction of the flow stress. The
determination of the threshold stresses with an imposed stress exponent of 7 naturally returns a

self-consistent stress exponent of 6.7 as demonstrated in Figure 4.5 (c).
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Figure 4.4. The determination of the threshold stress for the flash sintered 3YSZ at 450, 550, and
650°C. (a) The determination of the threshold stress with a stress exponent of 1. The actual data
points are significantly deviated from the linear regression lines as indicated by the curved dash
lines. (b) The determination of the threshold stress with a stress exponent of 2. The actual data
shows better linear fit than those with a stress exponent of 1, but still deviates from the linear
regression lines by exhibiting positive upward curvature. (c) The determination of the threshold
stress with a stress exponent of 7. The linear regression lines match well with the actual data. The
extrapolation of the linear line to zero strain rate describes the threshold stress.
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Figure 4.5. Corrected data processing from strain rate jump tests on the flash sintered 3YSZ at 450,
550, and 650°C in consideration of the presence of the threshold stress. (a) The corrected flow
stress as a function of strain rates at each temperature. The strain rate sensitivities after the
correction increase to 0.15. (b) Temperature dependence of strain rate at a flow stress of 500 MPa.
The activation energy is estimated to be 145+74 kJ/mole. (c) The corrected flow stress versus the
normalized strain rate. The data correction with an imposed stress exponent of 7 returns the stress

exponent of 6.7.
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4.5. Discussion

A majority of ceramic materials have little dislocations, unless deformed at high
temperatures. Prior studies on flash-sintered 3YSZ show that arrays of dislocations are retained
frequently. Some dislocations exist near the triple junctions where the sintering stress is
concentrated during the flash sintering process [180]. This noticeable presence of high-density
dislocations in the flash-sintered 3YSZ is surprising. It has been shown that flash sintering can
induce significant amount of point defects in ceramics [83]. We anticipate that substantial mass
transport during flash sintering results in considerable plastic flow, which is accommodated by
generation and migration of a high-density of dislocations [80]. We also hypothesize that during
flash sintering, the transient high current densities through specimens along with locally very high
temperatures due to Joule heating promote sintering and introduce a significant number of defects,
such as Frenkel defects [58], dislocations, and stacking faults. The formation or nucleation of these
defects facilitate the plastic deformation of flash sintered YSZ via a defect (dislocation) dominated
plasticity. The activity of dislocations may not play a significant role in the deformability of 3YSZ
at room temperature as the glide of dislocations is often hindered by the strong covalent and ionic
bonding. However, the nucleation and activity of dislocations in bulk 3YSZ were often observed
after mechanical tests at high temperatures (> 800°C) [168,187]. In the current study, abundant
intragranular dislocations and entanglement were already generated during the high strain rate
mass flow during fast densification in the flash-sintering process. Furthermore, the plastic
deformation of ceramics by dislocation glide in micromechanical tests has been observed
previously because the miniaturization of specimen decreases strain gradients and the population
of intrinsic flaws [49,170,171]. Therefore, it may be possible that the numerous preexisting
dislocations contribute to the deformability of the flash-sintered 3YSZ at the intermediate test
temperatures in the current study. One may speculate that the high concentration of defects
(dislocations and point defects) may be unstable and tends to decrease significantly at high
temperatures. However, in the present in-situ experiments, the test temperatures are relatively low,
ranging from 450 to 650°C, which are equivalent to 0.27 - 0.31Tm. At these temperatures, the
mobility (i.e. diffusion coefficients) of cationic point defects is negligible. As such, a defect
equilibration involving a diffusion of cationic defects is less likely to occur for kinetic reasons.

Also, the intermediate temperature is insufficient for recovery of dislocations in ceramics.
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Initial plots of the experimental data from the strain rate jump tests, following Equation (4.1),
yield the stress exponent of 30, too high to physically describe the appropriate deformation
mechanisms. Such an abnormally large n value has been reported before, and the introduction of
threshold stress as shown in Equation (4.4) returns a more appropriate n value and activation
energy [188-190]. Following a similar methodology, the linear regression of the data using a n
value of 7 provides the best linear fit as evidenced in Figure 4.4 (c). Furthermore, the usage of a
modified creep equation returns a self-consistent n value of 6.7, indicating the methodology
applied here is appropriate. An n value of 7 corresponds to dislocation glide dominated creep
mechanism. Thus, the current study suggest that the dislocation activity may be the dominant
deformation mechanism in the flash-sintered 3YSZ between 450°C and 650°C. This temperature
range is lower than the onset of dislocation controlled creep in conventional YSZ which typically
is higher than 800°C.

Table 4.2. Flow stress, yield strength and threshold stress at each temperature and strain rate.

Tempee Strain rate Flow stress Yield strength Threshold stress
(°C) ) (GPa) (GPa) (GPa)
0.003 2.1440.14
0.01 2.27+0.11
0 0.05 2.4240.10 1.3240.25 1.67+0.05
0.3 2.61+0.10
0.003 1.71+0.05
0.01 1.7640.05
>30 0.05 1.84+0.07 1.1940.10 1.3940.02
0.3 2.00+0.05
0.003 1.4840.11
0.01 1.5240.12
630 0.05 1.60+0.11 1.07£0.13 1.24+0.11
0.3 1.7140.13

The threshold stresses obtained from the intercept of the linear extrapolation with the stress
axis are 1.67, 1.39, and 1.24 GPa for tests at 450, 550, and 650°C, respectively. The threshold
stress of ~ 1.7 GPa is abnormally large to be explained by using the conventional concept of grain-
boundary dislocations and surface tensions. As such, the introduction of friction stress can help
understand the large threshold stresses determined here. It is known that materials with high Peierls

stress tend to have large errors in activation energies and stress exponents when calculated using
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conventional creep equations [191]. Therefore, the introduction of a,, referred to as internal stress
or friction stress, in the creep equations is necessary to obtain appropriate values [192]. Given that
YSZ is a ceramic material, its high Peierls stress, g, is > 1.0 GPa, in this study is not very
surprising. Kamimura et al. (2018) suggested Equation (4.5) yielding Peierls stress (zp) for 3YSZ

via Peierls-Nabarro model of the planar core dislocation [193].

sin%60

b h 1
Tp = pksexp (—km3) and k = —( + cos?6) (4.5),

1-v
where p is the shear modulus, k is an preexponential factor, b is the Burgers vector, & is the lattice
periodicity, h is the spacing of the glide plane, and v is the Poisson’s ratio. Their equation yields
the maximum value of 6.4 GPa for 3YSZ at 450°C, higher than the threshold stress obtained in
this study. Baufeld et al. derived Peierls stress of 4.5 GPa for fully stabilized zirconia (doped with
11 mol% Y20s3) at 600°C using experimental data [194]. Dominguez-Rodriguez et al. determined
the friction stress of 2.4 GPa for 9.4 mol% YSZ at <570°C [195]. We believe that the segregated
oxygen vacancies at the dislocation core reduces the Peierls (friction) stress considerably by
decreasing the strength of interatomic bonds.

The threshold stresses observed in metallic materials are typically measured at high
temperature, where sometimes superplasticity has been observed in, e.g. Al alloys [190].
Furthermore, the threshold stress appears to decrease at higher test temperature. In this study,
higher test temperature may weaken the strong covalent and ionic bonding of 3YSZ, such that the
threshold stress decreases as temperature increases. Furthermore, the calculated threshold stresses
are comparable to the yield strength of specimens at each temperature as shown in Table 1. As
such, we hypothesize that the large threshold stress in this study is (1) the stress necessary to
activate the migration of dislocations or (2) the stress necessary to overcome the friction caused
by the point defects segregated along the dislocation cores. In general, the yield strength of
polycrystalline ceramic materials indicates the stress necessary for microcracking, phase
transformation, or dislocation movement [196]. It was reported that dislocation dominated plastic
flow is favorable at the low homologous temperature and high external stress [197]. The highest
test temperature in this in-situ study is equivalent to 0.31Tr and the applied external stress is higher
than 1 GPa. On the other hand, the high threshold stress may also be related to segregation of
charged point defects along the dislocation cores, exerting a pinning effect that can be explained

by interpretation of the activation energy shown in the next paragraph.
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The activation energy for the rate controlling mechanism is ~145 kJ/mol after taking the
presence of threshold stress into consideration. Such a value is significantly less than the activation
energy for grain boundary diffusion and lattice diffusion of cations, but comparable to the
activation energy for oxygen and oxygen vacancy migration (96.5 ~ 220 kJ/mol) in YSZ (See
Table 4.3) [71,198-201]. As will be discussed in the following, it seems likely that this low
activation energy is a consequence of point defect segregation to the dislocations and their pinning
and dragging impact due to diffusion. When assumed that the migration of dislocations is governed
by thermal activation required to overcome local obstacles (point defects in our hypothesis) and/or
friction stress, we can estimate the activation energy of dislocation movement by adopting the
classical dislocation theory. Impurity segregation to dislocations is a well-known phenomenon in
the metallic materials and is known to be analogous to grain boundary segregation [202—204].
Such segregation can pin dislocations and hinder their motion. However, if these segregates have
a suitable diffusion coefficient, they might be dragged along with migrating dislocations, causing
a solute drag effect [205-208] again analogue to solute drag on grain boundary motion [209]. The
same concept applies to ceramic materials, although segregation is also related to electrostatics as
defects now involve charges [210-213]. As such, dislocation lines can have a charge causing
additional driving force for their segregation. Around the dislocation line, complementary charge
accumulates to compensate the charge of the dislocations, analogous to space charges at grain
boundaries [210,213]. As mobile segregates (point defects) cause a solute drag for dislocations,
the diffusion of point defects would be the rate limiting step for dislocation movement. In the case
of YSZ, segregations of Y and O to the grain boundaries have been reported [214]. In the present
in situ experiments up to 650°C, cationic defects are largely immobile in YSZ. However, oxygen
(and oxygen vacancy) diffusion in YSZ is known to be have very high diffusion coefficients [215].
As such, it is likely that the migration of dislocations in YSZ involves the diffusion of segregated
oxygen or oxygen vacancies. The agreement of the measured activation energy of dislocation
migration (145 kJ/mole) with oxygen or oxygen vacancy diffusion (96.5 - 220 kJ/mole) supports
this hypothesis.
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Table 4.3. Activation energy of grain boundary and lattice diffusion for Zr, Y, O, and oxygen
vacancy (Vo).

Grain boundary diffusion Lattice diffusion
(kJ/mole) (kd/mole)
Cations
1. Y) 370 [216] 460 - 650 [217-219]
0] 188 [201] 220 [201]
Vo - 96.5 - 164 [71,198-200]

We can also adopt the classical dislocation theory to estimate the activation energy of
dislocation movement. If the migration of dislocations is governed by thermal activation required
to overcome local obstacles (point defects in our hypothesis) and/or friction stress, the deformation

rate can be written as,

. . AG

€ = €,exp (— E) (4.6),
where &, is a preexponential factor and AG is the change in Gibbs free energy [220]. The newly

defined strain rate sensitivity with a unit of pressure is given by,

[=22 4.7),

~ Alng

where | is the strain rate sensitivity and o is the applied stress. The calculated strain rate sensitivity
values are 107, 64, 53 MPa for 450, 550, 650°C experiments, respectively. The activation volume

of dislocation movement can be experimentally determined by,

kT
T omi

where m is the Schmid factor for the primary slip system. The Schmid factor of 0.47 for the

(4.8),

(001)[110] primary slip system is employed in this analysis. By taking Burgers vector for <110>
type lattice dislocation = 3.6 x 1071% m, the respective activation volumes of 4.2b3 8.1b%, and
10.9b3 at 450, 550, and 650°C are determined. The activation enthalpy can be written as

AH = —KT?(30); /1. (4.9)
So the calculated values are given as AH (450°C) = 2.24 eV, AH (550°C)=2.28 eV, and
AH(650°C)=3.44 ¢eV. Lastly, the Gibbs free energy of activation in Equation (4.6) can be calculated
by [221]
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The shear modulus (p) at the test temperatures is calculated from the elastic modulus of 3YSZ

reported by Shimada et al. (1984) using the following equation [222].

h=—2 (4.11)

T 2(1+v)

where E is the elastic modulus and v is the Poisson’s ratio, ~0.31 for 3YSZ [135]. The Gibbs free
energy values are calculated to be: AG(450°C) = 1.93 eV, AG(550°C) = 1.87 eV, and AG(650°C) =
2.82 eV. The calculated Gibbs free energy based on the classical dislocation theory lies in the
reasonable ranges (180 ~ 272 kJ/mol), in good agreement with the activation energy obtained from
the power law creep, 145 kJ/mol derived from our jump tests. What is more, these free energy
values are consistent with the model of thermally activated migration of dislocations in the
literature [194]

4.6. Conclusions

In summary, 3YSZ was processed by the flash sintering technique under an electric field
of 150 V/cm. In-situ microcompression tests on the flash sintered 3YSZ was performed at 450 ~
650°C to study the underlying deformation mechanism. Strain rate jump tests lead to a stress
exponent of ~ 7, and threshold stresses comparable to the yield strengths. The calculated activation
energy of 145 kJ/mol is comparable to the activation energy for oxygen vacancy migration. This
study suggests that the abundant defects induced during flash sintering (oxygen vacancies, and
dislocation) lead to improved plasticity, and the deformation mechanism may be dislocation glide
and climb assisted by oxygen vacancy migration over the temperature range of 450 - 650°C for the
flash-sintered 3YSZ. This study sheds lights on the mechanical behavior of an important class of

ceramic materials that have widespread industrial applications.
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CHAPTER 5. IN-SITU HIGH TEMPERATURE MICROMECHANICAL
TESTING OF ULTRAFINE GRAINED YTTRIA-STABILIZED
ZIRCONIA PROCESSED BY SPARK PLASMA SINTERING

The following chapter contains content reproduced with permission from “J. Cho, J. Li, Q. Li, J.
Ding, H. Wang, S. Xue, T. Holland, A. Mukherjee, H. Wang, X. Zhang. “In-situ high temperature
micromechanical testing of ultrafine grained yttria-stabilized zirconia processed by spark plasma
sintering.”, Acta Materialia, 155 (2018): 128-137.” Copyright 2018 Elsevier B. V.

5.1. Overview

Yttria-stabilized zirconia (YSZ) exhibits both enhanced strength and fracture toughness
attributed to transformation-induced plasticity. Recent studies show that miniaturization of YSZ
to the microscale enhances the effectiveness of stress-induced phase transformation by reducing
mismatch stress among incommensurate grains. However, the fundamental understandings on the
high temperature micromechanical behaviors of ultrafine grained YSZ remain limited. Here, we
report on the high temperature (up to 670°C) in-situ micromechanical testing of spark plasma
sintered YSZ. The mechanical behaviors of YSZ tested below 400°C are highlighted by large
inelastic strain (~ 7%) due primarily to phase transformation toughening. Beyond 400°C,
martensitic transformation toughening is gradually superseded by grain boundary sliding triggered
by ultrafine grains. The micropillars tested at 670°C exhibit significantly enhanced plastic flow,

arising mainly from dislocation activity along with grain boundary sliding.

5.2. Introduction

Zirconia (ZrO) has monoclinic phase at room temperature, and undergoes tetragonal-to-
monoclinic phase transformation at ~950°C upon cooling, which results in ~4% volume expansion
[1]. The large volume change in zirconia induced by phase transformation may cause catastrophic
failures of components during thermal cycling. The phase transformation can be suppressed by
doping zirconia with oxides such as Y203, CeO,, CaO and MgO [2-4]. As a result of doping,
metastable tetragonal or cubic phase of zirconia is stabilized at room temperature. Metastable
phases have the same structure as that in pure zirconia, but it contains dopant cations and oxygen

vacancies to maintain the charge neutrality [5]. It is known that the presence of oxygen vacancies
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permits the cation and anion relaxations, and thus stabilizes the metastable phases at room
temperature [6]. Among numerous possible dopants, yttria (Y203) is attractive in that 3 mol %
yttria is sufficient to fully stabilize tetragonal zirconia [23].

Although strength and fracture toughness are often mutually exclusive for most structural
materials [8], yttria stabilized zirconia (YSZ) exhibits both enhanced strength and fracture
toughness owing to the tetragonal-to-monoclinic martensitic transformation occurring near crack
tips [9-11]. A compressive strain field generated by the volume expansion due to martensitic
transformation near the crack tip retards the crack propagation, thereby increasing the fracture
toughness [11]. Zirconia with enhanced fracture toughness has been used for various applications
including thermal barrier coatings, oxygen sensors, fuel cells, and shape memory devices [12-14].
It has been shown that miniaturization of stabilized zirconia to microscale permits the stress
induced transformation at a low stress without fracture [14]. For instance, while bulk stabilized-
zirconia exhibits a failure strain of 3% upon compression [39], microscale stabilized-zirconia
sustains 8% of compressive strain without fracture, and demonstrates superelasticity and shape
memory effect attributed to the significantly enhanced martensitic transformation and less
population of intrinsic microcracks [40-43,45-47,180]. These studies suggest a new paradigm for
ceramic materials to be used in microelectromechanical system, sensing, and actuation
applications [48,223,224].

Most of the recent micromechanical testing studies on zirconia focus primarily on
maximization of the effectiveness of martensitic transformation by increasing grain size and
decreasing the specimen size. A smaller number of grains in stabilized zirconia alleviates
mismatch stress among grains during martensitic transformation, such that transformation induced
toughening can be triggered at low stress without fracture [14]. However, it is known that YSZ
with large grains suffers from significant mechanical degradation at elevated temperature and is
vulnerable to chemical and thermal ageing [23]. Therefore, it is necessary to evaluate the
micromechanical behavior of ultrafine grained YSZ at elevated temperature. In this study, we used
spark plasma sintering to fabricate ultra-fine grained YSZ, and in-situ microcompression tests were
carried out from 25 to 670°C inside a scanning electron microscope. Temperature dependent

fracture behaviors and transitions of the underlying deformation mechanisms are discussed.
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5.3. Materials and methods

Commercially available 3 mol% yttria stabilized zirconia (3YSZ) powder (TZ-3Y-E,
Tosoh corp., ~ 40 nm) was sintered by the spark plasma sintering (SPS) technique. The powder
was put in a graphite die and hot pressed up to 10 kN during the sintering experiments. The pulsed
direct current was applied through the graphite die and the sintering temperature rose to 1026°C at
a ramping rate of 100°C/min. The temporal Joule heating generated inside the graphite die
permitted the achievement of a relative density of 94% (measured by Archimedes’ density method
in distilled water) at a furnace temperature lower than conventional sintering temperature for YSZ
(~1500°C). The rapid densification process, within a few minutes, during SPS facilitates the
retention of fine grains. Prior to conducting micromechanical testing, spark plasma sintered 3YSZ
was characterized by X-ray diffraction (PANalytical Empyrean), scanning electron microscopy
(SEM) (using an FEI quanta 3D FEG scanning electron microscope) and transmission electron
microscopy (TEM) (on an FEI Talos 200X TEM/STEM microscope with a super EDX detector).
TEM specimens of the as-sintered 3YSZ were prepared by manual grinding, polishing, dimpling
and low energy (2 kV) ion milling (PIPS Il, Gatan) to reduce ion milling induced damage. The
TEM microscope operated at 200 kV was used to examine the microstructure of specimens. SEM
(FEI Nova Nano SEM) was also employed to examine the microstructure of specimens after
microcompression tests.

Micropillars with ~3 um in diameter and ~8 um in height were fabricated by means of
focused ion beam (using the FEI quanta 3D FEG SEM microscope). Most pillars have an aspect
ratio of 1:2.6 and a tapering angle of less than 2°. Before fabricating micropillars on the specimen,
a series of polishing was conducted using SiC sandpapers, ~ 1 um diamond papers, and ~ 20 nm
colloidal silica to minimize the roughness of the surface. The polished specimen was mounted on
a specimen stub for SEM and coated with platinum at 40 mA for 60 s to enhance the electric
conductivity. The stub was tilted at 52° in an SEM chamber to make the ion beam perpendicular
to the specimen base. A large crater was made using high ion beam current (30 nA) at an ion beam
voltage of 30 kV. Thereafter, micropillars with ~3 pum in diameter and ~8 pm in height were
prepared by a series of decelerated currents to reduce tapering angle and smoothen the pillar
surface. Meanwhile, careful astigmatism and focus corrections at each step were conducted to

sharpen the ion beam. The pillars were prepared near the center of the specimen in order to avoid
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inhomogeneous microstructure near the edge, which may be generated by frictional force between
the powders and graphite die.

A nanoindentation system (Hysitron Pl 88xR) was employed for micromechanical testing
on the fabricated micropillars inside the FEI quanta 3D FEG SEM microscope. A 5 um diamond
flat punch tip designed specifically for high temperature tests was mounted on a piezoelectric
transducer that collects force-displacement data. The specimen was inserted between a V-shaped
Mo clamp and a ceramic heating stage and tightly fixed to minimize the machine compliance. The
machine compliance was systematically measured prior to the actual test.

The nanoindentation system was tilted at 15° in the SEM chamber for better visualization
of the pillar morphology during the compression test. The diamond flat punch and the sample were
heated simultaneously by the probe heater and the ceramic heating stage, respectively, to identical
desired temperature at a ramping rate of 20°C/min. Once the desired temperature was reached, the
specimen was kept at such a temperature for 30 min prior to conducting the microcompression
experiment to acquire thermal equilibrium and minimize thermal drifts. Thermal drifts are of
concerns when conducting microcompression tests at elevated temperatures. Thermal drift rates
were measured during preloading steps over 40 s of every compression test. Thermal drifts do not
vary noticeably with increasing test temperature as can be seen in Fig. 5.1. Drift rates at each
temperature calculated from the slopes of each curve are less than 0.7 nm/s. The individual
compression test lasts ~ 50 s with a strain rate of 5x1073 s, and thus the actual displacement offset
is less than 40 nm, which is equivalent to a strain of 0.005 for pillars with 8 um in height. After
the acquisition of the drift rate at each experiment, the nanoindentation system compensates

displacement drift based on the calculated drift rates and yields the calibrated displacement data.
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Figure 5.1. Displacement vs. time curves at RT, 400, and 670°C. The slopes of curves (drift rate)
are less than 0.7 nm/s in every case.

Machine compliance needs to be measured particularly at high forces prior to compression
test because it may affect total displacement significantly. There are three factors affecting the
machine compliance: transducer, indenter probe, and sample mounting. To minimize compliance
from sample mounting method, we avoid using a soft material to glue a sample on a stage. Instead
we mount the sample underneath V-shaped Mo fixture tightly such that machine compliance
coming from sample mounting method is minimized. In order to calculate machine compliance
from transducer and indenter probe, an array of indents using a Berkovich tip was collected on the
standard fused quartz at high loads (more than 5,000 uN). The total compliance, Ciota (inverse of
stiffness) is given as,

v _VH 1
Ctotal=Cm+7xE_x

T AY) P max

where Cr is machine compliance, H is the hardness of standard fused quartz, E; is the reduced

(5.1)

modulus, and Pmax is the maximum load. By plotting C total VS. — machine compliance can be

\/Pmax

obtained from the Y-axis intercept, which is about 3.0 nm/mN. High temperature compression test
system is equipped with a cooling system to make sure that only the diamond tip and specimens
are heated during tests. Also, diamond has much higher elastic modulus and melting temperature
than the specimens. Therefore, a machine compliance change between room temperature and high

temperature is negligible.
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5.4. Results

Prior to in-situ compression test, the microstructure of spark plasma sintered 3YSZ was
investigated in detail. XRD study (Fig. 5.2) confirms the polycrystalline nature of the specimen,
and the dominant phase is the metastable tetragonal zirconia, capable of transforming into
monoclinic phase under stresses. Using the XRD data in Fig. 5.2, X-ray peak broadening was
measured at half the maximum intensity to evaluate the lattice strain in the spark plasma sintered
3YSZ. the Williamson-Hall method was introduced to estimate the residual stress [161]:

Brricosd = % + 4sinfBo /Epy, (5.2)

where S is the peak broadening at half the maximum intensity in the unit of radians, K is the
shape factor, A is the X-ray wavelength, D is the mean size of crystalline, o is the residual stress,
and Ej,,; is the elastic modulus along [hkl] direction. The elastic moduli along [hkI] direction for a
tetragonal structure can be calculated using Eq. 3.2 and Table 3.2. The residual stress, o, then can
be obtained by plotting S},,;cos8 versus 4sin@ /Eyy;. Fig. 5.3 shows the plot of B,,;cos6 versus
4sinf /Eyy,; With a linear regression line, the slope of which is the residual stress determined to be
359.4 MPa. Fig. 5.4 (a) shows an SEM micrograph of agglomerated grains of as-sintered 3YSZ.
Despite lower sintering temperature and shorter sintering time compared to conventional sintering,
the structures were well densified (~94%) and retained ultrafine grain size. The TEM micrograph
in Fig. 5.4 (b) shows ultra-fine grains with a few nanopores. The inserted selected area diffraction
(SAD) pattern shows no preferred crystallographic orientation, consistent with XRD result. High
resolution TEM micrograph in Fig. 5.4 (c) reveals a triple junction among three sintered grains
and the grain boundaries contain no amorphous phase. It has been shown that amorphous phase
along grain boundaries may reduce the cohesive grain boundary strength during large strain
deformation at elevated temperatures [44]. Grain size was measured by the intercept method by
using numerous TEM images, and the average grain size is ~ 175 nm as shown in the statistical

distribution of grain size in Fig. 5.4 (d).

128



~|(©)

= —_

L] S -

zl F -~ S

5 § ¢ ST

c = T i ~ =

= ~
|, S A S || W ¥

25 30 3 40 45 50 55 60 65

Two theta (degree)

Figure 5.2. XRD patterns of spark plasma sintered 3YSZ with crystallographic plane indices. It is
shown that metastable tetragonal zirconia is a dominant phase without evident cubic and
monoclinic zirconia phase.
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Figure 5.3. The determination of the residual stress in SPS Y SZ using the Williamson-Hall analysis.
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Figure 5.4. Microstructure of SPS 3YSZ and grain size analysis. (a) An SEM image of a typical
unpolished region showing agglomerated grains. (b) A bright-field TEM micrograph showing
ultrafine grains, and the inserted SAD pattern shows continuous rings of the tetragonal phase. (c)
A high-resolution TEM image showing a clear triple junction without glassy phase along the grain
boundaries. (d) Grain size distribution determined by the intercept method showing the average
grain size of ~ 175 nm.

To evaluate the mechanical behavior of the spark plasma sintered 3YSZ, we first carried
out in-situ microcompression tests at room temperature and at a strain rate of 5x107/s inside an
SEM microscope. Partial unloading segments within an elastic region (at a displacement of 60 and
120 nm) were applied to determine the apparent elastic modulus. Three compression tests were
conducted to check the repeatability of the experiments. Thereafter, the test temperature rose to
200, 400, 600, and 670°C and the tests were carried out at the same strain rate.

The evolutions of pillar morphology during in situ tests at three representative temperatures
(25, 400, and 670°C) are compared in Fig. 5.5 (a-c). The corresponding true stress-strain curves
are compared in Fig. 5.5 (d). The pillar tested at 25°C deformed elastically up to ~ 5% of strain

without any crack. The nucleation of crack is observed (Fig. 5.5 (a3)) at 6% of strain and a flow
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stress of ~ 4.5 GPa, followed by prominent fracture accompanied by shear offsets. For the pillar
tested at 400°C, cracks nucleated at 6% (corresponding to a peak stress of 2.2 GPa) propagated
slowly downward. At a failure strain of 9%, multiple cracks were observed accompanied by
outward buckling of the top portion of the pillar. On the other hand, the pillar compressed at 670°C
exhibit no evident cracks up to a surprisingly large strain of 30%. After reaching a yield strength

of ~ 1.4 GPa, a long plateau was observed in the true stress-strain curve (Fig. 5.5 (d)).

670°C

True stress (GPa)

1 IR
(c3) (c4)

True strain

Figure 5.5. Comparison of morphology evolution and stress-strain behaviors of micropillars during
in-situ compression tests at 25, 400, and 670°C. (a1-as) At 25°C, cracks were nucleated at a strain
of 6%, and the pillar fractured in a brittle manner right after the crack nucleation. (b1-bs) The
micropillars tested at 400°C show crack formation at a strain of 5~6%. However, cracks propagated
downward slowly into the pillar without brittle failure. (c1-c4) When compressed at 670°C, the
pillars deformed gradually and uniformly in the top portion of the pillars with little cracks. (d) The
true stress-strain curve collected at 25°C deviates from its linearity at a strain of 4%, corresponding
to a stress level of ~ 4 GPa. The yield strength and flow stress both decrease for pillars tested at
elevated temperatures. The pillars tested at 670°C reached a constant flow stress of ~1.5 GPa until
a strain of 30% without softening. Partial unloading was performed in all tests to obtain a reliable
measurement of modulus. The white dash lines in the SEM micrographs indicate cracks.

SEM micrographs in Fig. 5.6 compare the morphology of the micropillars before and after
the in-situ compression tests at various temperatures. Pillars tested at 200°C or below exhibited
catastrophic failure (shear offsets) at a strain of 4-7% (Fig. 5.6 a-b). When tested above 400°C,

pillars showed no shear failure (Fig. 5.6 c-e); instead, several cracks formed near the top of the
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pillars slowly propagated downward into the pillars and the crack propagation speed decreases at
higher test temperatures. The pillars tested at 670°C dilated significantly near the top without
evidence of shear bands (Fig. 5.6 (e)). Fig. 5.7 (a-e) show numerous stress-strain curves at each
test temperature and the results show in general good reproducibility when taking typical porous
nature of ceramic materials into account. In Fig. 5.7 (f) compares the representative true stress-
strain curves at various test temperatures. When T <400°C, pillars reached a maximum flow stress,

which decreased drastically thereafter. When T > 600°C, the flow stress reached a plateau of ~ 1.4

GPa.

Before
Compression

After
Compression

Figure 5.6. SEM images of micropillars before and after microcompression tests at elevated
temperatures up to 670°C. (a-b) When tests were conducted below 200°C, the micropillars exhibit
brittle fracture at a strain of 4-7%. (c-d) Transitions of deformation mechanisms were observed in
pillars tested at 400 and 600°C. Several cracks nucleated from the top of the pillars and propagated
slowly downward into the pillars. () The pillars tested at 670°C showed significantly enhanced
plastic flow ability. The deformation was mainly accommodated by the top half of the pillar, and
the crack propagation speed was greatly reduced.
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Figure 5.7. Stress-strain curves for SPS 3YSZ micropillars tested in-situ at different temperatures
at a strain rate of 5x107/s. Numerous tests were carried out to check the reproducibility of the
experimental results at (a) 25°C, (b) 200°C, (c) 400°C, (d), 600°C, and (e) 670°C. (f) Comparison
of stress-strain curves at different temperatures. Partial unloading at displacement of 60 and 120
nm was conducted to measure the apparent elastic modulus of SPS 3Y SZ at different temperatures.

The fracture surfaces of micropillars after the compression tests at 25, 400, and 670°C were
examined by SEM microscope equipped with a through-the-lens detector for high-resolution

imaging. Fig. 5.8 (a) and (b) show the top-down and side view (20°) of the pillar fractured at 25°C
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in a brittle manner. The fracture surface appears relatively smooth, and individual grains cannot
be clearly resolved, indicating transgranular fracture. Numerous shear bands (indicated by black
arrows in Fig. 5.8 (b)) are observed on the fracture surface. Moreover, surface rumpling (wavy
lines on the surface of pillars) is shown in the region (labeled in white box) adjacent to the fracture
surface. On the other hand, when tested at 400°C, the fracture surface reveals grain boundaries
clearly, indicating the occurrence of intergranular fracture. In the case of pillars tested 670°C, no
prominent fracture surface can be resolved. Small cracks were distributed on the top half of the

pillars along the grain boundaries.

,A¥ 1 SJ*/ce

A0 TS rumpling

Figure 5.8. Top (left panel) and side (right panel) views of pillars tested at 25, 400, and 670°C. (a-
b) For the pillars tested at 25°C, transgranular fracture with several shear bands (black arrows) was
observed. Surface rumpling in the boxed region was observed due to martensitic phase
transformation. (c-d) When tested at 400°C, fracture surface reveals individual equiaxed grains
highlighted in the white box. (e-f) Little fracture was detected for the pillars tested at 670°C. After
compression to a true strain of 30%, surface roughening in the boxed region can be seen as shown
in the box.
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The YSZ pillars deformed at room temperature and 400°C were examined in TEM to
evaluate the dominant deformation mechanisms. As shown in Fig. 5.9 (a-d), for the pillar fractured
at room temperature, several grains near the fracture surface were examined along respective zone
axis of [100], [112], and [101], and best indexed as a monoclinic zirconia. Fig. 5.9 (e-h) show
bright-field XTEM images of top, middle, and bottom sections of the pillar compressed at 400°C.
Top and middle portions of the pillar (where applied stress is concentrated) exhibit a high density
of local grain separations (gaps) as indicated by red arrows. In comparison, the bottom portion of
the deformed pillar has little sign of gaps along grain boundaries, implying that the plastic
deformation was accommodated primarily by the top and middle section of the pillars. Fig. 5.10
shows cross sections of the pillars tested at 400 and 670°C imaged by focused ion beam. At 400°C,
cracks appear to propagate intergranularly, and most grains remain equiaxed (Fig. 5.10 (a)).
Several large cavities (indicate by red arrows) were observed. In comparison, for the pillar tested
at 670°C (up to a true strain of 30%), no significant crack was observed (Fig. 5.10 (b)). Numerous
elongated grains (indicated by blue arrows) perpendicular to the compression direction as well as
a high density of small cavities in the top of the deformed pillars are clearly resolved.
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Figure 5.9. TEM analyses of the 3YSZ pillars tested at room temperature and 400°C. (a) Bright-
field XTEM image of the deformed pillar at room temperature. Grains 1-3 were chosen to identify
the phase transformation. (b-d) Selected area electron diffraction (SAED) patterns showing that
grains 1-3 have monoclinic zirconia phase examined along respective zone axis of [100], [112],
and [101]. (e) Bright-field XTEM image of the deformed pillar at 400°C. (f) Top portion of the
deformed pillar showing gaps along grain boundaries induced by grain boundary sliding (indicated
by red arrows). (g) Intergranular fracture in the middle section of the deformed pillar. (h) The
bottom portion of the deformed pillar shows no grain boundary gaps.
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Figure 5.10. Cross section FIB ion microscopy images of the compressed pillars. (a) The cross-
sectional view of the pillar tested at 400°C at a strain of 9% shows crack propagation path and
cavities generated along the grain boundaries due to mechanical test. (b) For the pillar tested 670°C,
no obvious crack was observed. Elongated grains with numerous nanoscale cavities indicated by
blue and red arrows, respectively in the top half of the pillar were resolved.

The cross section of the pillar tested at 670°C was also examined by TEM (Fig. 5.11 and
12). Numerous deformed grains exhibit arrays of dislocations as demonstrated in a typical example
in Fig. 5.11 (b). Interplanar spacing of the (002) plane in this grain (Fig. 5.11 (c)) is calculated to
be 0.257 nm, which coincides with the reported reference spacing of 0.259 nm for bulk materials.
The SAD pattern in Fig. 5.11 (b) reveals the tetragonal zirconia phase examined along the [100]
zone axis. Filtered high resolution TEM image in Fig. 5.11 (d) from high resolution TEM in Fig.
5.11 (b) shows abundant dislocations. Monoclinic phase was also detected as can be seen in SAD
for a large area of the deformed pillar in the indexed Fig. 5.12 (a). Fig. 5.12 (b) shows the deformed
grain (into monoclinic phase) containing martensite lath and stacking faults. The SAD pattern of
the center grain in Fig. 5.12 (b) shows clear monoclinic phase (Fig. 5.12 (c)). High-resolution TEM
micrograph (Fig. 5.12 (d)) shows the presence of high-density stacking faults in the deformed

grains.
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Figure 5.11. TEM images of the pillar after compression test at 670°C. (a) BF TEM images of the
deformed pillar showing the location of the grains in Fig. (b) and Fig 5.12. (b) Arrays of
dislocations within grains were verified (marked by orange arrows). (c) High resolution TEM
image of the grain retaining arrays of dislocations with selected area diffraction pattern of the grain
examined along [100] zone axis. (d) FFT processed high resolution TEM image shows the

presence of abundant dislocations along (022) plane.
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Figure 5.12. TEM images of the compressed pillar at 670°C showing the deformation induced
monoclinic zirconia. (&) SAD pattern with continuous rings indicates dominant tetragonal phase
with monolithic diffraction spots arising from a few grains that underwent martensitic
transformations. (b) Bright-field TEM image of a grain with monoclinic phase shows martensite
lath and stacking faults. (c) SAD pattern of the grain with monoclinic phase. (d) High resolution
TEM image and the inserted FFT confirms the presence of stacking faults.

5.5. Discussions

5.5.1. Transformation induced toughening

The pillars tested at room temperature retain surface rumpling adjacent to fracture surface
presumably due to the volume expansion induced by martensitic phase transformation. It has been
reported that the amount of yttria in zirconia and grain size play a pivotal role in triggering
martensitic transformation [17-20,225,226]. Specifically, the presence of low yttria content (~ 3
mol%) enhances transformability from tetragonal to monoclinic phase by increasing tetragonality
[20]. Meanwhile large grain sizes result in high internal residual stresses and thus ease the

martensitic transformations at low applied stresses. The internal residual stress is known to be
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proportional to the grain size and the local mismatch stress, which is generated by anisotropic
thermal expansion coefficients (a, # a.) of the tetragonal phase along a and c axis [17]. The
critical grain size of polycrystalline 3YSZ below which the tetragonal phase becomes stable is
reported to be ~ 1 pm [227]. Therefore, it appears that the ultrafine 3YSZ grains in this study (with
an average grain size of ~ 175 nm) are fully stabilized as evidenced by the XRD pattern (Fig. 5.2).
Triggering martensitic transformation requires higher external stress when the YSZ has smaller
grain sizes. The deviation of the stress-strain curves from a linear behavior is often considered as
the onset of martensitic transformation [39,43]. The true stress-strain curves collected at 25°C lose
their linearity at a stress level of ~ 4 GPa, higher than the reported value (~3 GPa) for 3YSZ with
an average grain size of 320 nm [228]. The difference in critical stress may be attributed to higher
stability of the tetragonal phase induced by the smaller grains in the current study. A large failure
strain of 6-7% for pillars tested at room temperature arises from transformation toughening, in
agreement with previous research regarding the microcompression tests on polycrystalline YSZ
[19, 36]. When the pillar consists of a few grains, a failure strain of 8% can be achieved [14, 21].
It is known that a smaller number of grains generate less internal mismatch stresses among
incommensurate neighboring grains, thereby eliminating crack formation during martensitic
transformation. Furthermore, miniaturized YSZ can also exhibit higher failure strain than that for
bulk counterpart (~3%) due to small specimen size, which leads to less population of intrinsic
flaws and enhanced stress relaxation induced by a high surface-area-to-volume ratio [14].

To justify this assertion, micropillars with diameters of 1.5 and 0.7 um were tested to study
the effect of pillar size on plasticity at room temperature. Fig. 5.13 shows the stress-strain
behaviors for micropillars with a diameter of 3, 1.5 and 0.7 um, respectively. For the 3 um
diameter pillars, catastrophic failure took place mostly at a strain of ~7% and at a stress of ~ 4-4.5
GPa. On the other hand, the 1.5 um diameter pillars showed a fracture strain of 8-10% after the
pillars reached to an ultimate compressive strength of ~ 4.5-5.8 GPa. 0.7 um pillars showed a peak
stress of ~ 6 GPa and prominent plasticity, up to ~ 15% strain without significant fracture. These
studies demonstrate that there is indeed a pillar size effect on plasticity when pillar diameter is
comparable to grain size. As the micropillars in our study with dimensions of 3 pm in diameter
and 8 um in height have nearly 7,000 grains, the mechanical behavior derived from this study may
be comparable to bulk counterpart (which also contains a large number of grains). In addition, it

cannot be ruled out that dislocation glide may contribute to the large inelastic flow together with
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martensitic transformation toughening, especially at high stresses, because the field-assisted
sintering technique is a non-equilibrium process that may generate a significant amount of defects
[83,180].
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Figure 5.13. Stress-strain curves for the micropillars with a diameter of (a) 3 um (b) 1.5 um and
(c) 0.7 um. As the diameter of micropillars increases, fracture strain and peak stresses increase.
Fracture events are indicated by X-shaped cross.

We have also performed a series of cyclic loading tests to verify the existence of hysteresis
loops in the stress-strain curve caused by martensitic phase transformations. Fig. 5.14 shows stress-
strain curve of 20 loading-unloading cycles at a strain rate of 5 x 103 s™* at room temperature. 5™,
11" and 19" loading and unloading curves are highlighted in red to show the hysteresis loops due
to martensitic transformation. The area inside the loop increases with stress, implying that more
grains with tetragonal phase experiences martensitic transformation as the applied stress increases.
Meanwhile, the TEM experiments on the YSZ pillars after microcompression tests at room
temperature directly confirm the formation of monoclinic phase (due to tetragonal-to-monoclinic
martensitic phase transformations) as demonstrated in Fig. 5.9. The interplanar spacing of the (020)
and (002) planes of the grain 1 in Fig. 5.9 (a) are measured to be 0.259 and 0.254 nm, consistent
with the theoretical values of 0.261 and 0.254 nm, respectively. Grains 2 and 3 were examined

along respective zone axis of [112] and [101] and indexed to be monoclinic zirconia phase as well.
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Figure 5.14. Cyclic loading tests at a strain rate of 5 x 1073 s* at room temperature. 5™, 11", and
19" loading and unloading curves are highlighted in red to show hysteresis loops.

Micropillars with a high aspect ratio of 1:5 were also compressed at room temperature to
examine the effectiveness of martensitic transformation (see Fig. 5.15). The pillar was bent without
fracture upon loading and the deviatoric strain was partially recovered upon unloading. The
presence of the partial recovery implies that room temperature is between the austenite start and
finish temperature. Therefore, some portion of monoclinic phase induced by external stress
undergoes reverse transformation and contributes to the shape recovery [57].
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Figure 5.15. Microcompression test on a pillar with high aspect ratio at room temperature. (a)
Before the compression test. (b) The pillar experienced a strain of 5% and bent without any crack
owing to martensitic transformation, which prevents crack propagation upon loading. (c) After
elimination of loading, the deviatoric strain was partially recovered due to reverse martensitic
transformation (monoclinic to tetragonal zirconia). Partial shape recovery implies that the test
temperature is between austenite start and finish temperature.

5.5.2. Evolution of deformation mechanisms at 400°C

The apparent elastic modulus of the 3YSZ specimens measured using unloading curves (at
displacements of 60 and 120 nm) increases with increasing test temperature up to 200°C and
decreases thereafter as shown in Fig. 5.16 (a). It was reported that elastic modulus of transformable
YSZ is lower than the theoretical value (~210 GPa) due to strain burst induced by martensitic
transformation [9,14]. As temperature increases, the stabilization of transformable tetragonal phase
requires higher external stresses to activate martensitic transformation, leading to greater measured
elastic modulus. However, it is also likely that the increase in elastic modulus is associated with
pillar tapering angle or misalignment. In the process of fabricating the micropillars, we used a
series of concentric annular milling and polishing with progressively de-escalated currents to
minimize tapering angle of the pillar, such that the pillars we tested retains tapering angles less
than 2°. To address the alignment issue between the pillars and the tip, we took full advantage of
in-situ experiment to minimize visible alignment issues by tilting and rotating the sample stage

under SEM prior to conducting the compression tests.
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Figure 5.16. Mechanical properties of SPS 3YSZ as a function of test temperatures. (a) The
apparent elastic modulus (red curve) increases with increasing temperature up to 200°C and
decreases thereafter. The ultimate compressive strength (UCS) decreases monotonically with the
increasing test temperature. (b) The critical strain at which the first crack occurs for the onset of
crack nucleation decreases slightly with test temperature up to 400°C, due to the gradual
suppression of martensitic transformation. Beyond 400°C, the critical strain increases
monotonically with test temperature and the dominant deformation mechanism changes.

The pillars tested at 200°C fractured in a brittle manner, but it showed both transgranular
and intergranular cracks on the fracture surface (Fig. 5.17). It is likely that transformation
toughening gradually diminishes, and a new inelastic deformation mechanism is triggered as
temperature increases. The intergranular crack propagation among ultrafine grains indicates that
the grain boundary sliding mechanism may begin to operate from 200°C. For the pillars tested at
400°C, the decrease of elastic modulus may be due to a weaker interatomic bonding at elevated
temperature [172,229,230]. The pillars tested at 400°C exhibited predominantly intergranular
cracking, indicating that external stress exceeds the cohesive grain boundary strength before
reaching a critical stress for martensitic transformation. It was shown that the degree of
intergranular fracture increases under the aggressive test environment (elevated temperature and
large applied stress) and with the presence of solute segregation along grain boundaries [231].
Energy-dispersive X-ray spectroscopy in TEM studies revealed yttrium segregation along the grain
boundary (Fig. 5.18). Although the grain boundaries have no detectable amorphous phase, which
promotes the grain boundary sliding at elevated temperatures [44], yttrium segregation along the
grain boundaries may contribute to the transition of deformation mechanisms at 400°C. Therefore,
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both environmental factor (elevated temperature) and microstructures (ultrafine grains and yttrium

segregation) may result in the evolution of deformation mechanisms at 400°C.

— A “

: SN
Figure 5.17. SEM images of compressed pillars at 200 and 600°C. (a) Pillars tested at 200°C
fractured catastrophically. Fracture arises mainly from transgranular cracking, but intergranular
cracking was also observed. (b) For pillars tested at 600°C, no significant fracture was appreciable.
It appears that the strain was accommodated by change in internal structure based on the

observation of elongated grains.

Figure 5.18. Energy dispersive X-ray spectroscopy images. (a) Scanning TEM image of 3YSZ
showing clear grains and pore. (b) EDS mapping of zirconium. (c) EDS mapping of yttrium
showing yttrium segregation along the grain boundaries which may promote grain boundary

sliding as temperature increases.

Critical strain at which the first crack nucleates was measured and plotted as a function of

temperature in Fig. 5.16 (b). The critical strain gradually decreases with the test temperature up to

145



400°C and increases rapidly thereafter. The decrease of critical strain may imply the gradual
replacement of transformation-induced plasticity by other inelastic deformation mechanism. For
the pillars tested at 200°C, a measured critical strain (~5.5%) comparable to that for room
temperature tests and the presence of intergranular cracks suggest that transformation toughening
is still operative, but the cohesive grain boundary strength decreases to a level similar to the critical
stress for martensitic transformation. At 400°C, although the martensitic phase transformation is
largely suppressed during compression tests, the measured critical strain is ~5%, still higher than
that for the coarse-grained bulk counterpart (~3%), indicating the presence of inelastic deformation,
such as the grain boundary sliding mechanism. SEM studies of the deformed pillars show the
presence of cavitation and a majority of grains remain equiaxed, in support of the grain boundary
sliding mechanism. Also, the TEM study of the compressed pillar at 400°C strengthens this
assertion by showing the local grain separations (gaps) induced by grain boundary sliding (as
indicated by red arrows in Fig. 5.9 (f)). The large plastic deformation was mainly accommodated
by grain boundary sliding mechanism. However, at the test temperature of 400°C (equivalent to
0.23Tm), there was insufficient diffusional flows to accommodate the local grain separations and
cavitation.

It was reported, for the conventionally sintered bulk YSZ, that the temperature of 700 to
800°C is a fiducial temperature beyond which other deformation mechanisms such as dislocation
glide, grain boundary sliding, and ferroelastic domain switching supersede martensitic
transformation [39]. However, ultrafine grain size and preexisting defects in YSZ processed by the
field-assisted sintering technique may activate other deformation mechanisms such as grain

boundary sliding at relatively lower temperature than the defect free bulk counterpart [153].

5.5.3. The evolution of deformation mechanism at 670°C

The pillars tested at 670°C deformed plastically till a large strain of 30% without softening.
It appears that the large strain generated during compression test at 670°C is accommodated by
internal microstructure change and grain boundary sliding especially in the top portion of the
pillars as can be seen in Fig. 5.5 (c). Also, the cross-section SEM micrograph (Fig. 5.10 (b))
supports that the significant plastic deformation was manifested by elongated grains. Based on the
classical theory of superplasticity, diffusional flow through lattice or grain boundary accounts for

superplastic flow at low stresses, and dislocation creep mechanism operates at higher stress levels
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[232]. Ashby et al. described deformation mechanism for polycrystalline materials by introducing
both grain boundary sliding and diffusional accommodation [197]. In this model, grain boundary
sliding with diffusional flow accommodation at low stress levels exhibits insignificant grain
elongation, but dislocation glide and climb dominant flow is often manifested by extensive
elongation of grains. Taking the low homologous temperature (670°C is equivalent to 0.31Trm) and
high external stress into account, dislocation creep dominated plastic flow appears to be the
dominant deformation mechanism at this temperature. The absence of cavity formation in the
vicinity of top surface of the pillar suggests that the cavitation generated by grain boundary sliding
was fully accommodated by dislocations, which were activated by stress concentration at the top
portion of the pillar. On the other hand, higher density of cavitation in the middle portion of the
deformed pillar indicates a lack of the dislocation-induced accommaodation. In addition, the long
plateau for the pillar tested at 670°C in the true stress-strain curve (Fig. 5.5 (d)) is often observed
in superplastic deformation of YSZ above 1300°C [233]. Furthermore, high-density dislocations
were observed in grains (Fig. 5.11 (b)) after compression tests. The pillars tested at 600°C
experienced a similar type of dislocation creep dominated plastic flow (Fig. 5.17 (b)). It is known
that ceramics materials are in general brittle due to the lack of dislocation dominated plasticity.
The current study shows, however, dislocation accommodated plasticity in YSZ at relatively low-
test temperatures.

Superplasticity is readily observed in numerous metallic materials tested at high temperatures
above 0.67Tm [190,234,235], but is limited to YSZ, Al>Os, SisN4 and their composites in case of
ceramics [44,236-238]. YSZ is a typical oxide material exhibiting superplastic deformation
because yttrium segregation along grain boundaries limits grain growth and enables to achieve
ultra-fine grains [239] as demonstrated in this study. However, ultra-high temperatures (above
1300°C) and low strain rates (below 10 s1) are often necessary to observe superplastic behavior
of tetragonal zirconia [240-242]. It was reported that zirconia composite (zirconia, spinel, and
alumina) can exhibit superplastic deformation at a high strain rate up to 1 s, but at an ultra-high
temperature (1650°C) [243]. On the other hand, Yoshida et al. (2018) demonstrated superplastic
behavior of 3YSZ at low furnace temperature (800°C) and at high strain rate (2 x 1073 s~1) with
the assistance of a strong electric field (190 V/cm) during deformation, but the actual temperature
of the sample might be higher than the furnace temperature due to Joule heating [244]. These prior

studies suggest that superplastic behavior of ceramic materials occurs in an aggressive
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environment such as ultra-high temperatures or large electric fields. Our study shows, however,
that 30% plastic deformation of 3YSZ is achievable at significantly low temperature (670°C)
without applying a strong electric field. Additionally, we anticipate that scaling the pillar
dimensions down to micron or submicron ranges may also contribute to plastic deformation, as
the increasing surface area-to-volume ratio may facilitate stress relaxation by free surfaces. To
better understand the superplastic behavior of 3YSZ at microscale, further systematic
investigations are needed.

Interestingly, some regions containing monoclinic zirconia phase were occasionally
observed after microcompression tests at 670°C as shown in Fig. 5.12. Significant deviatoric strain
may be present to activate martensitic transformation at such a high temperature [245]. Although
tetragonal zirconia was thermodynamically stabilized at 670°C, sporadic martensitic phase
transformation was still triggered, presumably due to the application of large compressive strain
(~30%). However, the contribution of martensitic transformation to the plastic flow at 670°C is
insignificant as extensive SAD patterns show the dominant tetragonal phases in the deformed
pillars (Fig. 5.12 (a)). Stacking faults were frequently observed in monoclinic grains as shown in
Fig. 5.12 (b) and (d). Stacking faults may be generated to accommodate the significant shear strain
induced by martensitic transformation (~16%) and/or prevent grains from local microcracking.

The enhanced deformability of the pillars at 670°C might partially be attributed to the
impact of SPS processing. Nanostructured ceramics processed by SPS usually retain nanovoids.
3YSZ in our study also contains nanovoids. Hence the large plastic deformation at high
temperatures may be partially attributed to the closure of nanovoids upon compression. Also, it is
known that the field-assisted sintering technique increases vacancy concentrations due to its non-
equilibrium processing nature [83]. Interaction between nanovoids and a high concentration of
vacancies may be enhanced by increasing vacancy diffusivity at elevated temperatures, and thus

contribute partially to the enhancement of the plastic deformation.

5.6. Conclusions

In-situ high temperature (up to 670°C) microcompression tests of the spark plasma sintered
3YSZ were performed inside a scanning electron microscope. The deformation mechanism at
room temperature is dominated by martensitic transformation and the pillars sustained a strain of

~6% before fracture. At elevated temperature, ~ 400°C, martensitic transformation induced

148



toughening is gradually superseded by grain boundary sliding. At 600°C or greater, significant
dislocation creep dominated deformation accompanied by grain elongation operates and pillars

accommodate large compressive strain without fracture.
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CHAPTER 6. COMPARISON OF TEMPERATURE DEPENDENT
DEFORMATION MECHANISMS OF 8YSZ THERMAL BARRIER
COATINGS PREPARED BY AIR-PLASMA-SPRAY AND D-GUN
THERMAL SPRAY: AN IN SITU STUDY

The following chapter contains content reproduced with permission from “J. Cho, J. Li, J. Lopez,
W. Jarosinski, M. Gentleman, Z. Shang, S. Xue, H. Wang, X. Zhang. “Comparison of temperature
dependent deformation mechanisms of 8YSZ thermal barrier coatings prepared by air-plasma-
spray and D-gun thermal spray: an in situ study.”, Journal of the European Ceramic Society, 39
(2019): 3120-3128.” Copyright 2019 Elsevier B. V.

6.1. Overview

8 weight percent yttria stabilized zirconia (8YSZ) has gained widespread use in thermal
barrier coatings (TBCs) for the hot sections of aero and power generation turbines due to its superb
thermal and mechanical properties. In this study, in situ microcompression tests were conducted
to evaluate the mechanical performance of 8YSZ coatings with dense vertically cracked (DVC)
microstructures produced by detonation gun thermal spray to those deposited by air plasma spray
(APS). At room temperature, the APS coatings showed high variability in fracture strength
resulting from cracks and pores in the coating. DVC coatings, conversely, exhibited fracture
strengths ranging from 3.9 to 6.6 GPa and less variability in fracture strength attributed to the
relatively dense and less defective microstructure. At 500°C, both coatings showed better
consistency of fracture strength and enhanced deformability owing to deformable pores,
ferroelastic domain switching, and dislocation activities.

6.2. Introduction

Thermal barrier coatings (TBCs) are widely used in gas turbine engines for thermal
insulation of superalloy structural components. Their use results in reduced energy consumption
and extended service duration of gas-turbine components by minimizing the thermal exposure and
stresses on those components at increased operation temperatures [12,142,246-250]. In particular,
yttria stabilized zirconia (YSZ) has become the industry standard due to its low thermal
conductivity, high coefficient of thermal expansion (CTE) that matches well with the metallic

substrate, and high temperature phase stability with the thermally grown aluminum oxide scale
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formed at the bondcoat/TBC interface [12,31-34]. Some compositions of YSZ exhibit high
strength and fracture toughness concurrently, which are usually mutually exclusive but necessary
for resistance of the coatings to foreign object damage (FOD) and erosion [8,251]. The use of
8YSZ in TBC applications is based to some extent on the work of Stecura (NASA reports 1980’s)
that showed an increase in furnace cyclic fatigue life for this composition [252—-254]. The increase
in coating performance is due to 1) the presence of the metastable t’ phase produced by the rapid
cooling of this composition on deposition which suppresses the equilibrium tetragonal-to-
monoclinic phase transformation, and 2) the ability of t’ structure to ferroelastically toughen the
material.[15,248,252,255] As a result of the ferroelastic toughening mechanism, 8YSZ exhibits a
fracture toughness of ~ 3 MPa-+/m, more than twice the toughness of non-ferroelastically
toughened 20 wt.% YSZ (~ 1.2 MPa-+/m) with the cubic crystal structure [26,28,256—258].
Subsequently, the mechanical properties and impact and erosion performance of YSZ TBCs are
highly dependent on their compositions and deposition techniques.

Deposition techniques including air plasma spray (APS), electron-beam physical vapor
deposition (EB-PVD), high velocity oxygen fuel (HVOF) thermal spray, and detonation gun (D-
gun) thermal spray have been commonly adopted to deposit 8YSZ for thermal barrier applications.
In most of these applications, the goal of the process is to develop coatings with defects such as
pores and splat boundaries to decrease the overall thermal conductivity of the coating and reduce
microstructural features that increase the strain compliance of the rigid ceramic on higher CTE
metallic substrate. In APS TBCs, considerable porosity (15 to 25%) and cracks parallel to the
substrate in the form of splat boundaries are intentionally introduced into the coating to reduce
thermal conductivity and enhance the strain tolerance to achieve these goals [141]. In the case of
coatings produced by EB-PVD, the coatings exhibit columnar grains with abundant nanoscale
porosity and vertical gaps between columns to achieve these goals [259-262]. In the case of the
HVOF process, coatings are deposited by high velocity particle impacts that result in dense, and
often vertically cracked structures with outstanding adhesion and excellent strain compliance [141].
Finally, in the case of D-gun thermal spray, extremely high velocities of feedstock lead to
significantly improved bond strength and density [263].

It is important to understand the thermomechanical behavior of YSZ coatings as they are
susceptible to FOD and erosions during high temperature operation. It has been reported that the

erosion resistance of the coatings appears to be closely related to their fracture toughness
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[251,256,264,265]. Therefore, many attempts have been made to tailor the chemistry of coatings
for enhancing the fracture toughness of YSZ. A fracture toughness of ~17 MPa-v/m was achieved
in nanocrystalline YSZ with grain size of ~ 90 nm and Y203 concentration of 1 mol % [20]. A
small amount of the stabilizer in nanocrystalline YSZ maximizes tetragonality to the point just
before spontaneous phase transformation, thereby enhancing the transformation toughening.
Adding a small number of dopants in the YSZ matrix can also increase the fracture toughness. For
example, the addition of Ta;Os in YSZ matrix leads to distorted tetragonal lattice and thus
enhances the transformability of YSZ to monoclinic phase [19,24]. On the other hand, the
substitution of Ti** for Zr*" in 7 wt.% YSZ (7YSZ) matrix with a dominant t’ zirconia can increase
the fracture toughness by two folds as the improved tetragonality provides more efficient
ferroelastic toughening [26,30]. Wang et al. reported the hardness (8 GPa) and fracture toughness
(2 - 2.3 MPa- v/m) for APS TBCs with a segmented structure [266]. On the other hand, it was also
shown that nanostructured EBPVD TBCs with 8 mol.% Y20z exhibits an abnormally high
hardness of 21.7 GPa [267].

In this study, 8YSZ (8 wt.%) coatings were deposited at Praxair Surface Technologies
(Indianapolis, IN) using commercially relevant APS and detonation gun thermal spray processes.
These processes resulted in porous APS coatings and dense vertically cracked (DVC) coatings.
These coatings were then subjected to in situ microcompression testing at room temperature and
500°C to better understand the temperature dependent mechanical properties of these coatings. Of
particular interest was the influence of microstructures and test temperatures on the deformation

mechanisms of coatings.

6.3. Experimental Procedures

6.3.1. TBC depositions

Atmospheric plasma sprayed 8YSZ coatings were fabricated using Praxair Surface
Technologies’ proprietary plasma spray device. Argon was used as the primary gas to create the
plasma and hydrogen was added as a secondary gas. The introduction of diatomic gas (hydrogen)
increases the enthalpy of the plasma plume which is necessary to deposit materials with high
melting temperatures. The YSZ powder was fed radially into the plasma plume at 50 grams/minute

and during this process, the molten particles of YSZ were accelerated from the spray device
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towards the substrate by the momentum imparted to them by the plasma gases. Each individual
molten particle depositing on the substrate is referred to as a splat. Coating formation is governed
by the successive deposition of splats. Spray parameters were chosen to deposit a typical lamellar
coating structure with microstructural defects such as splat boundaries, interconnected and
globular porosity as well as microcracks. This would be categorized as a typical low density/porous
APS TBC.

The DVC coatings were deposited by a detonation gun (Super D-Gun™, Praxair Surface
Technologies). This process involves a series of detonations created by mixing the raw 8YSZ
powder and fuels (oxygen, acetylene, and propylene) into an elongated chamber and adding a spark
at an appropriate time. The detonation is followed by a nitrogen sweep gas to clean the chamber
before it is reloaded and fired again (8 to 16 times per second). The powder enters the chamber
prior to detonation as the material needs to acquire appropriate momentum and Kinetic energy
before impact to enhance the density and bond strength between the deposition layer and the

substrate.

6.3.2. Microstructure characterizations

Phases of the TBCs were examined by X-ray diffraction (XRD) technique on a PANalytical
Empyrean X’ pert PRO MRD diffractometer with a 2 x Ge (220) hybrid monochromator to select
Cu Kas. As-deposited TBCs were polished with a 600, 800, and 1200 grit SiC sandpapers followed
by 15, 6, 3, and 1 um diamond papers on a tripod fixture. The polished surfaces of TBCs were
further treated using ~ 20 nm colloidal silica for scanning electron microscopy (SEM) studies by
using an FEI Quanta 650 FEG SEM microscope. As-deposited specimens for transmission electron
microscopy (TEM) studies were prepared by manual polishing followed by Ar ion milling (PIPS
I, Gatan). TEM experiments were carried out on an FEI Talos 200X analytical microscope
operated at 200 kV. After micromechanical testing, an FEI Teneo VS SEM microscope equipped
with a through the lens detector was employed to examine the microstructure of deformed pillars.
With respect to post-compression analysis of the deformed pillars, gas injection system and
Omniprobe micromanipulator system were utilized to make TEM specimens from the deformed

pillars.
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6.3.3. Micropillar fabrications

Before fabricating the micropillars on the two coatings, the coatings were well polished by
fine diamond papers such that continuous and smooth surfaces were obtained. An FEI quanta 3D
FEG dual beam SEM/FIB microscope was utilized to fabricate micropillars 1.5 pum in diameter
and 3.3 um in height within the coatings with the apparent loading direction for compression
parallel to the surface of the coatings. The aspect ratio of the pillars was ~2.2. The pillars were
fabricated in the following steps. Diamond-polished TBC samples were coated with platinum at
40 mA for 60 s in a sputter coater (Cressington 208HR) to minimize the electron charging effect
during SEM operation by enhancing the electric conductivity after being mounted on a specimen
holder with a carbon tape. Then, the sample holder was tilted by 52° to align with the Ga* ion beam
and the eucentric height was adjusted accordingly. The pillars were made using series of
decelerated currents (65 to 0.1 nA) at a 30 kV ion beam voltage to smoothen pillar surface and

minimize tapering angle (less than 2°).

6.3.4. In situ microcompression tests

In situ microcompression tests on the micropillars of APS and DVC coatings were carried
out using a nanoindentation system (Hysitron Pl 88xR) equipped with a 20 um in diameter
diamond flat punch tip. The diamond flat punch with the diameter of 20 um can cover and
compress the entire surface of the pillar top so that stress field is uniformly distributed throughout
the pillar. The TBCs were mounted on a ceramic heating stage and tightly fixed with a V-shaped
Mo clamp. After installing the nanoindentation system with the specimens inside the FEI quanta
3D FEG SEM, 15° tilt was made to better display the pillars during the compression tests. The
positions of the pillar and the tip were carefully aligned using a stage controller prior to conducting
the tests. In the case of high temperature experiments, the tip and the sample were simultaneously
heated to the set temperature (500°C) with a ramp rate of 20°C/min. The system was held at 500°C
for 30 min to acquire thermal equilibrium thereby minimizing thermal and mechanical drifts before
conducting the compression tests. The drift rate was measured to be less than 1.0 nm/s and

displacement offset was compensated accordingly.

154



6.4. Results

XRD spectra in Figure 6.1 show that both the APS and DVVC TBCs exhibited the metastable
tetragonal prime (t') phase. A zoom-in view in Figure 6.1(b) shows two peaks from (004) and
(400) t’ phase over the two-theta range of 72° to 76°. These peaks clearly differentiate the t' phase
from the equilibrium tetragonal (t) and cubic (C) phases. Prior to conducting in situ
micromechanical testing, the microstructures of APS and DVC TBCs were investigated by TEM.
Bright-field TEM micrographs of APS and DVC coatings in Figure 6.2 reveal ultra-fine grains and
preexisting intergranular cracks in both films. Grain intercept method [164] analysis showed that

the average grain size of APS coating was 323+111 nm, with a large variation of grain size. The

average grain size for the DVC coating was 169+45 nm.
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Figure 6.1. XRD patterns of APS and DVC 7 YSZ coatings. (a) The dominant phase is tetragonal
prime (t") zirconia for both TBCs, which is not transformable to monoclinic phase upon
compression owing to higher yttria concentration (8 wt%) and high rate deposition. (b) A
magnified view of XRD patterns in the range of 72 to 76° clearly distinguish the t' phase from

tetragonal (t) and cubic (C) zirconia.
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Figure 6.2. TEM images of APS and DVC Y SZs showing grain sizes and preexisting cracks with
inserted selected area diffractions. (a) Bright-field TEM image of APS TBC with preexisting
cracks. Grain intercept method reveals an average grain size of 323+111 nm. (b) TEM micrograph
of DVC YSZ with clearly resolved intergranular cracks. The average grain size is 169+45 nm.

Figure 6.3 shows SEM images of typical morphologies of the two coatings from top-down
and cross-section views. APS TBC exhibits a mixture of dense matrix and pores. For DVC TBC,
some vertical cracks and pores were occasionally observed. The micropillars fabricated by FIB of
both coatings were first compressed at room temperature. Figure 6.4 shows the pillar morphology
evolution during the in situ compression tests at different strain levels. The APS 8YSZ micropillar
in Figure 6.4(a) experienced no crack nucleation after a strain of 6% was applied; but following
the formation of a small crack at 7.5% strain, the pillar underwent catastrophic failure as identified
by the sudden stress drop in Figure 6.4(c). In contrast, the micropillar of DVC YSZ in Figure 6.4(b)
showed crack nucleation at a strain of 6%. These cracks, however, were slow to propagate into the
pillar and did not initiate immediate catastrophic failure as evidenced in the corresponding stress-

strain curve in Figure 6.4(c).
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Plan view

Figure 6.3. (a-b) Plan-view SEM images of APS and DVC TBCs after polishing. (c-d) Cross-
section SEM images of APS and DVC TBC:s after polishing.
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Figure 6.4. SEM snapshots of micropillars (~1.5 um in diameter and ~3.3 wm in height) during
in-situ compression tests at room temperature at a constant strain rate of 5x1073 s showing typical
morphology evolutions at different strain levels. (ai-a4) For the micropillars of APS TBC, no
cracks were observed at a strain of 6%, but the pillar fractured into two major pieces right after the
crack nucleation at a strain of 7.5%. (b1-bs) The DVC YSZ micropillars exhibit crack nucleation
at a strain of 6%. However, cracks slowly propagated downward into the pillar rather than showing
a catastrophic failure. (c) The stress-strain curve for APS YSZ exhibits a sudden load drop after
reaching an ultimate compressive strength of 5.8 GPa. On the other hand, the stress-strain curve
for DVC YSZ shows an ultimate compressive strength of 6 GPa at a strain of 7.5% followed by
gradual softening to a strain of 10%. See Supplementary Videos 1 and 2 for greater details.

In situ compression experiments were also conducted at 500°C. The micropillar of APS
TBC sustained a large plastic deformation (~23%) and exhibited significant dilation of the pillar
top with insignificant formation of cracks as shown in SEM micrographs in Figure 6.5(a). This
observation coincides with the stress-strain curve in Figure 6.5(c), where no prominent stress drop
is observed. For the micropillar of DVC TBC, on the other hand, prominent cracks were initiated
at the pillar top at a strain of 7%, accompanied by a stress drop in the stress-strain curve as shown
in Figure 6.5(c). The shear offset was slowly developed along the crack pathway, but no
catastrophic failure was observed until a strain of 23%. The DVC pillars reached somewhat higher
flow stress than the APS 8YSZ pillars. Figure 6.6 shows SEM images of the deformed pillars at
500°C. Pillars fabricated by APS exhibited fewer cracking events at elevated temperature than
those tested at room temperature. Also, after a large strain, 23%, the APS pillar showed substantial
dilation of the upper half portion with the presence of high-density deformation bands. In contrast,

the DVC pillar tested at 500°C showed prominent cracks propagating vertically into the pillars.
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Figure 6.5. Typical morphology evolutions of APS and DVC YSZ micropillars during in-situ
compression tests at 500°C. (ai-asz) For the APS micropillar, a few prominent cracks were
generated at a strain of 14%. The large plastic strain was accommodated mainly by the dilation of
the top section of the pillar. (bi-bs) For the DVC micropillar, cracks were nucleated at an early
stage (7% strain), but gradually and slowly propagated into the pillar such that no catastrophic
failure was observed. (d) The corresponding stress-strain curves show the flow stresses for APS
and DVC TBCsare ~1.2 and ~1.6 GPa, respectively. The stress-strain curve for DVC TBC exhibits
local load drops induced by cracks during the compression test. See Supplementary Videos 3 and
4 for greater details.

Figure 6.6. SEM images of the pillars compressed at 500°C showing typical deformation-induced
morphology changes. (a) APS pillar compressed to a strain of 23% contains a few small cracks in
the prominently dilated pillar top. The orange box revealed a high-density of deformation bands.
(b) For the DVC pillar compressed to a strain of 23%, large cracks highlighted in the orange box
propagated vertically into the pillar, which did not show significant pillar top dilation.
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To examine the deformations in a greater detail, the pillars tested at room temperature and
500°C were analyzed by TEM. The APS pillar fractured at room temperature contains a relatively
small number of defects within grains as shown in Figure 6.7. A few dislocations were observed
under weak beam dark field condition. On the other hand, for the DVC pillar fractured at room
temperature, a high density of stacking faults was frequently observed in deformed specimens
(Figure 6.8). Selected area diffraction (SAD) studies for both pillars along <111> zone axis reveal
that the intensity of two {112} diffraction spots are much brighter than that of the third {112}
diffraction dot. The dark-field TEM micrographs using three {112} diffraction spots show that the
relative incidence of two sets of tetragonal variants were larger than that of the third tetragonal

variant, indicating the occurrence of ferroelastic domain switching.

(a) APS_25°C

Compression
direction

e

Figure 6.7. TEM analyses of the APS TBC pillar compressed at room temperature. (a) Bright-field
XTEM image of the fractured pillar. (b) A grain of the fractured pillar showing dislocations and
dislocation strain field obtained by two beam condition diffraction. (c) SAD pattern of a grain in
examined along [111] zone axis. Three {112} tetragonal variants were chosen to investigate the
relative incidence of each tetragonal variant. (d-f) Dark-field TEM images of the pillar top showing
three tetragonal variants (112), (121), and (211).
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Figure 6.8. TEM analyses of the DVC TBC pillar compressed at room temperature. (a) Bright-
field XTEM image of the fractured DVC pillar. (b) A region of the fractured pillar containing a
high density of stacking faults. (c) High resolution TEM images and the inserted FFT confirming
the occurrence of stacking faults. (d) SAD pattern of the grain in Figure 6.8(b) observed along
[111] zone axis. (e-g) Dark-field TEM images of the pillar top showing relative incidence of three
tetragonal variants.

Figure 6.9 and 6.10 show the cross-sectional TEM images of the deformed APS and DVC
TBC pillars at 500°C, containing a high density of stress-induced defects in the upper half of the
deformed pillars. The APS pillar had a high density of dislocation tangles in the severely deformed
area (Figure 6.9b). In the case of the DVC pillar, stacking faults was observed near the fractured
regions of the deformed (Figure 6.10). SAD studies were carried out for both deformed pillars in
the vicinity of the pillar top along <111> zone axis. Figures 6.9(d-f) and Figure 6.10(e-g) show
dark-field TEM images using three {112} diffraction dots. The TEM micrographs showed that in
both deformed APS and DVC YSZ pillars two sets of tetragonal variants associated with
ferroelastic domains were abundant while the third tetragonal variant diminished after deformation.
On the other hand, the SAD studies on the APS and DVC pillars compressed at 25 and 500°C

reveal that there is no stress-induced phase transformation (PDF#48-0224) as shown in Figure 6.11.
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Figure 6.9. TEM analyses of the APS TBC pillar compressed at 500°C. (a) Bright-field XTEM
image of the upper half of the deformed pillar. (b) A region of the deformed pillar showing a high
density of dislocations. (c) SAD pattern examined along [111] zone axis. Three {112} tetragonal
twin variants were chosen to investigate the appearance of each tetragonal variant. (d-e) Dark-field
TEM images of the pillar top showing two tetragonal variants (112) and (121). (f) The third
tetragonal variant (211) is largely absent.
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Figure 6.10. TEM analyses of the DVC TBC pillar deformed at 500°C. (a) Bright-field XTEM
image showing overall structure of the deformed pillar containing cracks. (b) Fractured region of
the deformed pillar containing a high-density of stacking faults. (c) High resolution TEM of
stacking faults with inserted FFT. (d) SAD pattern showing {112} planes examined along the
[111] zone axis. Three {112} tetragonal variants were selected to conduct dark-field TEM
experiments. (e-g) Dark-field TEM images of the pillar top showing the absence of one tetragonal
variant in the deformed pillar top attributed to ferroelastic domain switching to the other two
tetragonal variants (e and f).
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Figure 6.11. SAD patterns on the APS and DVC pillars tested at 25 and 500°C. No cubic and
monoclinic phases were observed.

Figure 12 shows numerous stress-strain curves of APS and DVC Y SZ pillars tested at room
temperature and 500°C at a constant strain rate of 5x107 /s. The APS YSZ micropillars exhibited
a large variation of fracture strengths (0.6 ~ 6.6 GPa) when compressed at room temperature. Most
of the pillars show little plasticity after yielding, indicating catastrophic brittle fracture. On the
other hand, the DVC YSZ pillars show less dispersed fracture strengths ranging from 3.9 to 6.6
GPa when tested at room temperature. Most DVC YSZ pillars reached a few percent of strain
beyond ultimate compressive strength before the onset of a significant cracking event. When tested
at 500°C, however, both systems exhibited significantly reduced variation in fracture strength
when compared to the measurements at room temperature. At 500°C, the fracture strengths of the
APS coatings varied from 1.0 to 1.3 GPa, while the DVC YSZ pillars ranged over 1.3 ~ 1.8 GPa.
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Figure 6.12. Numerous stress-strain curves for the numerous APS and DVVC micropillars tested at
room temperature and 500°C at a strain rate of 5x10° s, The X-shaped mark represents the
fracture strain. (a) The APS micropillars compressed at room temperature show scattered fracture
strengths (0.6 ~ 6.6 GPa) resulting from preexisting cracks and pores. (b) For the DVC pillars
tested at room temperature, fracture strengths are less dispersed, ranging from 3.9 to 6.6 GPa. (c)
For the APS TBC pillars tested at 500°C, the variation of fracture strengths decreases significantly,
and the average fracture strength is ~ 1.2 GPa. (d) The DVC TBC pillars tested at 500°C also
shows less variable fracture strengths (1.3 ~ 1.8 GPa) compared to that at room temperature with
an average fracture strength of 1.6 GPa.

6.5. Discussion

6.5.1. Pillar fabrication and microstructure difference in APS and DVC coatings

As most TBC coatings have pores, it is challenging to test the mechanical behavior of these
coatings via micropillar compression tests. As the micropillar dimensions are merely several

microns, it is important to avoid the regions with large catastrophic pores or cracks while preparing
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the pillars. Testing the mechanical behavior of TBC coatings with the large pores and cracks will
introduce significant errors and uncertainty. Hence, we used the regions with acceptable porosity
to fabricate pillars so that the intrinsic mechanical properties of the materials prepared by the two
different techniques can be probed. However, fabrication of pillars on locally dense surface area
does not necessarily mean that the entire pillar structure is free from pores and cracks, simply
because there are some pores and cracks right underneath the continuous surfaces as shown in
Figure 6.13. Hence, the mechanical behavior has a natural Weibull type of distribution despite the
usage of micromechanical testing technique. There are natural differences in pore and crack sizes
between the two types of coatings. In general cracks and pores in APS pillars are larger than those
in the DVC pillars. The pillars retain the preexisting cracks and pores in such a way that their
intrinsic microstructures are reflected in the pillars tested in this study. This microstructure
difference results in obvious difference in mechanical behaviors between the two types of coatings.
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Figure 6.13. SEM images of (a) APS and (b) DVC pillars showing preexisting pores and cracks.
In general, pore and crack sizes of APS TBC pillars are larger than those of DVC TBC pillars.
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XRD studies clearly show that both the APS and DVC TBCs retain the metastable
tetragonal prime (t') phase. High rate depositions and lower tetragonality resulting from high
dopant concentrations than equilibrium t phase yield this metastable phase that inhibits phase
transformation to monoclinic zirconia when externally compressed. Meanwhile, the large grain
size difference between the two types of coatings may arise from different deposition methods.
The velocity of feedstock at the exit of the chamber for D-gun thermal spray reaches supersonic
values (~900 m/s). Moreover, the temperature of combustion flame for D-gun spray is relatively
low (~3,900°C), resulting in partial melting of feedstock in the stream, and provides shorter time
for grain growth after deposition, leading to small average grain size of ~ 169 nm for DVVC coatings
[141,263]. Whereas, APS technique completely melts the powder using ultrahigh temperature of
combustion flame (~25,000°C) and introduces much lower particle velocity (~300 m/s), and
consequently leads to larger average grain size, ~ 323 nm. The grain size difference may account
for the higher flow stress of the DVC coating than the APS coating based on the Hall-Petch relation

that shows smaller grain sizes lead to higher mechanical strength of materials [268,269].

6.5.2. Room temperature deformability of APS and DVC pillars

During room temperature testing, the stress-strain curves for both APS and DVC pillars
deviated from linearity, indicating the onset of plastic yielding, before reaching maximum stress.
In general, the vyielding of polycrystalline ceramic materials is often attributed to phase
transformation, dislocation activity, or microcracking [196]. In the current study, the dominant
phase of both types of TBCs was t' zirconia as evidenced by the XRD studies. Again, it is known
that this metastable phase suppresses transformation to the monoclinic phase upon compression as
evidenced by Figure 6.12. Additionally, a majority of ceramic materials exhibit little to no
dislocation activity at low temperatures as a result of the hampering of dislocation nucleation and
motion by strong ionic and covalent bonds. For the YSZ system, dislocation-accommodated
deformations have been observed at temperatures higher than 800°C [39,185,186,197]. Therefore,
the formation of stress-induced microcracks in the vicinity of preexisting cracks and pores may be
a main contributor to the non-elastic deformation observed in both coatings studied here. The high
density of pre-existing pores and cracks in the APS coatings lead to microcrack formation at lower
stresses than those observed in DVC coatings and hence result in less nonlinear strain as shown in

the stress-strain curves.
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Given that both APS and DVC TBCs have a significant number of processing-induced
cracks and pores, their compressive fracture strains are surprisingly high and such a phenomenon
can be interpreted from the following perspectives. First, we examine the influence of specimen
sizes on measured non-elastic strain. It was reported that the miniaturization of YSZ specimens
results in large fracture strains, reaching ~ 8%, which is considerably greater than those observed
in the bulk (~3%) [14,39,43,45,179,180,270]. Comparing to bulk specimens, the microscale
specimens often have less probability of containing fatal (large) intrinsic flaws, and an increased
surface area to volume ratio facilitates stress relaxation, thereby increasing fracture strain
significantly [14,49,50]. Second, because the tetragonal-to-monoclinic phase transformation was
suppressed by the presence of the metastable t’ phase here, the large fracture strain observed in
Figure 6.5 requires the operation of other toughening mechanism, which is most likely ferroelastic
domain switching.

In general, the observation of mechanically induced twinning is a direct evidence of
ferroelastic domain switching in zirconia [271,272]. The forbidden {112} diffractions along the
<111> zone axis emerge due to the existence of three twin variants in the tetragonal zirconia
system [28,56,271]. Accordingly, three {112} tetragonal twin variants were chosen for both
coatings to investigate occurrence of each tetragonal variant after deformation. As evidenced by
SAD studies and dark-field TEM images in Figure 6.7 and 6.8, two tetragonal variants are
abundant, whereas the third one is largely absent, as a consequence of ferroelastic switching upon
loading.

Third, the large inelastic strain in deformed coatings may also arise from defects, such as
dislocations and stacking faults. The fractured APS pillars show some evidences of dislocation
activities which somewhat contribute to non-elastic deformation. On the other hand, the fractured
DVC pillars clearly show a high density of stacking faults. The formation of stacking faults can
accommodate the plastic deformation and hamper grains from local microcracking, thereby

contributing to the high fracture strains.

6.5.3. Comparison of mechanical behavior of APS vs. DVC 8YSZ at elevated temperatures

Conducting micromechanical testing at the actual operation temperature of the turbine
engine blade (~1300°C) is extremely challenging. The state-of-the art high temperature in situ

microcompression tool cannot reach such a high temperature. Alternatively, the test temperature
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of 500°C was carefully chosen as an intermediate temperature given that homologous temperature
of the test condition (0.26Twm) is a half of that of the actual operating condition (0.52Tw). It is
recognized that the mechanical responses of the two coatings at 500°C cannot represent the actual
operation conditions, but these test results provide insight for understanding the deformation
mechanisms of the two types of TBCs at elevated temperatures.

The APS and DVC coatings deformed at 500°C show two sets of abundant tetragonal
variants and a third diminishing variant (Figure 6.9 and 6.10). Among the three variants, the
diminishing tetragonal variant has its c-axis most closely aligned with the direction of compressive
load, which indicates that the other two abundant tetragonal variants grow at the expense of the
third variant as a result of stress-induced ferroelastic switching. It has been reported that
ferroelastic domain switching remains active in YSZ up to 1000°C [39,56,179]. Therefore, the
large plastic deformations observed for both coatings at room temperature and 500°C may have a
significant contribution from the ferroelastic domain switching process.

In addition to the evidence of ferroelastic domain switching, there was also some evidence
of high temperature dislocation activity seen in the deformed APS pillars. The density of
dislocations in the pillars tested at 500°C was considerably higher than those fractured at room
temperature. This difference in defect density may also contribute to the large plastic strain
observed in the APS coatings tested at elevated temperatures. While dislocation activity is rarely
observed at intermediate temperatures in bulk ceramic materials, the non-equilibrium structures
may result from the plasma spray process that facilitates rapid mass transport and thereby
introducing dislocations during deposition of such coatings. Further investigation on the formation
mechanisms of dislocations in as-deposited coatings is necessary to support this hypothesis. The
large plastic strain of APS TBC may also be attributed to the closure of preexisting cracks and
micropores during deformation. When deformed under compression at elevated temperatures,
these preexisting small pores and cracks may no longer play a significant role in triggering the
brittle failure but may deform to accommaodate plastic strain. The decrease in variability of fracture
strength for the APS TBC at room temperature and 500°C supports this assertion and suggests that
the pores and microcracks are no longer the primary drivers for coating failure, but possibly
accommodate strain instead. On the other hand, the DVC coating has less dislocation activity and
much less preexisting cracks and pores to accommodate strain during compression at elevated

temperatures (500°C), and consequently forms large cracks.
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6.6. Conclusions

The mechanical behaviors APS and DVC 8YSZ coatings parallel to the substrates were
investigated by in situ microcompression tests at room temperature and 500°C. At room
temperature, the high density of pre-existing cracks and pores in APS TBC caused a large
dispersion of fracture strength (0.6 ~ 6.6 GPa). DVC coatings exhibits less dispersed fracture
strength (3.9 to 6.6 GPa) resulting from the relatively dense structure. At 500°C, however, APS
TBCs exhibited significantly enhanced deformability arising from deformable pores, ferroelastic
domain switching, and dislocation activities. In comparison, at the same test temperature, the DVC
coating with lower porosity and minimal dislocation activity exhibited relatively brittle behavior,
even in the presence of ferroelastic domain switching. Both APS and DVC coating pillars showed
considerably enhanced reliability of fracture behaviors at elevated temperature.
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CHAPTER 7. MICROMECHANICAL PROPERTIES OF MAGNESIA-
PARTIALLY STABILIZED ZIRCONIA (MG-PSZ) PREPARED BY
SPARK PLASMA SINTERING

7.1. Overview

Magnesia partially stabilized zirconia (Mg-PSZ) was prepared by spark plasma sintering
(SPS) with subeutectoid aging to finetune its mechanical properties. With the rapid heating and
cooling rate capability of SPS, Mg-PSZ with much smaller grain size and higher residual stress
than conventionally sintered Mg-PSZ can be produced. After 4 hr aging a significant phase
decomposition of cubic phase into tetragonal, orthorhombic, and monoclinic zirconia occurs,
which provides, in turn, a peak toughness owing to the tetragonal-to-monoclinic transformation
toughening. SPSed Mg-PSZ underwent significant destabilization after 8 hr aging attributed to the
presence of high internal stress and a high volume of grain boundaries.

7.2. Introduction

Monolithic zirconia (ZrO2) has compelling mechanical, chemical, physical, and thermal
properties, but it was of less industrial importance due to an occurrence of catastrophic fracture
induced by phase transformation upon heating and cooling [1,12]. The high-temperature phase of
tetragonal zirconia (t) transforms into monoclinic zirconia (m) at ~ 950°C upon cooling, which
causes ~ 4% volume expansion and a shear strain of 0.16 [1]. This large volume change induced
by the phase transformation can cause disastrous failure in its service as industrial components.
However, it was found that the phase transformation can be suppressed by doping lower valance
oxides such as Y203, CeO., CaO, and MgO [2-4]. As a result, tetragonal or cubic zirconia namely,
stabilized-zirconia can be obtained at room temperature, which results in the drastic improvement
of its industrial applicability. The mechanical strength and fracture toughness of stabilized zirconia
can be considerably enhanced through the tetragonal-to-monoclinic transformation occurring at
crack-tips, which can ultimately retard crack propagation [9-11]. Also, its mechanical properties
turn out tunable by adjusting a degree of stabilization (depending strongly on the heat-treatment,
dopant type, and dopant concentration) and processing techniques [20,180,270,273]. Therefore,

stabilized zirconia has become one of the most used ceramics as a reliable structural material.
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Among many possible dopants in zirconia system, magnesia (MgO) is known as the most
interesting dopant in that it can provide quite complicated microstructures and unique mechanical
properties, highly depending on its thermal treatment [1]. 9 ~ 10 mol % magnesia with balanced
zirconia is the most commonly used composition in the industry to obtain magnesia partially
stabilized zirconia (Mg-PSZ). Mg-PSZ has a lenticular shape of dispersed t-phase precipitates in
a cubic (c) zirconia matrix. This unique combination can allow retention in Mg-PSZ of both high
strength and enhanced fracture toughness [1]. A cubic solid solution of 9 ~ 10 mol% magnesia
with balanced zirconia can be acquired at sintering temperature of >1700°C and nanosized t-ZrO»
precipitates are formed upon subsequent furnace cooling. Since martensitic start temperature is
below room temperature, further heat-treatments are required to increase the size and density of t-
ZrO, precipitates through eutectoid aging (c-ZrO> - t-ZrO; + MgO, 1240°C - 1400°C) or
subeutectoid aging (c-ZrOz > t-ZrOz + MgO > m-ZrO; + MgO, <1240°C) [21]. The eutectoid
aging of the c-ZrO; solid solution can provide diffusion-controlled t-precipitate coarsening and
nucleation, but it is a sluggish process due to the low driving force [22]. Therefore, for a
commercial reason, the subeutectoid aging is commonly chosen for the thermal treatment, despite
the formation of m-ZrO- at an expense of t-ZrO2, and yet it produces one of the toughest ceramics.
For example, when aged at 1100°C for 8 hrs, the phase content of t-ZrO; increased to 47% at an
expense of c-ZrO2 (10%), which results in the contribution from transformation toughening to
fracture toughness (AKy) of 7. 53 MPa-m*2, with an insignificant hardness loss (10 GPa) [274].

Spark plasma sintering (SPS) is an electric current assisted consolidation technique where
high pulsed direct currents passing through a graphite die can generate resistance heat, thereby
allowing achievement of the theoretical density of a specimen. This technique offers the high
heating and cooling rate together with pressure, which enables rapid densification and drastic grain
size reduction [179]. In this study, we demonstrate the one-step preparation of Mg-PSZ using SPS
with two different maximum temperatures (1700°C and 1850°C), and subsequent subeutectoid
aging at 1100°C for various aging times. The microstructure evolution of SPSed Mg-PSZ is

investigated and its effect on micromechanical properties is discussed.

7.3. Materials and methods

Commercially available non-stabilized zirconia powder (TZ-0, Tosoh corp., ~ 40 nm) and

magnesia (US Research Nanomaterials, Inc., ~ 20 nm) were ball-milled with zirconia balls at 80
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rpm in methanol media for 24 hrs to obtain a homogeneous mixture (9.7 mol% MgO with balanced
zirconia). Then, the mixed slurry was dried at 80°C for 3 hrs. The dried mixture was put in a tube
furnace and heated at 500°C for 5 hrs to burn out the residual polymers and moistures. The
homogeneously mixed powder was sintered by SPS furnace (SPS-10, Thermal Technologies LLC).
The mixture was loaded in a 10 mm graphite die and placed in a chamber. The maximum
temperatures were set to 1700°C and 1850°C at a heating rate of 500°C/min and held at the
temperatures for 5 mins in a low vacuum atmosphere (107 torr). The sintering temperature was
measured by a pyrometer aiming at a hole in the middle of the graphite die. Meanwhile, a pressure
of 50 MPa was applied during the sintering experiments. After 5 mins of holding time at the
maximum temperatures, the specimens were cooled down to 1100°C for the subeutectoid aging at
a cooling rate of 500°C/min and held for 0, 0.5, 2, 4, and 8 hrs. The specimens were immediately
cooled down to room temperature at the cooling rate of 500°C/min after the heat treatment at
1100°C.

Prior to conducting microstructure analyses and microindentation experiments, SPSed
specimens were characterized by X-ray diffraction (XRD, PANalytical Empyrean). Then,
scanning electron microscopy (SEM, FEI Quanta 3D FEG scanning electron microscope) and
transmission electron microscopy (TEM, FEI TALOS F200X TEM/STEM with ChemiSTEM
technology, X-FEG, and SuperX EDS) at 200 kV were utilized to carry out microstructural and
chemical analyses. TEM specimens of the specimens were prepared by mechanical grinding,
polishing, dimpling, and subsequent low energy (2 kV) ion milling in a precision ion milling
equipment (PIPS 11, Gatan) to reduce ion milling induced damage and obtain thin area observable
in TEM.

The density of the specimens was measured by the Archimedes method. Prior to
conducting mechanical testing, the specimens were polished by a series of SiC sandpapers,
diamond pastes (~ 1 um), and colloidal silica (~ 20 nm). A microhardness tester (LECO
Corporation, LM 247AT) equipped with a Vickers tip was employed for microhardness
measurements of the polished samples. More than 20 indents were made on each sample with a
load of 1 kgf. The central region of the samples was indented to minimize the effect of
inhomogeneous microstructure resulted from the frictional force between the powders and graphite
die. The lengths of diagonal indents and cracks were measured under an SEM to calculate the

microindentation hardness and fracture toughness.
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7.4. Results

The density was measured to be > 95% by Archimedes’ principle in distilled water for all
the SPSed Mg-PSZ with maximum temperatures of 1700°C and 1850°C, and subsequently aged
for 0.5, 2, 4, and 8 hrs. Despite the short holding time (5 mins) at the maximum temperature, the
hot-pressing (50 MPa) helps the specimens to achieve nearly full density. Figs. 7.1a and b show
XRD patterns of Mg-PSZ with different aging times. As-sintered specimens without subeutectoid
aging (highlighted in black) show the nature of fully stabilized zirconia, exclusively consisting of
cubic phase represented by red diamond shapes. Also, little t-ZrO. peaks were detected for 30 min
aged specimens (highlighted in blue). After 2 hr subeutectoid aging (highlighted in red) for both
samples, the peaks from t-ZrO; precipitates (blue squares) begin showing up. In addition, m-ZrO>
(half-solid green circle) shows up for Mg-PSZ sintered at 1700°C (1700Mg-PSZ) after 2hr aging,
while the specimen sintered at 1850°C (1850Mg-PSZ) retains no apparent m-phase yet. After 4 hr
aging (highlighted in green), many peaks from m-ZrO, emerge for both specimens. After 8 hr
aging (highlighted in orange), m-ZrO, becomes the dominant phase at an expense of c- and t-
phases for 1700Mg-PSZ, while 1850Mg-PSZ still remains partly stabilized. Fig. 7.1c shows the
phase stability ratio of two samples as a function of aging time calculated on the basis of the
intensity of XRD peaks. The stability ratio is given as [275],

Intensity of 29.92°
Intensity of 28.06°+Intensity of 31.24%+Intensity of 29.92°

Stabiliy ratio = (7.2)

where 29.92° represents c- and/or t-ZrO., while 28.06°, and 31.24° come from m-ZrO. The
stability ratio of two specimens comparably decreases until aged for 2 hrs. Thereafter, the stability
ratio of 1700Mg-PSZ decreases more rapidly than that of 1850Mg-PSZ and becomes non-
stabilized zirconia after 8 hr aging. Figs. 7.1d-f show an SEM micrograph of 1700Mg-PSZ with
inverse pole figure and kernel average misorientation (KAM) map obtained by electron backscatter
diffraction (EBSD). The grain intercept method reveals an average grain size of 13.4+6.0 um.
KAM map shows the existence of significant residual stress within both grain interiors and grain
boundaries. On the other hand, 1850Mg-PSZ shows a larger grain size of 54.94+20.7 um as shown
in Fig. 7.1g and h. Also, the intensity of the residual stress for 1850Mg-PSZ was less than that for
1700Mg-PSZ and the residual stress is more prevalent along grain boundaries than within grain
interiors. To quantify the residual stress, the XRD sin?(W) method was introduced. The residual

stress can be calculation by [276],
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where @ is the in-plane rotation, W is the tilt angle to the surface normal, v is the Poisson ratio, E

is the elastic modulus, o is the residual stress, and d,, is the interplanar spacing without the

residual stress. Fig. 7.2 shows interplanar spacing of the (311) plane as a function of sin?(¥). ;;:%

and d,, in Eq. (2) can be obtained from the slope and intercept of the linear regression lines in Fig.
7.2. The XRD sin?(W) method yields the tensile residual stress of 472 and 226 MPa for 1700Mg-
PSZ and 1850Mg-PSZ without subeutectoid aging, respectively.
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Figure 7.1. XRD patterns and microstructure analyses of Mg-PSZ processed by spark plasma
sintering at 1700°C and 1850°C. (a-b) XRD patterns of Mg-PSZ sintered at 1700°C and 1850°C,
and subsequently heat-treated at 1100°C for different aging times (0, 0.5, 2, 4, and 8 hrs). For both
samples, t-phase starts showing up after 2 hr aging and m-phase emerges after 4 hr aging. (c) Phase
stability ratio of two samples as a function of aging time. A ratio of c- and t-phases to m-phase in
the sample sintered at 1700°C decreases significantly after 8hr aging. (d-f) SEM micrograph,
inverse pole figure and KAM map of Mg-PSZ sintered at 1700°C. The average grain size is 7 um
and significant residual stress is observed within grain interiors. (g-i) SEM micrograph, inverse
pole figure and KAM map of Mg-PSZ sintered at 1850°C. The average grain size is determined to
be 30 wm and residual stress is predominant along grain boundaries.
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Figure 7.2. Determination of the residual stress in as-sintered Mg-PSZ at (a) 1700 and (b) 1850°C.
Plots of d spacing of the (311) plane versus sin?(¥) yields the tensile residual stress of 472 MPa
and 226 MPa for 1700Mg-PSZ and 1850Mg-PSZ, respectively. m is the slope of the linear
regression line and do is the unstressed d spacing of the (311) plane.

Figs. 7.3a-b show TEM micrographs of 1700Mg-PSZ without subeutectoid aging, revealing

the presence of low density of nano-precipitates. The inserted selected area electron diffraction

(SAD) in Fig. 7.2a confirms that the dominant phase of the as-sintered specimen is c-ZrO,. High-

resolution TEM (HRTEM) images in Figs. 7.3c and d show the presence of nano t- and m-ZrO»

precipitates, undetectable from XRD. Scanning TEM and energy dispersive X-ray spectroscopy

(EDS) map for Zr, O, and Mg elements reveal the homogenous distribution of each element

throughout the specimen (Figs. 7.3Se-h).
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Figure 7.3. TEM micrographs of as-sintered Mg-PSZ at 1700°C. (a-b) Bright-field TEM
micrographs of as-sintered Mg-PSZ showing clear c-matrix with low density of precipitates and
bend contours. (c-d) HRTEM micrographs showing the existence of t- and m-precipitates. (e-h)
HADDF image and EDS map of as-sintered Mg-PSZ showing uniform distribution of Mg
throughout the speciemen.

On the other hand, after 2 hr aging, the 1700Mg-PSZ shows the lenticular-shaped precipitates
with significant contrast difference indicated by orange arrows in Figs. 7.3a-b. The precipitates are
identified as t- and m-ZrO> embedded in c-matrix as shown in an HRTEM micrograph in Figs.
7.3c. Scanning TEM and EDS map of 2 hr aged Mg-PSZ show homogeneous distribution of Zr
and O, and Mg deficiency in the precipitates (Fig. 7.4d-g). After 1700Mg-PSZ was aged for 4 hrs,
a density of nano precipitates (indicated by orange arrows in Fig. 7.5a) increased significantly and
twin-related m-ZrO> precipitates along a grain boundary were observed. Fig. 7.6 also shows
additional TEM micrographs of twin-related monoclinic variants nucleated from grain boundaries.
Fig. 7.5b shows an HRTEM micrograph of m-variants and the twin-relation was confirmed by an
inserted FFT. Nanoprecipitates after 4 hr aging were identified as a mixture of orthorhombic (o),
t- and m-ZrO> as shown in Fig. 7.5¢c-d. Scanning TEM image and EDS map in the same region

reveal the obvious enrichment of Zr and deficiency of Mg in m-variants and nano precipitates.
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Figure 7.4. TEM micrographs of Mg-PSZ sintered at 1700°C followed by 2 hr aging. (a) Low-
magnification bright-field TEM image showing the presence of lenticular precipitate indicated by
orange arrows. (b) Bright-field TEM micrograph of precipitates from an inserted box in Fig. (),
showing two precipitates embedded in c-matrix. () HRTEM micrograph from the precipitate of
Fig. (b), showing the presence of t-and m-phases, confirmed by the inserted FFTs. (d-g) High-
angle annular dark field (HAADF) image and EDS map of 2 hr aged Mg-PSZ showing Mg
deficiency in precipitates.
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Figure 7.5. TEM micrographs of Mg-PSZ sintered at 1700°C followed by 4 hr aging. (a) Low-
magnification bright-field TEM image showing the presence of lenticular precipitate (indicated by
orange arrows) and monoclinic variants. (b) HRTEM micrograph of monoclinic variants showing
twin-relation as evidenced by an inserted FFT. (c) HRTEM micrograph of c-matrix site showing
the presence of t- and o-phases, confirmed by inserted FFTs. (d) HRTEM image of the lenticular
precipitate, consisting mainly of m-phases confirmed by the inserted FFTs. (e-h) HAADF image
and EDS map showing the enrichment of Zr and deficiency of Mg in precipitates.
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Figure 7.6. TEM micrographs of Mg-PSZ sintered at 1700°C and subsequently aged for 4 hrs. (a-
b) Bright-field TEM micrographs showing the presence of twin-related monoclinic variants along
grain boundaries.
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Figs. 7.7a-b show the Vickers hardness and fracture toughness as a function of aging time
for 1700Mg-PSZ and 1850Mg-PSZ, respectively. The Vickers hardness was calculated by the
following equation,

1.8544F

1 kg - f /mm?] (7.2)

where HV is the Vickers hardness, F force in kg-f and d diagonal length in mm. Then, HV was

HV =

converted to a unit of GPa using a conversion factor of 0.0098. The Vickers indentation toughness
was determined by the equation suggested by Lankford [277],

Kic = 0.0782 - (HV - a2) - (o)2/5 - (57156 (7.3)
where Kic is the fracture toughness, HV the Vickers hardness, a the diagonal half-length, E the
elastic modulus (210 GPa), and c the crack length from a corner of the indent. The hardness of
as-sintered Mg-PSZ at 1700°C is 13.5 GPa and decreases monotonically to 8.0 GPa after 8 hr
aging. Meanwhile, the indentation toughness increases from 4.4 to 8.6 MPa-m*? after 4 hr aging
and decreases to 5.7 MPa-m*? after 8 hr aging thereafter. For 1850Mg-PSZ, the as-sintered
specimen shows a hardness of 12.5 GPa and it decreases monotonically to 9.2 GPa after 8hr

aging. The fracture toughness reaches the maximum value when aged for 4 hrs (8.2 MPa-m*?)

and decreases thereafter to 5.8 MPa-m*? after 8 hr aging.
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Figure 7.7. Microindentation hardness and fracture toughness as a function of aging time for Mg-
PSZ prepared by spark plasma sintering at (a) 1700 and (b) 1850°C. Hardness of Mg-PSZ
decreases monotonically with increasing aging time for both specimens. Fracture toughness
reaches to the highest value when aged for 4 hrs and decreases thereafter.
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7.5. Discussion

The maximum temperatures of 1700°C and 1850°C were chosen to compare the effect of grain
size on the microstructure evolution and the consequent mechanical properties of Mg-PSZ. When
Mg-PSZ is prepared conventionally that utilizes low heating and cooling rate (40 ~ 500 °C/h), and
long holding time (2 ~ 4 hrs), it naturally yields a large grain size of 50 ~ 100 um, comparable to
the grain size of 1850Mg-PSZ in this study [21,274,278,279]. Meanwhile, the Vickers hardness of
the as-sintered specimen at 1700°C is 13.5 GPa, higher than that of 12.5 GPa for the as-sintered
specimen at 1850°C. The apparent microstructural difference between two specimens are the grain
size confirmed by EBSD, which may yield the higher hardness for 1700Mg-PSZ than for 1850Mg-
PSZ [268,269,280]. The grain size reduction for 1700Mg-PSZ comes mainly from the lower
maximum temperature and the high heating rate (500 °C/min) enabling to minimize the exposure
of grains to an intermediate temperature region where significant grain coarsening occurs. Since
SPS is a non-equilibrium processing technique with high cooling rate capability, it can also
generate a high degree of internal residual stress which is confirmed by EBSD and the XRD sin?(W¥)
method. The higher residual stress for 1700Mg-PSZ than for 1850Mg-PSZ may be attributed to
the shorter processing time that in turn reduces the time to equilibrate the residual stress.

Two specimens exhibit the obvious difference in the phase stability in that the 1700Mg-
PSZ loses its c- and t-ZrO2 more rapidly than 1850Mg-PSZ after 4 hrs of subeutectoid aging. It
appears that internal stress within grain interiors and grain boundaries is built up as the temperature
of SPSed Mg-PSZ decreases during the rapid cooling process, and this internal stress in t-ZrO-
tends to facilitate phase transformation to m-ZrO» [17,281]. The less residual stress for 1850Mg-
PSZ (as shown in Fig. 7.1i) may be attributed to longer sintering time to release and equilibrate
the accumulated stress by grain coarsening. The drastic loss of phase stability directly impacts its
mechanical properties. For example, the hardness of both specimens decreases as c-ZrO; is
decomposed to t- and m-ZrO,. Also, both specimens exhibit the maximum toughness after 4 hr
aging due to the high density of t-ZrOg, in drastic contrast to conventionally sintered Mg-PSZ
which shows the peak toughness after 8 hr subeutectoid aging at 1100°C [274]. SPSed Mg-PSZ
exhibits early phase decomposition (confirmed by FFTs and EDS maps) presumably due to the
presence of the residual stress induced by non-equilibrium process and a high volume of grain
boundaries owing to small grain size, which is classical nucleation sites for m-ZrO; [282]. This

assertion is supported by the fact that twin-related m-ZrO; precipitates in this study are also
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commonly found near grain boundaries as shown in Fig. 7.5a and Fig. 7.6. Meanwhile, 0-ZrO,
precipitates are occasionally found in 4 hr aged Mg-ZrO, and it is known to be transformed from
t-ZrO, [283,284]. The 0-ZrO: precipitates are not easily transformable under mechanical loading
such that a large quantity of 0-ZrO, may result in a decrease of fracture toughness [285,286]. On
the other hand, the other unique precipitate, § (Mg2ZrsO12), formed during subeutectoid aging is
responsible for increasing the metastability of t-ZrO>, and thus enhance the fracture toughness of

Mg-PSZ [274,282]. However, no § phase was observed in this study.

7.6. Conclusions

In summary, 9.7 mol% Mg-PSZ was prepared by spark plasma sintering at 1700°C and
1850°C with subsequent subeutectoid aging at 1100°C. Due to the high heating and cooling rate
of SPS, Mg-PSZ retained small grain size (13.4 um) and high residual stress, which altered its
mechanical properties. A significant phase decomposition of c-ZrO; into t-, o-, and m-ZrO; for
both specimens occurred after 4 hr aging where the peak toughness with minor hardness loss was
observed. After 8 hrs of subeutectoid aging, 1700Mg-PSZ underwent more destabilization than
1850Mg-PSZ. The early phase decomposition of c-ZrO; for 1700Mg-PSZ is attributed to the
presence of high internal stress and a large volume fraction of grain boundaries, which can be

nucleation sites for the m-ZrO..
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CHAPTER 8. CONCLUSIONS AND FUTURE WORK

8.1. Conclusions

ZrO; stabilized by Y203 and MgO was prepared by conventional firing, flash sintering, spark
plasma sintering, air plasma spray, and detonation gun thermal spray, and their mechanical
properties were investigated at microscale by employing the microcompression tests. The major
findings are summarized as follows:

(1) 3YSZ with a transformable tetragonal phase was successfully prepared by flash
sintering under an electric field of 150V/cm. The flash-sintered 3YSZ retains a high density of
dislocations that may be induced by substantial mass transport induced plastic flow during flash
sintering. In-situ study on the flash sintered 3YSZ was performed at 25-650°C. At room
temperature, the micropillars show a high fracture strain (~8%) due to the stress-induced
martensitic transformation toughening but fracture catastrophically after that. A brittle-to-ductile
transition of fracture mode is observed at 400°C in the flash sintered 3YSZ due to the transition
from the phase transformation toughening to dislocation activity and grain boundary sliding. The
preexisting dislocations in the flash sintered YSZ cause an inelastic deformation at 400°C together
with early initiation of grain boundary sliding owing to nanosized grains. Strain rate jump tests
confirmed the deformation mechanisms at 450, 550, and 650°C, where a stress exponent of ~ 7
and activation energy of 145 kJ/mol are obtained. The activation energy of 145 kJ/mol is
comparable to the activation energy for oxygen vacancy migration. This study suggests that the
abundant dislocations and oxygen vacancies induced during flash sintering lead to the early
initiation of dislocation glide and climb assisted by oxygen vacancy migration.

(2) 3YSZ was successfully prepared by spark plasma sintering at ~ 1026°C. In-situ
microcompression tests of the spark plasma sintered 3YSZ were performed at 25 to 670°C, and
the microstructure of deformed pillars was investigated by TEM. The deformation mechanism at
room temperature is dominated by martensitic transformation, and the pillars exhibit brittle failure
at a strain of ~7%. At 400°C, the transformation toughening mechanism is gradually superseded
by the other inelastic deformation mechanism, grain boundary sliding. At 600°C or greater, grain
elongation with local grain separation was observed after compression, indicating that grain

boundary sliding with dislocation creep accommodation is activated.
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(3) 8 wt% YSZ TBCs prepared by air plasma spray and detonation gun thermal spray were
investigated by in-situ microcompression tests at two temperatures, room temperature and 500°C.
At room temperature, the high density of pre-existing cracks and pores in air plasma sprayed TBCs
result in scattered fracture strength, but it shows much consistent stress-strain behavior at 500°C.
Thermal sprayed TBCs exhibit less dispersed fracture strength at room temperature owing to the
dense structure. At 500°C, it shows strength degradation, but better deformability. Ferroelastic
domain switching toughening is observed in both coatings regardless of the test temperatures.
Meanwhile, dislocation activity was observed at 500°C for the air plasma sprayed TBCs and
improved deformability significantly. For the thermal sprayed TBCs, no dislocation activity is
observed.

(4) 9.7 mol% MgO doped ZrO, (Mg-PSZ) was prepared by spark plasma sintering at
1700°C and 1850°C with subsequent subeutectoid aging at 1100°C. Owing to the high heating and
cooling rate of the process (500°C/min), Mg-PSZ retains relatively smaller grain size (13.4 um)
and high residual stress than conventionally sintered Mg-PSZ (~100 um), which in turn yield high
hardness. A significant phase decomposition of the cubic phase into tetragonal, orthorhombic, and
monoclinic ZrO- is observed after 4 hr subeutectoid aging. After 8 hrs of subeutectoid aging,
1700Mg-PSZ underwent more rapid phase decomposition than 1850Mg-PSZ due to the presence
of high residual stress and high volume of grain boundaries. The highest fracture toughness can be
achieved after 4hrs of subeutectoid aging for both samples without significant hardness loss.

8.2. Comparison of deformation mechanisms for FS 3YSZ and SPS 3YSZ

Flash sintering and spark plasma sintering of 3YSZ yield comparable microstructural
characteristics such as grain size (159 nm for FS YSZ vs. 175 nm for SPS Y SZ), final mass density,
residual stress, and dominant phase (tetragonal ZrOz). Both specimens retain a significant amount
of the residual stress presumably due to rapid heating and cooling rates. Their dominant
deformation mechanisms are slightly different depending on test temperatures. For example,
dislocation activity for FS 3YSZ was triggered beyond the test temperature of 400°C, whereas the
SPS 3YSZ requires 600°C to activate dislocations. The fact that dislocation activity for FS 3YSZ
can be triggered at a much lower temperature may be attributed to the existence of abundant defects.
A high density of the pre-existing defects such as oxygen vacancies and dislocations induced
during flash sintering can remove the need for defect nucleation, and thus facilitates plastic
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deformation of FS 3YSZ at lower test temperatures. On the other hand, the as-sintered SPS 3YSZ
exhibits less dislocations, and thus a higher test temperature (600°C) is necessary to nucleate
dislocations. The onset temperature (600°C) for dislocation activities of SPS 3YSZ is still lower
than 800°C necessary for conventionally sintered 3YSZ [39]. Several factors may have contributed
to the improved plasticity in SPS 3YSZ. First, dislocations were also observed in SPS YSZ and
thus facilitate the nucleation and migration of dislocations during deformation. Second, the grain
size of SPS YSZ is typically much smaller than conventional 3YSZ, and hence grain boundaries
may facilitate deformation at reduced test temperatures. Third, the micropillars have a large
surface-to-volume ratio and may facilitate the dislocation nucleation and stress relaxation.
Another difference in deformation mechanisms between FS and SPS 3YSZ is the presence of
grain boundary sliding for SPS 3YSZ beyond 400°C. To activate grain boundary sliding, grain
boundary cohesive strength should be weakened so that grain boundaries can become the
preferential crack-pathway (intergranular fracture) upon mechanical loading. Intergranular
fracture may occur due to the strain homogenization of materials, nanovoid nucleation and
coalescence along grain boundaries, and segregation of solutes and impurities [287]. STEM EDS
reveals that SPS 3YSZ retains a high degree of Y segregation along grain boundaries as shown in
Fig. 5.18, and it may facilitate grain boundary sliding at elevated temperatures. Y in stabilized
ZrO» can produce extrinsic point defects and a corresponding space charge. A large amount of Y
segregation along grain boundaries can increase the degree of the non-stoichiometry at the
interface and produce even higher density of point defects than the lattice [236]. The higher density
of oxygen vacancies along grain boundaries may form nanovoids at elevated temperatures that can
weaken the grain boundary cohesive strength, and thus result in intergranular fracture upon a
mechanical loading. Also, different Y/Zr ratio between grain boundaries and lattices means that
the tetragonality of YSZ along grain boundaries and in lattices is different. This difference
develops a mismatch stress at the interface due to anisotropy in thermal expansion coefficient
(ag # a.) at elevated temperatures. The mismatch stress at the interface may result in the
reduction of grain boundary cohesive strength and ease grain boundary sliding. Interestingly, no
high level of Y segregation was observed in FS 3YSZ as shown in Fig. 3.1. This observation may
be attributed to the short processing time of FS 3YSZ at maximum sintering temperature. Note
that as soon as the flash event happens, the power supply was turned off to minimize grain growth.

The application of electric field was stopped right after the onset of flash, which significantly
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reduces a time for Y cation to migrate towards grain boundaries. The presence of grain boundary
sliding for SPS 3YSZ may contribute to higher critical strain than FS 3YSZ above 400°C as shown
in Fig. 8.1. Besides, the dislocation activity was observed together with grain boundary sliding for
SPS 3YSZ above 600°C, which further facilitate the plastic deformation of SPS 3YSZ.
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Figure 8.1. Critical strain versus test temperature for FS and SPS 3YSZ.

8.3. Future work

It was shown in this thesis that processing techniques can considerably alter the mechanical
properties of ZrO,. Applying an electric field during the sintering process can introduce many
defects such as vacancies, dislocations, and stacking faults, which, in turn, impact the materials’
properties. Flash sintering, which applies intermediate-to-large electric field to ceramics, can be
an important processing technique to produce materials with tunable mechanical, optical, and
electrical properties. Some ceramic systems have been successfully processed by flash sintering
(ZrO2, Zn0O, TiOz, CeOy, SrTiO3, BiFeO3, MgTiOs, Al.O3, and composite materials) [59-68], and
thus future work is to investigate the mechanical behavior of flash-sintered ceramics other than
ZrO2. Among many demonstrated ceramics, preliminary investigation for the mechanical behavior

of flash-sintered ZnO is shown in this chapter.
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8.3.1. Mechanical behavior of flash sintered ZnO

8.3.1.1. Flash sintering of ZnO

Flash sintering of ZnO has been demonstrated in previous studies and does not require high
temperatures or a large electric field. For example, Schmerbauch et al. flash-sintered ZnO with a
relative density of ~ 95% under an AC electric field of ~ 160 V/cm at a furnace temperature of ~
650°C [288]. Zhang et al. investigated the effect of the atmosphere in flash sintering behavior of
ZnO and achieved ~ 97% relative density at a furnace temperature of ~ 120°C in the presence of
Ar with 5 mol% H> [154]. The increase in conductivity in the reducing environment is believed to
be responsible for the significantly reduced onset temperature of flash [154]. Bicer et al. observed
rapid densification of ZnO with a relative density of ~ 99% at a furnace temperature of 588 ~
834°C under an electric field of 50 V/mm during their in-situ energy disperse X-ray diffraction
study [289]. Recently, Phuah et al. flash-sintered ZnO under a DC electric field of 60 and 120
Vicm to study the effect of an abrupt increase in current on its microstructure by using a
transmission electron microscope [290]. They observed greater grain size in the flash-sintered ZnO
with a controlled current ramp while stacking faults were observed in both samples, presumably
due to the formation of point defects during the flash event [290].

For the preliminary study in this thesis, ZnO nanoparticles (Sigma Aldrich, MO) with particle
sizes < 100 nm were used to prepare cylindrical green bodies in a stainless-steel die under a
uniaxial pressure of 150 MPa. The green body pellets (with a diameter of 6 mm, a height of 3 mm,
and a green density of 55 ~ 60%) were inserted between parallel Pt electrodes. A pressure of 10
kPa was applied by an alumina rod to maintain good electrical contact between the green body and
electrodes. An electric field of 60 V/cm was applied to the ZnO green body after the furnace
temperature reached 700°C. After applying the electric field for 20 s, the rapid non-linear rise in
the current and power-spike were observed, as seen in Fig. 8.2a and b. The abrupt linear shrinkage
to 16% occurred at the onset of flash. Then, the FS ZnO was cooled down at a cooling rate of 25
°C/min after applying a current density of 10 A/cm? for 60 s. The density of the as-sintered ZnO
was measured to be 95% by the Archimedes method. For comparison, the ZnO green body was
heated at a rate of 10 °C/min and held at 1100°C for 60 s without an applied electric field (Fig.
8.3a). The density of the conventionally sintered (CS) ZnO was calculated to be 94% by the
Archimedes method. XRD study of FS ZnO shows the dominant phase of wurtzite (Fig. 8.2c) and
similarly for the CS ZnO (Fig. 8.3b). SEM and TEM images of the FS ZnO on the positive side

188



show very little porosity between the grains. The grain intercept method reveals that the average
grain size on the positive side of the FS ZnO is 1.3+0.3 um. On the other hand, Fig. 8.3c and d
show SEM and TEM micrographs of the CS ZnO with an average grain size of 1.74+0.6 um. The
grain morphology of the FS ZnO on the negative side was also shown in Fig. 8.4a and b for the
comparison. The average grain size of the FS ZnO on the negative side is 1.2+0.2 um.
Interestingly, stacking faults were observed in the FS ZnO, as shown in the bright-field (BF) TEM
micrograph in Fig. 8.4c and d, while no stacking fault was observed in the CS ZnO. The inverse
pole figure and GND map analyzed by ASTAR in Fig. 8.2f and g show no obvious texture
formation after sintering and initial GND density of 1.2 x 1012 m~2 on the positive side.

Meanwhile, ASTAR study on the CS ZnO reveals GND density of CS ZnOto be 1.10 x 102 m~2
(Fig. 8.39).
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Figure 8.2. Flash sintering conditions and microstructure of the flash-sintered ZnO. (a) An electric
field of 60 VV/cm was applied to the ZnO green body under the isothermal condition (700°C). After
the onset of flash sintering, a current density of 10 A/cm? was applied for 60 s. (b) The power-
spike and abrupt linear shrinkage were observed at the onset of flash sintering. (c) The XRD pattern
of the sintered ZnO reveals a typical wurtzite crystal structure. (d) SEM micrograph of the as-
sintered ZnO from the positive side showing the typical granular morphology. (¢) TEM
micrograph showing grains with an average grain size of 1.3 um, and nanovoids at the grain
boundaries. (f) Inverse pole figure crystal orientation map shows the polycrystalline nature of the
sintered ZnO with high angle grain boundaries. (g) Geometrically necessary dislocation (GND)
map shows the average GND density of the flash-sintered ZnO at the positive side is
1.2x 102 m™2
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Figure 8.3. Sintering parameter and microstructure of the conventionally sintered ZnO. (a) Green
body ZnO was heated at a heating rate of 10 °C/min and held at 1100°C for 1 min. (b) XRD pattern
of the CS ZnO shows no considerable difference in texture and peak position when compared to
the FS ZnO. (c-d) SEM and bright-field TEM micrographs of the CS ZnO show a larger grain size
(~ 2 um) than the FS ZnO. (f-g) Inverse pole figure and GND map of CS ZnO showing average
GND density of 1.10 x 1012 m~2,
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(c) Positive side

Stacking faults

r/ 7N N g d
Figure 8.4. Microstructure of the FS ZnO at the negative and positive sides. (a) SEM image of the
FS ZnO at the negative side. (b) BF TEM image of as-sintered ZnO grains at the negative side. (c-
d) TEM micrographs of the FS ZnO at the positive side show stacking faults and grain size similar
to the negative side.

8.3.1.2. Mechanical testing

Prior studies on mechanical properties of ZnO have focused primarily on one-dimensional
nanostructures, such as nanorods, nanotubes, and nanowires, due to their potential to be building
blocks of nanoelectronics or nanogenerators with high piezoelectric constants. Several theoretical
and experimental studies have suggested that there exists a strong size effect in the elastic modulus,
fracture strength and fracture strain along [0001] direction of ZnO nanostructures [291]. The
elastic modulus of ZnO nanowires tends to be higher than that of the bulk counterpart (140 GPa)
[292]. Several micromechanical testing coupled with atomic force microscopy (AFM), scanning
electron microscopy (SEM), and transmission electron microscopy (TEM) also revealed that

fracture strength and strain of ZnO nanowires increase up to ~ 14 GPa and ~ 7%, comparable to
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its theoretical values [293-295]. Studies on failure mechanisms of ZnO nanostructures suggested
that the surface irregularities and vacancy clusters formed during the nanostructure fabrication
process may become stress concentrators for crack nucleation [291]. There is no study on the
effects of flash sintering on its mechanical properties. So, this subchapter shows preliminary work
on the micromechanical behavior of flash-sintered (FS) ZnO by in-situ compression tests inside
an SEM microscope at various test temperatures up to 600°C.

Fig. 8.5 shows SEM snapshots of compressed pillars at different strain levels at various
temperatures with corresponding stress-strain curves for the FS (red and blue) and CS ZnO (black).
For the pillars compressed at room temperature (Fig. 8.5a), the FS ZnO micropillars show flow
stress of 1.19 GPa at a strain of 8%, higher than that for the CS ZnO micropillar (~ 0.90 GPa). The
FS ZnO micropillars exhibit noticeable crack from a strain of 5% that propagates downward
without a significant crack deflection. On the other hand, when tested at 200°C as shown in Fig.
8.5b, the flow stress of the FS ZnO is significantly degraded from 1.19 GPato 0.71 GPa at a strain
of 8% and it became comparable to that of the CS ZnO (0.60 GPa). The cracks were formed at the
pillar top and deflected along grain boundaries. After fracture mode changed to intergranular
cracking at 200°C, the strength degradation became inconsiderable. For instance, the flow stress
of the pillars tested at 400°C was 0.60 GPa which is compared to the value for 200°C tests (0.71
GPa) as shown in Fig. 8.5¢c. However, a higher degree of intergranular cracking at the surface of
the pillars was observed to the point where individual grains are revealed. When compressed at
600°C, the flow stress was 0.58 GPa, comparable to that for 400°C tests (0.60 GPa), but a higher
density of intergranular cracks than 400°C test was observed. On the other hand, Fig. 8.6 shows
SEM micrographs of the CS ZnO micropillars before and after compression tests at each
temperature. For the CS ZnO pillar tested at room temperature, no high density of crack is observed
similarly to the FS ZnO case. After compression test of the CS ZnO at 200°C, both intergranular
crack and shear-offset formation are observed. Especially, the intergranular crack was
concentrated near pillar top. Unlike the FS ZnO pillar tested at 400°C, The CS ZnO pillar shows
intergranular fracture, transgranular fracture, and severe dilation of the pillar at pillar bottom (Fig.
8.6¢). For the CS ZnO pillar tested at 600°C, fracture occurred along grain boundaries similar to
FS ZnO.
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Figure 8.5. In-situ microcompression tests on flash-sintered (FS) and conventionally sintered (CS)
ZnO at 25, 200, 400, and 600°C. (a) The FS ZnO micropillars have higher flow stress (1.2 GPa)
than that of the CS ZnO micropillar at 25°C. SEM snapshots of the FS ZnO pillar reveal cracks
generated at a strain of 10% and their downward propagation without a significant crack deflection.
(b) The flow stress of the FS ZnO decreased to 0.7 GPa when tested at 200°C. The flow stress of
the FS ZnO micropillars tested at 200°C is comparable to that of the CS ZnO micropillar. SEM
snapshots show the crack deflections along grain boundaries. (¢) The CS and FS pillars tested at
400°C show similar flow stress, ~ 0.6 GPa and the stress-strain curves of the FS pillars have much
less serrations. Multiple small cracks along grain boundaries were observed. (d) At 600°C,
significant serrations were observed on the flow stress-strain curve of the CS pillars. Whereas there
are much less serrations on the flow stress of FS ZnO pillars, and intergranular cracks emerged
when & = 5%. Crack density increased rapidly when ¢ = 5%.
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Figure 8.6. SEM micrographs of the CS ZnO micropillars before and after compression tests at
room temperature to 600°C. (a) SEM image shows pillar morphology after compression at room
temperature. No high density of crack was observed. (b) After compression at 200°C, both
intergranular crack and shear-offset formation were observed. (c) The pillar tested at 400°C shows
intergranular fracture near top and severe dilation of the pillar at bottom. (d) After 600°C test,
intergranular fracture near top was observed.

8.3.1.3. Post-mortem TEM analysis

After the compression test of the FS ZnO at room temperature, microstructure and
crystallographic information were obtained by TEM and ASTAR as shown in Fig. 8.7. The bright-
field TEM image in Fig. 8.7a shows a significant density of defects with an obvious transgranular
cracking in the upper half of the fractured pillar. On the other hand, grains in the lower half of the
pillar remain relatively clear and intact. Fig. 8.7b shows a dark-field TEM image of grain in the
upper half with g(1101) revealing a high density of dislocations near a grain boundary. High-
resolution TEM study along [1213] zone axis shows the existence of low angle grain boundary
(9°) with a high density of dislocations, confirmed in FFT processed high-resolution TEM image
(Fig. 8.7d). The inverse pole figure of the fractured pillar in Fig. 8.7e shows cracks penetrating
grain interiors and no obvious change in texture. Kernel average misorientation (KAM) map in
Fig. 8.7f shows a high degree of misorientation (bright green) near the fracture surface. GND map
in Fig. 8.7e reveals a significant increase in average GND density to 1.97 x 1012 m~2 after the
compression test. A high density of GNDs (yellow and red) is decorated along the fracture surface

and crack-tips indicated by orange arrows. For comparison, CS ZnO micropillar compressed at
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room temperature was also investigated by TEM as shown in Fig. 8.8. Bright-field TEM (Fig. 8.8a)
shows that a high density of defects with transgranular fracture exists in the upper half of the pillar.
Dark-field TEM, high-resolution TEM, FFT processed TEM micrographs (Fig. 8.8b-f) show that
the existence of abundant dislocations. High degree of misorientation and curved grain boundaries
were found in grains near fracture surface and crack-tip as shown in Fig. 8.8g. In addition, high
density of GND was decorated near crack-tip indicated by a green arrow and average GND density

was calculated to be 1.24 x 102 m~2,

Grain boundary T
100 nm

Figure 8.7. Microstructure of the FS ZnO micropillar compressed at room temperature (to a strain
of 14%). (a) Bright-field (BF) TEM image shows the upper half of the pillar exhibits a high density
of defects and transgranular cracks. The lower half of the pillar remains relatively intact. (b) Dark-
field (DF) TEM image of a grain in the upper region of the pillar shows a high density of
dislocations near a grain boundary. (c) High resolution TEM micrograph along the [1213] zone
axis shows the low angle grain boundary (9°) with a high density of dislocations. (d) Processed
high resolution TEM image shows the existence of abundant dislocations along (1010) planes
near the grain boundary. (e) Inverse pole figure of the fractured pillar confirms the transgranular
cracking and polycrystalline grains. (f) Kernel average misorientation (KAM) map shows high
degree of misorientation within grains near the fracture surface. () GND map shows the average
GND density of 1.97 x 102 m~2 after the compression test. A high density of GNDs is observed
near the fracture surface, crack tips, and grain boundaries.
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Figure 8.8. TEM post-analyses of the CS ZnO micropillar compressed at room temperature. (a)
BF TEM micrograph shows an obvious transgranular crack. (b) A grain near the pillar top has a
high density of defects. (c) Weak-beam DF TEM image reveals that the high-density dislocations.
(d) DF TEM image also shows dislocations near a grain boundary. (e-f) High resolution and
processed TEM micrographs confirm the presence of dislocations. (g-h) Inverse pole figure and
GND map of CS ZnO micropillar showing high density of GND near a crack-tip. Average GND
density is determined to be 1.24 x 1012 m~2.

The FS ZnO micropillar tested at 400°C also exhibits a high density of defects in the dilated
upper half as seen in Fig. 8.9a. Grains remain equiaxed and local grain separations are occasionally
found and indicated by green arrows. Fig. 8.9b shows a high density of dislocations in the severely
deformed region taken by dark-field TEM image with g(1100). A high density of dislocations was
confirmed by high resolution and FFT processed TEM micrographs along a zone axis of [0001]
in Fig. 8.9c and d. The inverse pole figure in Fig. 8.9e shows no significant changes in grain shape
and texture. KAM map shows that a significant degree of misorientation within grains highlighted
in bright green occurs in the upper half of the pillar (Fig. 8.9¢). Fig. 8.9f shows that a high density
of GND is decorated in the upper half. The average GND density of the pillar was calculated to be
1.65 x 1012 m~2,
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shows prominent dilation of the upper half of the tested pillar. Local grain separations are indicated
by green arrows. (b) DF TEM image of a grain in the upper deformed region shows a high density
of dislocations. (c-d) High resolution and FFT processed TEM micrographs along the [0001] zone
axis show high-density dislocations. (e) Inverse pole figure of the compressed pillar shows
insignificant changes in the grain shape after the compression test. (f) KAM map shows a high
degree of misorientation within grains in the upper half of the deformed pillar. (g) The average
GND density of the pillar is 1.65 x 102 m~2 when tested at 400°C.

A post-mortem TEM micrograph of the FS ZnO micropillar tested at 600°C in Fig. 8.10a shows
the significant dilation at the pillar top, but no local grain separation is observed. Fig. 8.10b and ¢
show bright-field TEM micrographs of several grains near pillar top retaining dislocation network
and dislocation arrays. Also, stacking faults were occasionally found (Fig. 8.10d). The Inverse
pole figure in Fig. 8.10e shows the presence of elongated grains indicated by green arrows and
slightly improved texture. KAM map in Fig. 8.10f shows that misoriented grains are present near
the pillar top. GND map reveals that there exist no regions with a high density of dislocations (Fig
6e) and the average GND density was determined to be 1.16 x 1012 m~2 which is comparable to
that of as-sintered ZnO. Fig. 8.11 shows post-mortem TEM micrographs of the CS ZnO micropillar
tested at 600°C. Similar to the FS ZnO micropillars tested at 600°C, CS ZnO micropillar also shows
the dilated pillar top to accommodate 16% strain without cracking (Fig. 8.11a). A high density of
dislocations and cellular structure were observed by bright-field TEM and scanning TEM (STEM)

micrographs, respectively, near a top portion of the compressed pillar. Inverse pole figure of the
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deformed pillar reveals that high density of nanograins exists near pillar top. The average GND
density is determined to be 1.08 x 1012 m~2, comparable to that of CS ZnO before deformation.
Fig. 8.12a shows critical strain at which the first crack nucleates and GND density as a function of
test temperature. As test temperature increases, both critical strain and GND density monotonically
decrease. GND density of the pillar tested at 600°C becomes comparable to the reference line
(orange) for that of as-sintered ZnO. Fig. 8.12b compares flow stress collected at a strain of 8%
for FS and CS ZnO at each test temperature. Flow stress at room temperature shows a considerable
difference between the two samples, but the difference becomes insignificant with increasing test
temperature. Also, there exists significant strength degradation when the test temperature increases

to 200°C. Once the test temperature is above after 200°C, no considerable degradation is observed.

4 500 nm l:. 500 nm JQ ‘ 00.nm

Figure 8.10. Microstructure of the FS ZnO micropillar deformed at 600°C. (a) TEM micrograph
shows obvious dilation of the pillar top. No significant grain separation was observed. (b-d) TEM
micrographs near the pillar top show dislocation networks, dislocation arrays, and stacking faults.
(e) Inverse pole figure reveals elongated grains (indicated by green arrows) at the upper half of the
pillar. (f) KAM map shows misorientation within the grains localized near the pillar top. (g)
Average GND density of the deformed pillar is 1.16 x 1012 m~2, comparable to that of as-sintered
ZnO.
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Figure 8.11. TEM post-analyses of the CS ZnO micropillar compressed at 600°C. (a) BF TEM
micrograph of the tested pillar shows the overall pillar morphology and obvious dilation at the
pillar top. (b-d) A high density of dislocations was observed by BF TEM and STEM micrographs
near a top portion of the compressed pillar. (e-f) Inverse pole figure and GND map of the CS
micropillar showing the presence of nanograins near pillar top. Average GND density is calculated

to be 1.08 X 102 m=2.
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Figure 8.12. Variations of critical strain, GND density, and flow stress with test temperatures. (a)
The critical strain to detect cracks (blue triangle) and GND density (red square) decrease as test
temperature increases. (b) Flow stress (at a strain of 8%) for the flash-sintered and conventional
ZnO decreases with increasing test temperature. After 200°C, strength reduction is insignificant
for both types of ZnO specimens.
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